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A B S T R A C T

Haynes 282 (H282) is a gamma prime (γ′) strengthened nickel-based superalloy with applications in jet engine 
turbine components and other aerospace applications. Electron beam powder bed fusion (EB-PBF) additive 
manufacturing (AM) enables efficient fabrication of H282 by promoting in-situ γ′ precipitation. However, inte
grating AMed parts with conventionally made components is cost-effective and often necessary, requiring reli
able joining methods. This study explores friction stir welding (FSW) of as-built EB-PBF H282 using a novel 
hemispherical Si3N4 tool tilted toward the retreating side. A joint efficiency of 100 % in ultimate tensile strength 
was achieved in both as-welded and post-weld heat-treated (PWHT) conditions. UTS increased from ~ 1000 MPa 
(as-built) to ~ 1039 MPa after FSW, and ~ 1258 MPa after PWHT. FSW induced dynamic recrystallization, 
refining grain size from ~ 170 µm to ~ 7 µm in the stir zone, while also eliminating typical AM defects like 
porosity and lack of fusion. During FSW, γ′ precipitates dissolved in the SZ but were restored during PWHT along 
with other strengthening phases—Ti-, Mo-rich MC, and Cr-rich M23C6 carbides. The main strengthening mech
anisms were Hall-Petch, dislocation, and precipitation strengthening. Results are compared to FSW of solution- 
annealed AM H282 and wrought H282, confirming FSW’s effectiveness in enhancing microstructural and me
chanical performance.

1. Introduction

Haynes 282 (H282) is a γ′-strengthened nickel-based superalloy 
designed for the production of hot-section components in gas turbines 
used in aircraft engines and power plants [1]. It is also considered a 
promising material for rotor, blade, and exhaust casing components in 
the next generation of advanced ultra-supercritical power plants, 
capable of withstanding operating temperatures up to 760 ◦C and 
pressures up to 31 MPa [2]. The alloy’s high-temperature strength is 
primarily due to the presence of L12 γ′ precipitates and carbides. H282′s 
superior tensile and creep properties, compared to other typical nickel- 
based superalloys such as Waspaloy and Rene-41, are attributed mainly 
to its controlled and relatively low fraction of γ′ phase [3]. This phe
nomenon not only reduces strain-age cracking and liquation cracking 
but also enhances the alloy’s fabricability and weldability, making it 
suitable for fabrication via additive manufacturing [4].

Additive manufacturing (AM) is a technique of producing three- 

dimensional parts through layer-by-layer deposition of metallic mate
rial. The AM techniques have gained quick popularity in the last few 
years due to the ease of fabricating complex components, along with 
increased performance and structural optimization. In recent years, the 
H282 alloy was also successfully processed by various researchers 
through different AM techniques, such as direct energy deposition by 
laser (DED-L) [5], wire arc additive manufacturing (WAAM) [6], laser 
powder bed fusion (L-PBF) [7], and electron beam powder bed fusion 
(EB-PBF) [8]. The relatively low residual stresses, reduced cracking 
tendency, and in-situ formation of γ′ precipitates associated with the EB- 
PBF make it a particularly promising method for printing H282 alloy 
components [9].

The AMed parts are more expensive than castings when produced in 
large quantities due to higher upfront tooling costs and material costs 
per part [10]. However, AM can be more cost-effective for small runs of 
custom parts because of its design flexibility and ability to create com
plex geometries without requiring extensive tooling. As a result, AM is 
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typically advantageous for producing intricate components that are then 
assembled through welding to make the final product. Additionally, 
welding is extensively practical for repairing and remanufacturing 
service-damaged AMed and cast components, particularly in applica
tions such as turbine engines [11,12], where extreme environments 
make the component more susceptible to cracking [13]. Since additively 
manufactured components are expensive and feature complex geome
tries, repair and remanufacturing are often more important than 
outright replacement.

The annealed H282 alloy generally exhibits good weldability for a 
γ′-strengthened alloy, with satisfactory resistance to strain-age cracking 
[14]. However, fusion welding techniques, such as laser beam welding, 
often result in microsegregation and non-equilibrium phase trans
formations in the welds during solidification [15]. Dendritic micro
segregation leads to the formation of intermetallic secondary 
solidification phases along the dendrite boundaries and an uneven dis
tribution of secondary phase precipitates. In some cases, strengthening 
carbides (such as MC, M6C, and M23C6) also segregate in the interden
dritic regions, which can degrade the material’s performance at elevated 
temperatures [5]. Additionally, grain boundary liquation and cracking 
in the heat-affected zone (HAZ) of H282 alloy have been reported by 
several researchers [16,17].

Friction stir welding (FSW) is a solid-state joining technique that can 
potentially address the challenges of joining H282 alloy [18]. However, 
the high strength of Ni-base superalloys at the elevated welding tem
peratures in FSW leads to accelerated tool wear and often causes probe 
fractures [19]. The probe, being the most delicate part of the FSW tool, is 
particularly vulnerable due to the higher stress concentration on its 
reduced cross-section. In the absence of material softening, the increased 
resistance to linear motion of the tool contributes to probe fractures 
during the FSW of H282 alloy. The first study on FSW of H282 alloy was 
conducted by Komarasamy et al. [20], where the authors successfully 
joined wrought H282 alloy using an expensive polycrystalline cubic 
boron nitride (PCBN) tool, achieving 100 % joint efficiency compared to 
the base material. Interestingly, the creep-rupture lifetime of the joint 
was similar to that of the base metal [21]. More recently, in our previous 
study [22], we have demonstrated using a novel hemispherical dome- 
shaped tool of silicon nitride (Si3N4), tilted towards the retreating side 
(RS), to join wrought H282 alloy with 100 % joint efficiency. Here, Si3N4 
is chosen as the tool material due to its excellent fracture toughness at 
high temperatures [23]. Additionally, Si3N4 remains stable at elevated 
welding temperatures and is more cost-effective than PCBN tools. In a 
subsequent study [24], the FSW processing parameters were optimized 
at various welding speeds (30, 100, and 200 mm/min). Notably, the 
joint strength of the wrought H282 alloy remained largely unaffected by 
variations in heat input, highlighting a key advantage of FSW over 
conventional fusion welding techniques, which require stringent control 
of process parameters.

The studies mentioned above on FSW of H282 alloy focus on the 
wrought form of the alloy in a solution-annealed state, followed by post- 
weld heat treatment (PWHT). In contrast, the EB-PBF AMed alloy is in a 
precipitation-hardened state and has a coarse-grained microstructure. 
As a result, its strength and hardness in the as-built condition are 
significantly higher than those of the wrought alloy. These variations in 
strength and hardness of the base material substantially influence heat 
generation through frictional interaction and plastic deformation. 
Consequently, the material flow behavior within the weld zone changes, 
affecting the alloy’s overall weldability. Therefore, the welding pa
rameters optimized for the wrought alloy cannot be directly applied to 
the AMed alloy; instead, a detailed investigation is necessary to suc
cessfully assess the weldability of the AMed alloy. This makes it 
particularly interesting to evaluate the weldability of AMed H282 alloy 
in terms of joint strength and microstructural evolution. In this study, we 
also performed FSW on the AMed alloy after solution heat treatment. 
The solution annealing of the EB-PBF manufactured H282 alloy led to 
precipitate dissolution, resulting in reduced hardness. Finally, the joint 

strength of the EB-PBF and solution-annealed states is compared to that 
of the wrought H282 alloy. This comparison establishes a fundamental 
understanding of the variation in the weldability of H282 alloy made of 
different processing pathways i.e. wrought and AMed.

2. Materials & methods

2.1. Starting materials

In this study, the base materials for FSW are as-built EB-PBF AMed 
H282 alloy, its solution annealed one and wrought H282 alloy of di
mensions 110 (l) × 60 (w) × 3.5 (t) mm. Table 1 presents the notations 
used to refer to the base materials (sometimes referred to as starting 
materials), FSWed joints, and PWHT specimens throughout the paper. 
Table 2 represents the chemical composition of AM and W-H282 spec
imens. The detailed process parameters and manufacturing of AM plates 
by EB-PBF are reported elsewhere [8]. In the SAAM specimen, the AM 
specimen is subjected to solution annealing at 1135 ◦C for 2 hrs to dis
sove in-situ precipitated γ′ during the EB-PBF, followed by water 
quenching. Therefore, the starting materials (Haynes 282) for FSW in 
the present study are: AM, SAAM, and W-H282.

2.2. Friction stir welding and post-weld heat treatment

Friction stir welding was performed on the starting materials in a 
“bead-on-plate” configuration using a dedicated FSW setup under 
position-controlled settings. A hemispherical dome-shaped tool made of 
Si3N4 with a 7.5 mm dome radius was used for welding. The key process 
parameters for FSW are selected based on our previous studies and in
cludes a tool rotational rate of 400 rpm, a welding speed of 30 mm/min, 
a tool tilt angle of 7◦ towards the retreating side (RS), and a plunge depth 
of 3 mm [22]. The axial force during welding was monitored using in- 
built load cells within the FSW setup. Welding temperature measure
ments were taken using an infrared thermal camera (FLIR) and a K-type 
thermocouple positioned at the surface on the weld centerline. The 
schematic representation of the experimental setup and sample scheme 
is illustrated in Fig. 1.

A two-step PWHT (see Fig. 1) was performed on the joints after FSW 
following the conditions recommended by Haynes International: (i) 
aging at 1010 ◦C for 2 h, followed by air cooling (AC), and (ii) aging at 
788 ◦C for 8 h, followed by AC.

2.3. Microstructural characterization and mechanical testing

The tensile and microstructural characterization specimens were 
obtained perpendicular to the welding direction using wire electric 
discharge machining (EDM). The weld bead profile was measured using 
an optical surface profilometer (Keyence, VR320). The specimens for 
microstructural observation were progressively polished with abrasive 
paper (240 to 4000 grit) and subsequently buff-polished using a 1 µm 

Table 1 
Specimen notations.

Notation Description

AM As- Additively manufactured (in-situ precipitation strengthened) 
H282 Alloy

SAAM AM + Solution annealing at 1135 ◦C for 2 hrs
W-H282 Wrought Haynes 282 alloys (soft annealed)
AM-FSW AM + FSW
SAAM-FSW SAAM + FSW
W-H282-FSW W-H282-FSW
AM − PWHT AM-FSW + PWHT*
SAAM − PWHT SAAM-FSW + PWHT*
W-H282 −

PWHT
W-H282-FSW + PWHT*

*PWHT refers to the two-step ageing heat treatment: (Step 1) 1010 ◦C for 2 hrs 
followed by air cooling, and (Step 2) 788 ◦C for 8 hrs followed by air cooling.
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diamond suspension. Lastly, electropolishing was conducted in a solu
tion of ethanol, 2-butoxyethanol, and perchloric acid at 16 V for 8 s. The 
microstructural evolution and constituent phases in the welded zone 
were examined using a field emission scanning electron microscope (FE- 
SEM, JEOL JSM-7001FA) equipped with energy-dispersive spectroscopy 
(EDS) and electron backscattered diffraction (EBSD) attachments. The 
EBSD scans were performed with a step size of 0.2 µm. The thin foil 
specimens for transmission electron microscopy (TEM, JEOL 2100F) 
analysis were obtained from the SEM specimens’ cross-sectional surface 
using a focused ion beam milling (FIB, Hitachi FB-2000S).

The tensile specimen design ensured that the 5 mm gauge length 
encompassed the SZ allowing for an accurate evaluation of the weld 
zone’s actual tensile strength. The specimens were ground to approxi
mately 0.5 mm on the FSW surface and 1 mm from the bottom side, 
resulting in a final thickness of 2 mm, corresponding to the effective 
plunge depth. Room temperature tensile testing was performed using an 
Instron Universal Testing Machine at a 0.6 mm/min loading speed. 
Strain during tensile loading was measured through digital image cor
relation (DIC) following a previously reported method [25]. Micro
hardness mapping examination was conducted using a Vickers 
microhardness tester (Future Tech, FM-800) under a load of 100 kgf, 
with a dwell time of 15 s and a pitch of 0.25 mm on both x and y axes.

3. Results

3.1. Starting material microstructure

Fig. 2 (a-c) presents the SEM micrographs of the starting materials: 
AM, SAAM, and W-H282, respectively. The as-built EB-PBF process 
resulted in the in-situ precipitation of fine γ′ phase, which is visible in 
Fig. 2(a). The microstructure also contains Mo- and Ti-rich MC carbides, 
as indicated by the encircled region. EDS analysis, shown in Table 3, 
confirmed the elemental composition of these carbide phases. Fig. 2(b)
illustrates the dissolution of the γ′ phase during solution annealing in the 

SAAM specimen. However, the high-temperature exposure also led to 
the formation of oxides, as seen by the bright particles in Fig. 2(b). 
Interestingly, the as-built AM and SAAM specimens also show the 
presence of gas pores and a lack of fusion defects, as shown in Fig. 1s
(supplementary information). These defect are the preferenatial sites for 
the elemental segregation as shown through EDS mapping in Figs. 2s and 
3s (supplementary information). The microstructure of the W-H282 
specimen consists of intergranular interconnected carbide phases, as 
shown in Fig. 2(c), with the carbides identified as Ti- and Mo-rich pri
mary MC carbides. Therefore, the three starting materials exhibit 
distinctly different microstructures and mechanical properties, making 
them ideal for comparing the FSW behavior of the alloy.

Fig. 2(d-f) displays the EBSD inverse pole figure (IPF) maps of the 
starting materials, along with the average grain size shown in Fig. 2(g). 
The as-built AM exhibits a coarse-grained microstructure, with an 
average grain size of approximately 170 µm. Solution annealing at high 
temperature in the SAAM specimen further coarsened the grains to an 
average size of around 220 µm. Interestingly, the AM and SAAM speci
mens show elongated grains with no evidence of twin boundaries. In 
contrast, the plastic deformation and work hardening in the wrought W- 
H282 specimen (Fig. 2(f)) resulted in a fine-grained structure of 
approximately 48 µm, with large twin structures present.

3.2. Temperature, axial force during FSW, and weld bead profile

Fig. 3(a) illustrates the maximum temperature profile recorded at the 
tool-substrate interface during welding. Notably, the maximum tem
perature remains around 1050 ◦C throughout the welding process for all 
three states of H282 alloy (AM, SAAM, and W-H282). The temperature 
measurements obtained using infrared thermal imaging and thermo
couples are in perfect agreement. The welding temperature exceeds the 
γ′ solvus temperature (~ 997 ◦C) in the austenitic γ matrix, which causes 
the in-situ precipitated γ′ phase in the AM specimen to dissolve within 
the weld zone [1]. As a result, all three alloy states exhibit a weld zone 

Table 2 
Elemental composition of AMed and W-H282 base materials (wt.%).

Ni Cr Co Mo Ti Al Mn Fe Si C

W-H282 Bal. 19.49 10.36 8.55 2.16 1.52 0.05 0.37 0.05 0.072
AM Bal. 19.1 10.2 8.5 2.08 1.63 < 0.1 < 0.1 0.02 0.05

Fig. 1. Schematic representation of FSW process, specimen scheme, and PWHT cycle.
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free from γ′ precipitates in the as-welded condition.
Fig. 3(b-d) displays the surface profiles of the welds made with AM, 

SAAM, and W-H282 alloys. Interestingly, in the SAAM and W-H282 
alloys, a significant thinning of the weld zone on the advancing side (AS) 
is observed due to the asymmetrical material flow associated with the 
hemispherical shoulder profile and tool tilt toward the retreating side 
(RS) [26]. The primary causes for the thinning on the advancing side are 
the high material fluidity (due to elevated temperatures) and the 
absence of a flat shoulder, which typically constrains material flow at 
the tool periphery [27,28]. Consequently, hot material exits the weld 
zone in the form of flash. Plastic deformation is more easily facilitated 
when the material just ahead of the tool has lower strength (or hard
ness). This leads to the larger flash observed in the SAAM and W-H282 
alloys compared to the γ′ precipitation-hardened AM alloy. This is re
flected in the relatively uniform weld profile and reduced flash thickness 

in the AM alloy. Fig. 3(e) presents the axial load profile during FSW. A 
consistent axial load of approximately 12 kN was observed throughout 
the linear tool travel, indicating stable welding conditions for all three 
states of the H282 alloy.

3.3. Microstructural evolution

(i) As-welded condition

Fig. 4 (a-d) displays the SZ microstructure of the AM-FSW, SAAM- 
FSW, and W-H282 FSW specimens, respectively. Notably, the SEM mi
crographs represented in Fig. 4 were obtained at the same magnification 
as that of Fig. 2 (a-b) to compare the microstructural constituents of the 
as-welded specimen with the respective starting materials. The micro
structure of the AM-FSW specimen (Fig. 4(a)) confirms the dissolution of 
the γ′ precipitates in the welded region of the specimen. Moreover, the 
fine primary MC carbides observed in Fig. 2(a)(AM specimen) were not 
observed in the AM-FSW specimen. The welding temperature of ~ 
1050 ◦C is unlikely to dissolve these Ti and Mo-rich MC carbides. 
However, the shear stresses caused by high material flow during FSW 
may have fragmented these fine MC carbides into ultra-fine carbides 
[29]. Therefore, it becomes difficult to confirm the presence of these 

Fig. 2. SEM micrographs and EBSD IPF maps of (a,d) as-built AM, (b,e) SAAM, and (c,f) W-H282 starting materials, respectively, and (g) average grain size of 
starting materials.

Table 3 
EDS elemental composition of analysis points shown in Figs. 2(a) and (c) (at.%).

Analysis point Ti Al Cr Mo Ni

1- MC 19.62 1.33 17.48 17.22 Bal.
2- MC 54.98 − 3.09 36.98 Bal
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carbides in the SZ of the AM-FSW specimen. Comparing Figs. 2(c) and 4 
(d), the fracture and redistribution of MC carbides in the W-H282-FSW 
specimen under the influence of high material flow stresses can be 
confirmed. The coarse intergranular MC carbides dispersed in the form 
of interconnected colonies in the W-H282 specimen (Fig. 2(c)) are 
redistributed as fine and singly dispersed carbides in the W-H282-FSW 
specimen (Fig. 4(d)). The fine MC carbide phases were also confirmed in 
the SAAM-FSW specimen as shown in Fig. 4(b). The EDS analysis rep
resented in Table 4 further confirms this carbide phase as Ti and Mo-rich 
MC carbides. To summarize, the as-welded specimens in all three states 
of H282 alloy consist of finely dispersed MC carbides and no traces of γ′ 
precipitates in the welded zone. 

(ii) Post-weld heat treatment

Fig. 5 (a–b), (c–d), and (e–f) present the backscattered electron (BS- 
SEM) micrographs of the PWHT AM-FSW, SAAM-FSW, and W-H282- 
FSW specimens, respectively. Table 5 and Fig. 4s (supplementary in
formation) provide the corresponding point EDS analyses and elemental 
maps, respectively. These results confirm the presence of Mo-rich MC 
carbides and secondary Cr-rich M23C6 carbides as the key constitutional 
phases in all the PWHT specimens shown in Fig. 5. The M23C6 carbides 
were observed to nucleate preferentially along grain boundaries as 
discrete, fine particles. EDS analysis (Table 5) further verifies these 
carbides as Cr-rich secondary carbide phases.

Fig. 3. (a) Temperature profile, (b-c) Qualitative weld surface profile, (d) quantitative weld profile, (e) axial force profile during FSW of as-welded AM, SAAM, and 
W-H282.
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Interestingly, although the hardness mapping (Fig. 11, discussed 
later) indicates a significant increase in hardness following PWHT, fine γ′ 
precipitates were not visible in the SEM micrographs shown in Fig. 5. 
This absence is attributed to the extremely fine, nanometric scale of the 
γ′ precipitates, which falls below the resolution capability of standard 
SEM imaging. As a result, TEM analysis was carried out to confirm the 
presence of γ′ nano-precipitates in the weld zone of the PWHT 
specimens.

3.4. TEM analysis

The TEM analysis was conducted on the as-built AM specimen 
(starting material) and the SZ region of the AM-PWHT specimen. Fig. 6
shows the TEM micrographs and corresponding EDS maps of the as-built 
AM specimen. Figs. 6(a) and (d) show the bright field (BF) TEM mi
crographs of the specimen depicting a dense distribution of γ′ pre
cipitates in the matrix. The particle size distribution in Fig. 9 (later in the 
paper) confirms the average size of the precipitates to be ~ 69 nm. The 
selected area diffraction (SAD) pattern in Fig. 6 (b) confirms the co
herency between the γ′ precipitates and the austenitic γ matrix. The dark 
field TEM micrograph of the precipitates, along with the Fast Fourier 
transform (FFT), is also shown in Fig. 6(c). Fig. 6(e) shows the speci
men’s EDS elemental mapping, where fine Ti-rich MC carbides can be 
visualized. Additionally, the high contrast of Ti and Al in Fig. 6(e)
further confirms the precipitates as Ti- and Al-rich γ′ precipitates.

Fig. 7 shows the BF-TEM micrographs of the SZ of the AM-PWHT 
specimen. Fig. 7(a) shows the distribution of MC carbides and finely 
dispersed γ′ precipitates in the SZ of the welded specimen. The precip
itation of fine Cr-rich M23C6 carbides at the grain boundaries and other 
MC carbides is also shown in Fig. 7(d). Figs. 7(b) and (c) show the high 
magnification BF-TEM micrographs representing dense dispersion of 
extremely fine γ′ precipitates. However, the fine precipitates are beyond 
the resolution of the microscope for further analysis such as particle size 
measurement and diffraction pattern analysis. Therefore, High-Angle 
Annular Dark-Field micrographs (HAADF) are obtained from a high 
resolutiuon treansmission electron microscope as shown in Fig. 8. The 
dark contarst sphere shaped particles in Fig. 8 (a-c) are confirmed as a γ′ 
precipitates through a selected area electron diffraction (SAED) pattern 
(Fig. 8(f)). The presence of MC carbides can be visualized in Fig. 8(d)
with a corresponding diffraction pattern shown in Fig. 8(e). The average 
size of the γ′ precipitates in the SZ as measured from the HAADF mi
crographs is around 24 nm (see Fig. 9 (b)). Fig. 10 (a1-a7) shows the EDS 
mapping confirming the identified carbide phases as Ti- and Mo-rich MC 
carbides and Cr-rich M23C6 carbides. Fig. 10 (b1-b3) shows the EDS 
elemental mapping from thr HAADF micrographs further confirming the 
fine precipitates as Ti- and Al-rich γ′ precipitates.

3.5. Grain refinement

Fig. 11 (a-c) and (d-f) represent the EBSD IPF maps of as-welded and 
PWHT specimens, respectively. Fig. 11 (g) shows the variation of 
average grain size in the SZ of various specimens in the as-welded and 
PWHT conditions. Firstly, an extensive grain refinement is observed in 
the welded specimens (both as-welded and PWHT) as compared to the 
starting materials (Fig. 2 (g)). As-built AM specimen’s grain size is 
refined from ~ 170 µm in the starting material (AM) to ~ 7–8 µm in the 
SZ of AM-FSW and AM-PWHT specimens. Similarly, the grains are 
refined from ~ 220 µm in the SAAM specimen to ~ 5 µm in the SAAM- 
FSW and SAAM-PWHT specimens. The trend continues for the wrought 

Fig. 4. SEM micrographs of the SZ of as-welded (a) AM-FSW, (b-c) SAAM-FSW (d) W-H282-FSW specimens.

Table 4 
EDS point analysis corresponding to the sites shown in Fig. 4 (b) and (d) (at.%).

Analysis point Ti Al Cr Mo Ni

SAAM-FSW
1- MC 1.98 1.21 18.30 32.88 Bal
W-H282-FSW
2- MC 63.69 − 2.61 28.40 Bal.
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specimen, where the grains are refined from ~ 48 µm in the W-H282 
specimen to ~ 6–8 µm in the W-H282-FSW and W-H282-PWHT speci
mens. The significant grain refinement in all the specimens is attributed 
to the dynamic recrystallization during FSW [30]. Interestingly, in the 
PWHT specimens, the grain size is almost similar to that of the as-welded 
condition, even after exposure to a high temperature for a prolonged 
duration. This phenomenon is attributed to the precipitation of Cr-rich 

M23C6 carbides at the grain boundaries during the first stage of PWHT 
specimens [31]. These fine-grain boundary secondary carbides stabilize 
the grain boundary for the second stage of PWHT specimen (and 
consequently creep resistance) and thus avoid any significant grain 
coarsening.

3.6. Mechanical properties

Fig. 12 (a, c, e) and (b, d, f) present the microhardness maps of the as- 
welded and PWHT specimens, respectively. The as-welded specimens 
(Fig. 12(a, c, e)) exhibit three distinct regions: SZ, HAZ, and the base 
metal zone (BMZ). Additionally, an intermediate zone (IZ) with rela
tively higher hardness than the HAZ, indicated by a turquoise-blue 
color, appears between the HAZ and BMZ in the as-welded condition.

The SZ shows higher hardness in the W-H282-FSW and SAAM-FSW 
specimens as compared to the respective base material. This increase 
is mainly due to grain refinement resulting from dynamic recrystalli
zation during the FSW process, as confirmed by the EBSD analysis in 
Fig. 11. In contrast, Fig. 12(e) shows that the SZ of the AM-FSW spec
imen has lower hardness than the base material. Notably, the starting 

Fig. 5. BS-SEM micrographs of (a-b) AM- PWHT, (c-d) SAAM- PWHT, and (e-f) W-H282-PWHT specimens.

Table 5 
EDS point analysis corresponding to the sites shown in Fig. 5 (at.%).

Analysis point Al Ti Cr Mo Ni

AM-PWHT ​ ​ ​ ​
1-MC 0.71 2.62 22.21 37.62 Bal.
2-M23C6 1.28 6.15 28.27 8.20 Bal
SAAM-PWHT ​ ​ ​ ​
1-MC 0.82 2.42 21.92 32.86 Bal.
2-M23C6 1.34 2.46 38.97 12.40 Bal.
W-H282-PWHT
1-MC − 55.99 3.44 34.57 Bal.
2-M23C6 1.04 2.17 45.25 11.78 Bal
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AM material is strengthened by γ′ precipitates, which were dissolved 
during FSW due to the heat input in the AM-FSW specimen, leading to a 
lower SZ hardness than the BMZ [32]. Nevertheless, despite the loss of γ′ 
precipitates in the SZ of the AM-FSW specimen, the resulting grain 
refinement contributes to a comparable hardness to that observed in the 
W-H282-FSW and SAAM-FSW specimens. Hence, the similar hardness 
levels in the SZ across all as-welded specimens suggest that grain 
refinement is the dominant mechanism enhancing hardness in the SZ 
[33,34].

The high hardness of the IZ between HAZ and BM of the as-welded 
W-H282-FSW and SAAM-FSW specimens is attributed to the precipita
tion of γ′ strengthening phase in this region. However, this IZ in the AM- 
FSW specimen demonstrates a lower hardness than the BMZ, which can 
be attributed to the growth of existing γ′ precipitate in this region.

To further confirm this hypothesis, the TEM specimen was obtained 
from this IZ of the AM-FSW specimen as shown in Fig. 13. Fig. 13 (a-d) 
shows the BF-TEM micrographs representing the distribution of γ′ and 
MC carbides in this intermediate region. Notably, in the AM-FSW 
specimen, this region already has a γ′ precipitate before the welding. 
However, the heat input during welding leads to a growth of precipitate 
size from 69 nm in the AM specimen to ~ 76 nm in this intermediate 
region, as shown in Fig. 13 (e). The growth in particle size reflects that 
the heat accumulated in this region is sufficient for the precipitation of γ′ 
in the W-H282-FSW and SAAM-FSW specimens, and the growth of the 
existing γ′ precipitates in the AM-FSW specimens.

The microhardness distribution of PWHT specimens (Fig. 12 (b.d.f)) 
shows an extremely high hardness of the SZ, HAZ, IZ, and BMZ regions 
of W-H282-PWHT and SAAM-PWHT specimens. However, in the AM- 
PWHT specimen, the PWHT leads to the precipitation of γ′ in the SZ 
and HAZ, along with the overaging of the BMZ, leading to a reduced 

hardness as compared to the starting material. The extremely high 
hardness of the SZ in all the PWHT specimens is attributed to the com
bination of extremely fine grain size and γ′ precipitates.

Fig. 14 (a) and (b) present the nominal tensile stress–strain (SS) 
curves and the variation in average ultimate tensile strength (UTS) for 
the different specimens examined in this study. Table 6 summarizes the 
quantitative data from the SS curves in Fig. 14 (a). In all three states of 
the H282 alloy, the maximum tensile strength is observed in the PWHT 
specimens, followed by the FSWed specimens, and lastly, the starting 
material. The AM exhibits the highest UTS among the three starting 
materials, approximately 1000 MPa. This elevated strength is primarily 
attributed to the in-situ γ′ precipitation during EB-PBF. Conversely, the 
SAAM displays the lowest strength due to the dissolution of γ′ pre
cipitates during the solution annealing process. The W-H282 specimen 
shows an intermediate strength, benefiting from work hardening and a 
fine-grained structure.

During FSW of the AM specimen, two competing phenomena occur 
within the SZ. First, the high temperatures generated during welding 
lead to the dissolution of γ′ precipitates. At the same time, dynamic 
recrystallization occurs, resulting in the formation of a fine-grained 
structure and a dislocation pileup. Consequently, while the dissolution 
of γ′ precipitates reduces strength, the formation of fine grains and 
dislocation structures enhances it. This balance leads to a favorable 
combination of strength and ductility in the SZ of AM-FSW specimen. In 
contrast, in the SZs of SAAM-FSW and W-H282-FSW specimens, only 
strengthenings by grain refinement and dislocations dominate. This 
observation is further supported by calculations of the individual con
tributions from various strengthening mechanisms, as discussed in the 
next section.

Fig. 15 presents the low magnification fractographs of the tensile 

Fig. 6. (a,d) BF-STEM micrograph, (b) SAED pattern, (c) DF-TEM micrograph, and (e) EDS mapping of as-built AM specimen.
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specimens investigated in this study. The fractograph of the AM spec
imen (Fig. 15(a)) reveals a combination of fine dimples within the grain 
interior, large dimples, and cleavage facets. The large dimples are 

primarily attributed to gas pores and shrinkage porosity associated with 
the EB-PBF process. Fig. 1s (supplementary information) confirms the 
presence of significant porosity in the as-built AM structure, 

Fig. 7. BF-STEM micrographs of the SZ of the AM-PWHT specimen.

Fig. 8. (a-d) HAADF TEM micrographs, and (e-f) SAED micrographs from the SZ of AM-PWHT specimen.
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contributing to elemental segregation. These pores act as localized stress 
concentration sites during uniaxial tensile loading, leading to a cata
strophic fracture and low total elongation. These shrinkage porosities 
are eliminated in the SZ of the AM-FSW specimen due to adequate 
material mixing. The removal of porosity, combined with the extremely 
fine grain structure, results in very fine dimples in the fractured spec
imen, as seen in Fig. 15(d). The refined grains promote void nucleation 
at multiple sites, but restrict void growth, thereby enhancing the total 
elongation of the AM-FSW specimen compared to the AM specimen. 
Fig. 15(g) displays the fractograph of the AM-PWHT specimen, which 
shows dimples similar to those in the AM-FSW specimen. Notably, the 
AM-PWHT specimen contains fine Cr-rich M23C6 carbides at the grain 

boundaries and γ′ precipitates in the grain interior. During uniaxial 
tensile testing, the matrix/carbide interfaces act as preferential stress 
concentration sites, leading to void nucleation, propagation, and even
tual growth, resulting in intergranular fracture.

Fig. 15(b) shows the fractograph of the starting material, the SAAM 
specimen. Similar to the AM specimen (Fig. 15(a)), shrinkage porosity- 
induced catastrophic fracture is observed. However, despite the similar 
porosity, the SAAM specimen exhibits greater elongation than the AM 
specimen. This phenomenon is attributed to the dissolution of γ′ pre
cipitates and a corresponding reduction in hardness. As a result, 
increased dislocation accumulation occurs within the grains during 
tensile loading, promoting higher deformation (as evidenced by local 

Fig. 9. Size distribution of γ′ precipitate in (a) as-built AM, and (b) AM-PWHT specimen.

Fig. 10. TEM-EDS elemental mapping of (a) carbide phases (count map), and (b) γ′ precipitates (quantitative map) in the SZ of the AM-PWHT specimen.
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elongation) and overall elongation. In the SAAM-FSW specimen, the key 
features include the absence of porosity and precipitates, along with a 
very fine-grained microstructure. Grain refinement increases hardness 
via the Hall–Petch mechanism, decreasing total elongation. The fracto
graph of the SAAM-PWHT specimen is comparable to that of the AM- 
PWHT specimen, owing to similar strengthening mechanisms in both.

Fig. 15(c) illustrates a coarse intergranular fracture in the W-H282 
specimen, originating from intergranular coarse MC carbide colonies, as 
shown earlier in Fig. 2(c). FSW-induced material mixing transforms this 
interconnected carbide network into a distribution of uniformly 
dispersed carbides within the SZ, resulting in a mixed mode of inter
granular and transgranular fracture as shown in Fig. 15(f). Lastly, the W- 
H282-PWHT specimen exhibits characteristics similar to the AM-FSW 
and SAAM-FSW specimens, leading to a comparable fractographic 
appearance, as shown in Fig. 15(i).

4. Discussion

4.1. Dominating strengthening mechanisms

The experimental yield strength shown in Table 6 can be compared 

with the theoretical strengthening contributions from multiple mecha
nisms involved in different specimens. The major strengthening mech
anisms in this particular study are as follows: intrinsic or frictional 
strength of pure Ni (σ0), grain boundary strengthening (σgb), solid so
lution strengthening (σss), dislocation strengthening (σds), and precipi
tation strengthening (σps). Therefore, the theoretical yield strength (σb) 
can be expressed as: 

σb = σ0 + σss + σgb + σds + σps (1) 

(i) Intrinsic strength

The intrinsic or frictional strength of the pure Ni can be evaluated by 
an empirical relation reported in the previous studies as follows [35]: 

σ0 = MτCRSS (2) 

where M is denoted as the Taylor factor (M = 3 for FCC structure), and 
τCRSS is the critical resolved shear stress (17.5 MPa for Ni-based super
alloys) [36]. Therefore, from eq. (2) the σ0 can be evaluated to be ~ 
52.5 MPa. 

Fig. 11. EBSD-IPF maps of (a-c) as-welded, (d-f) PWHT specimens, and (g) average grain size distribution of various specimens.
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Fig. 12. Vickers microhardness mapping of as-welded and PWHT specimens.

Fig. 13. (a-d) BF-STEM micrographs of the intermediate zone of the AM-FSW specimen, (e) size distribution of γ′ precipitates in the IZ.
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(ii) Solid-solution strengthening

The solid solution strengthening by different elemental constituents 
can be expressed as follows [37]: 

σss =
[∑

(aic1/2
i )

2]1/2
(3) 

where ai is the strengthening constant for the solute atom i and ci is the 
concentration of solute atom i. However, since H282 is a precipitation- 
strengthened alloy and the contribution of solid solution strengthening 
is marginal, it can be neglected in the present study [38]. 

(iii) Grain boundary strengthening

The grain refinement owing to the severe plastic deformation 
induced during FSW resulted in significant strengthening contributions 
through Hall-Petch relations in the FSWed and PWHT specimens of all 
three states of H282 alloy. The strengthening contribution through this 
grain boundary strengthening mechanism can be mathematically 
calculated as follows [39]: 

σgb =
k̅
̅̅̅̅
d0

√ (4) 

where k is the Hall-Petch coefficient equal to 750 MPa μm1/2 in Ni-based 
superalloys, and d0 is the average grain size (Fig. 11(g)) [40]. 

(iv) Precipitation strengthening

The interaction of precipitates and dislocations can be governed by 
two possible mechanisms based on the particle size, i.e., Orowan looping 

and precipitate cutting [41]. The Orowan looping dominates later when 
the precipitate size is greater than 140 nm, whereas the particle shearing 
dominates in the case of fine precipitates [36]. In the present investi
gation, the γ′ particle size is well below 140 nm (as confirmed from 
Fig. 9), which indicates the dominance of the particle shearing mecha
nism. The shearing mechanism is primarily governed by the precipitate/ 
matrix coherency and the order strengthening [42]. In the H282 alloy, 
the coherent strengthening resulting from the fine γ′ can be considered 
as an overall precipitation strengthening, ignoring the strengthening 
contribution from the incoherent precipitates. Mathematically, the 
coherent precipitation strengthening can be represented as follows [35]: 

σps = 3MGδ
[
Rf
b

]1/2

(5) 

where G is the shear modulus, δ is the lattice mismatch between the 
precipitate and matrix, R is the size of γ′ precipitates, f is the volume 
fraction of precipitates, and b is the magnitude of the Burgers vector.

The volume fraction and size of the precipitates were determined 
from the TEM micrographs. TEM analysis was performed only for the as- 
built AM specimen and the AM-FSW-PWHT specimen. However, since 
the W-H282-PWHT and SAAM-PWHT specimens underwent the same 
PWHT as the AM-PWHT specimen, it can be assumed that their σps 
values are comparable to those of the AM-PWHT specimen. 

(v) Dislocation strengthening

Dislocation strengthening can be mathematically represented by 
using a Taylor hardening relationship as a function of dislocation density 
as follows [43]: 

σds = αMbGρ1/2 (6) 

where α is a coefficient based on the cubic structure of the alloy, b 
represents the magnitude of the Burgers vector, G is the shear modulus 
of the H282 alloy, and ρ is the dislocation density.

Furthermore, the density of geometrically necessary dislocations (ρ)
can be calculated from the Kernel Average Misrorientation (KAM) as 
follows [44]: 

ρ =
2KAMave

ub
(7) 

where KAMave is the average misorientation angle in radians (calculated 
to the 1st neighbour), and u is the unit length (step size).

Based on these estimations, the comparison between the various 
theoretical strengthening contributions and the experimental strengths 
is presented in Fig. 16(a). For most specimens, the predicted 

Fig. 14. (a) Tensile stress–strain plot, (b) average UTS of starting material, as-welded and PWHT specimens.

Table 6 
Quantitative mechanical properties obtained from the nominal stress–strain 
curve.

Specimen UTS 
(MPa)

YS 
(MPa)

TE 
(%)

W-H282 912 ± 4 503 ± 3 59.5 ± 0.3
W-H282-FSW 1058 ± 11 702 ± 6 34.8 ± 2.1
W-H282-PWHT 1335 ± 5 1027 ± 3 23.0 ± 0.1
SAAM 714 ± 8 330 ± 2 50.3 ± 8.5
SAAM-FSW 894 ± 25 659 ± 13 15.7 ± 3.0
SAAM-PWHT 1116 ± 52 826 ± 44 12.9 ± 0.1
AM 1000 ± 38 608 ± 14 24.7 ± 5.6
AM-FSW 1039 ± 18 692 ± 15 33.4 ± 4.5
AM-PWHT 1258 ± 7 937 ± 5 26.0 ± 1.8
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strengthening from different mechanisms aligns closely with the 
experimental yield strength, except in the cases of the SAAM-PWHT and 
W-H282 specimens. The significant deviations observed for these two 
specimens are likely due to uncertainties in the underlying assumptions, 
such as the inclusion of only geometrically necessary dislocations 
(GNDs) in the overall dislocation density calculations. Nevertheless, the 
dominant strengthening mechanisms in the as-welded specimens are the 
grain boundary strengthening and dislocation strengthening. Whereas, 
in the PWHT specimens, the grain boundary strengthening, dislocation 
strengthening, and precipitation strengthening all contribute 

significantly towards the overall strengthening of the joints. Fig. 16(b)
represents the comparison of strength and elongation achieved in the 
present study with the previous studies involving additively manufac
tured H282 alloy (in precipitation hardened condition) with various 
fusion-based techniques. The application of FSW followed by PWHT 
significantly enhances the mechanical performance of the as-built AM 
specimen, shifting it toward a superior strength-ductility combination as 
shown in Fig. 16(b). This improvement highlights the advantage of FSW 
over conventional fusion-based methods. Consequently, FSW and 
related techniques such as friction stir processing (FSP) show strong 

Fig. 15. SEM fractography of (a) as-built AM, (b) SAAM, (c) W-H282, (d) AM-FSW, (e) SAAM-FSW, (f) W-H282-FSW, (g) AM-PWHT, (h) SAAM-PWHT, and (i) W- 
H282-PWHT specimens.

Fig. 16. (a) Theoretical contribution in strengthening from various mechanisms, and (b) comparison of present results with the previously available 
studies [7,38,45–53].
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potential for crack repair and localized strengthening in additively 
manufactured H282 alloys.

5. Conclusions

In the present investigation, friction stir welding (FSW) using a novel 
hemispherical tool was conducted on three different types of Haynes 282 
(H282) Ni superalloy: EB-PBF additively manufactured (AM) in the 
precipitation-hardened state, solution-annealed AM (SAAM), and soft- 
annealed wrought (W-H282) alloy. A UTS-based welding efficiency of 
100 % was achieved for all three H282 alloy types. The key findings are 
summarized below: 

• The heat generated during FSW was sufficient to dissolve the in-situ 
precipitated γ′ in the SZ, resulting in a no-precipitate state in all three 
as-welded specimens.

• The severe plastic deformation during FSW led to dynamic recrys
tallization of grains in the SZ. The initial grain sizes of AM, SAAM, 
and W-H282 (~170 µm, 220 µm, and 54 µm, respectively) were 
refined to ~ 5–8 µm in the as-welded state. Furthermore, no signif
icant grain growth was observed in the welded specimens after post- 
weld heat treatment (PWHT).

• In the as-welded state, Ti- and Mo-rich MC carbides were the only 
constituent phases observed. The TEM analysis confirmed the pres
ence of γ′ precipitates, Cr-rich M23C6 carbides at grain boundaries, 
and MC carbides in the SZ of the joints after PWHT. The γ′ pre
cipitates in the SZ after PWHT were extremely fine of ~ 24 nm in 
size, compared to ~ 69 nm for the in-situ EB-PBF γ′ precipitates in the 
starting AM alloy.

• The hardness mapping demonstrated the presence of a wide heat- 
affected zone (HAZ) with low hardness values in the as-welded 
specimens. Following the PWHT, these softened zones were recov
ered with increased hardness values owing to the precipitation of γ′ 
phase.

• The strength of the as-welded specimens for AM, SAAM, and W-H282 
was 16 %, 25 %, and 4 % higher than that of their respective starting 
materials. After PWHT, the tensile strengths of AM, SAAM, and W- 
H282 specimens increased by ~ 46 %, 56 %, and 25 %, respectively, 
over their starting conditions.

• The enhanced strength in the as-welded specimens is attributed to 
grain boundary strengthening and dislocation strengthening. In 
contrast, the high strength of the PWHT specimens is due to a com
bination of grain boundary strengthening, dislocation strengthening, 
and precipitation strengthening.
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