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Preface

The work described in this doctoral thesis was carried out
under the guidance from Professor Dr. Gin-ya Adachi at Department
of Applied Chemistry, Faculty of Engineering, Osaka University.

The object of this thesis is preparation of the high Li* ion
conductive ceramic electrolytes. The excellent Li‘* conductive
solid electrolytes were obtained as a result of this experiment.
The author hopes that the materials obtained in this thesis would

contribute to some applications.
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Hiromichi Aono

January 1994
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Chapter 1
General Introduction

Solid electrolytes are ionic materials with a high ionic
conductivity comparable to those of molten and aqueous
electrolytes. The liquid electrolyte has various kind of carrier
ions (cations and anions), since ions easily migrate in 1liquid.
On the other hand, in general, a solid electrolyte has only one
carrier ion because the other constituent elements are necessary
to maintain the rigid skeleton. The ion migration in solid is a
peculiar behavior and the solid electrolytes have unique crystal
structures. Before the 1960'5, only stabilized zirconia and a-
Agl have been known to show high 02- and Ag* ionic
conductivities, respectively.l_5 In the stabilized cubic
zirconia, the tetra-valent Zr sites 1in Zr02 are partially
substituted for di- or tri-valent cations such as Ca(II) or
Y(ITII) ion. This partial substitution makes oXygen vacancies
produce in the cubic phase. The 02~ ions easily migrate in the
oxygen vacancies and the conductivity at 1073 K is ca. 1)(10’2 S
em™ L. Although pB-type structure 1is stable for Agl at room
temperature, the conductivity increases more than three orders of
magnitude by the phase transition from B8 to a-type structure at
323 K. The high conductivity of a-Agl is obtained by the fact
that two Ag* ions are statistically distributed over 42 Ag®
vacant sites to occupy around I~ constituent ions per an unit
cell. This a-form 1is a "liquid-like" solid. Reuter et al.
reported in 1961 that Ag3SI shows a high silver ionic

1

conductivity of 1072 S.cm™! even at room temperature.6 Then, many



of high Ag* conducting materials based on AgI have been found.” 8

In the middle of the 1960's, B-alumina (Nag0-11Al1503) was
prepared as a fast Na* ion conductor.g’10 B-alumina has a
layered structure and Na* ion migrates two dimensional Na*
conductive planes between the Al50g spinel blocks. In 1977,
Goodenough and Hong designed a three dimensional network
structure which has a suitable tunnel size for Na* migration, and
named the Naj,4ZroSiyP3_40io material as a Na* super ionic
conductor (NASICON).11:12 gince then, a lot of ionic conductors
have been discovered and numerous applications have been found.

dhe of the representative applications is a gas sensor. The
0o gas sensor using the stabilized zirconia has already been
commercialized for the control of the air/fuel ratio in the
automobile's engine introducing gases. Recently, the gas sensors
using solid electrolytes have been proposed for the detection of
various gas species such as SOX13"15, NOX16, 00217"20, 01221'23,
etc.

The most important application of Li* conducting solid
electrolytes is the material for all solid lithium battery, owing
to its 1light weight and high electrochemical potential. The
energy density (W-h-kg_l) of the 1lithium battery is about 10-fold
higher than that of the nickel-cadmium rechargeable battery. The
commercialized lithium batteries utilize some organic solvents as
the electrolyte. However, there is some fears about the leakage
of the organic electrolyte or the firing at relatively high
temperature. From these points of view, lithium solid
electrolytes based on an inorganic material have been strongly
desired and extensively investigated for the application to

rechargeable batteries with a high-energy density and long-life.



In particular, the electrolyte which shows high Li* conducting
properties at room temperature 1is a promising material. Up to
now, the highest Li* ionic conductors reported were LigN single

1 at room

crystal and glasses based on LisS (1x10'3~2x10"3 S-cm™
temperature).24_29 Li3N has a two dimensional structure, and the
conductivity of the single crystal at 300 K is as high as 1.2x10"
3 s.cm™1.24 por glasses based on Lizs, the high conductivity of
around 1x10'3 S-cm_l at room temperature was reported for the
Li9S-PoS5-Lil system and the LipS-BoSg-Lil system.26’27 This high
conductivity ascribes to the smaller bonding energy of Li*-S or
Li*-I than that of Li*-0 and the larger tunnel size in glass
materials for Li* migration than the crystallized solid.
Recently, the LiZS—SiSZ system and the LiZS~SiSZ—Li3PO4 system
have been inves1:ig'ated.28’29 The L13P04 doping with LiZS—SiSZ
increases the number of carrier Li* ions and improves the
stability toward lithium metal as an electrode material. On the
other hand, the attempt to obtain a high Li* ionic conducting
electrolyte has been made on the crystalline electrolyte. Kanno
et al. has designed the spinel-type electrolytes based on the
Lig_9xM;,xCl4 (M=Mg, Mn, Fe, or Cd), system and the highest
conductivity of 3.4x10°° S-em~1 was obtained for Liq gMgy oC1l, at
298 K.30-32 However, these high Li* conducting electrolytes are
not stable in a humid air condition because of the deliquescence.

Although oxide electrolytes are stable in avhumid air, most
investigators considered that high Li* ionic conducting materials
cannot be obtained because of the high Li*-0 bonding energy. The
highest conductivity in the oxide electrolyte was around 5)(10_5 S
em™1 at room temperature for the 7,-LizP0O4 type electrolyte such

as the LijGe0y-LigVOy system.33 A Li* super ionic conductor



(LISICON) with the Lij4Zn(GeOy4)y composition has also been
designed and prepared by Hong.34 However, the conductivity at
room temperature was considerably low (<10"6 S-cm'l). In the 7,-
LigPO,4 type structure, a tunnel size is too small for Li* to
migrate because oxygen ions occupy the site to retain as a close-
packed structure. Larger tunnel size is necessary for making Li*
migration smoother. The NASICON structure possesses more suitable
tunnel size for Na* ion than Li* ion. The NASICON skeleton is too
large for Li* ion to migrate. The suitable tunnel size for Li*
migration is expected to be obtained by reducing the lattice size
of the NASICON-type structure. Furthermore, the electrical
properties for these polycrystalline ceramic materials are
influenced by the condition of the grain boundary such as
sinterability and impurities existing at the boundaries. The
control of the grain boundary becomes a key point to prepare a
high ionic conducting polycrystalline electrolyte.

The present work deals with the NASICON-type ceramic Li*
jonic conductors. The suitable lattice size for Li' migration and
the condition of the grain boundary were investigated in order to
obtain the high Li* conductivity even at room temperature. This
thesis consists of the following six chapters.

General introduction was presented in chapter 1.

In chapter 2, the Li* solid electrolytes based on
LiTig(POy4)g, i.e. the Liq, yMyTio_x(PO4)3 (M=Al, Cr, Ga, Fe, Sc,
In, Lu, Y, or La) system and the LiTiz(PO4)3 + y(Lithium
compound) system were investigated. The conductivity enhancement

M3* ion or the

with the partial Ti%4* site substitution for
addition of lithium compounds in LiTiz(PO4)3 were described, and

the Li* ion conductive mechanism at the grain boundary were



mainly discussed.

In chapter 3, LiMgTig_4(P0O4y)3+yLing0 (M=Ge,Sn,Hf,or Zr)
system was investigated to determine the most suitable lattice
size for a Li* migration through the NASICON-type structure. The
Lio0 was added to obtain the high density samples. The
relationship between the activation energy for bulk component and
the lattice constant was described.

In chapter 4, the solid electrolytes based on LiGez(PO4)3
and LiHf5(POy4)3 was investigated. The 1lattice size for
LiGez(PO4)3 system 1is smaller than LiTiz(PO4)3 system. The
increase in lattice size for LiGeg(POy)g3 bj a larger M3* ion
substitution was fried to achieve higher conductivity. The
lattice size for Linz(PO4)3 system, on the contrary, is larger
than LiTio(PO4)3 system. Phase transition and the M3* ion
substitution were mainly discussed for LiHf,(P04) 3-based solid.

In chapter 5, the Lig,;Mg,Cro »(POy)g system was
investigated. The lattice size is similar for LigCro(PO4)3 to
LiTiz(P04)3, if NASICON-type rombohedral structure is obtained.
The electrical properties and the crystal structure were
described.

In chapter 6, concluding remarks were presented.

The contents of this doctoral thesis are composed of the

following papers.
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Chapter 2
High Tonic Conductivity for LiTiZ(P04)3—based Solid Electrolytes
2-1. Introduction

It is well known that NASICON (the Nay,,ZroPg ,Si;049
system) is a fast Na* ionic conductor with a maximum conductivity
at around x=2.0.11,12 Although the end compound of NaZro(PO4)g
shows poor conductivity, the conductivity increases with x in the
Na1+XZr2P3_XSiX012 system. _The enhancement of the conductivity
with x occurs for the NASICON-type system because of the increase
of mobile Na* ions and by a high densification of the sintered
pellet. In addition, Na* ion easily migrates in the network
structure, since the P°* site substitution for a larger si4* ion
suitably enlarges the tunnel size. However, the Lil+XZr2P3_
xSix019 system, which is a Li* analogﬁe of the Naj,4ZroP5_xSix019
system, exhibits a low ionic conductivity, because a Li* ion is
too small in size to migrate freely in their three-dimensional
network structures.

The ionic conductivity is greatly increased when Zr4+ in
Linz(P04)3 is replaced by the smaller Ti4* ion.3% The tunnels in
LiTig(POy)g are more suitable in size for the 1lithium ion
migration. Furthermore, it has been reported for LiTig(PO4)3
increases appreciably if Ti4* in the phosphate is partially
substituted by M=Ga36, Cr37, Sc35, or In38'40 systems. However,
the reasons for the conductivity enhancement by the substitution
have not been made clear because the ionic radius of the

substituted ions is very close to that of Ti4* ion.



In this chapter, the L11+XMXT12_X(PO4)3 system with various
M3* ions (M3*; smaller A13* or larger cr3*, Gad*, Fe3*, sc3+,
In3* LuS*, v3*, or La3* ion compared with Ti4* ion) was prepared
and discussed the reasons for the conductivity enhancement by the
M3* substitution. Furthermore, the lithium salt (LigP04 or

LigBOg) was used as the binder to prepare a high-density pellet.

2-2. Experimental

—Materials—

For the preparation of the Lil+xMxT12_x(PO4)3 system, a
stoichiometric mixture of LiyCO3 (99.99%), SiOy (99.999%), My0g3
(M=Al, Cr, Ga, Fe, Sc, In, Lu, Y, and La) (99.9% or 99.99%), TiOy
(99.9%), and (NH4)2HPO4 (extra pure grade), whose purities were
at least reagent grade, was ground, and heated in a platinum
crucible at 1173 K for 2 h. The resulting material was reground
into fine powder using a ball-mill for 6 h by a.wet process. The
dried powder was reheated at 1173 K for 2 h and then ball-milled
again for 12 h. The particle size of the dried powder was smaller
than 1 gm, which was determined by a centrifugal particle size
analyzer (Shimadzu SA-CP3). A suitable amount of 3% PVA solution
was added to the powder as a binder and the mixture was pressed
into pellets at the pressure of 1x108 Pa. The pellets were
sintered at 1073~1523 K for 2 h. The sintering temperature was
chosen in such a way that high density (low porosity) pellets
were obtained. Table 2-1 shows the sintering temperature
(x=0.2~0.5) and the density of the pellets (x=0.3) for the
L11+XMXT12_X(PO4)3 systems. These sintered pellets were polished

with 800 grade emery paper and gold was deposited by a vacuum



evaporation onto the both surfaces of the disc so as to obtain a
good contact between the electrolyte and the electrode.

In the case of the LiTiy(PO4)3 + y(lithium compound)
systems, the starting materials of LiTiz(P04)3 was ground and
reacted in the platinum crucible at 1173 K for 2 h. The prepared
LiTig(POy4)3 powder was reground into a fine powder with a ball-
mill for 6 h by a wet process. The mixture of LiTiz(PO4)3 powder
and the lithium salt (LigPO4 or LigBO3) was reheated at 1173 K
for 2 h and then ball-milled again for 12 h by the same process.
An extra pure grade of Li3P04: was utilized. A stoichiometric
mixture of LipCO3 and HgBOg (>99.5%) was added in the case of
LiTiz(P04)3—Li3B03 preparation. This mixture decomposes into
L13B03 by a heat treatment. A suitable amount of 3% polyvinyl
alcohol (PVA) solution was added to the powder, and the mixture
was pressed into a pellet at a pressure of 1x108 Pa. The'pellets
were sintered at 1073~1293 K for 2 h. The sintering temperature
was chosen in such a way that the maximum conductivity was

obtained.

Table 2-1. Sintering temperature for the
Liq xMiTig_4(P0O4) 3 systems.

Sintering temp. Porosity

M3* ion (X) x=0.3 (%)
Al 1253~1273 4.1
cr 1463~1523 27.9
Ga 1173~1203 8.2
Fe 1323 4.8
Sc 1473~1483 2.0
in 1273 4.4
Lu 1173 1.7
Y 1173 0.5
La 1173 0.1

10



—Measurements—

A quantitative analysis of Li* in the sintered samples was
carried out by an atomic absorption analysis. X-ray-diffraction
analysis (Cu-Ka radiation) was conducted with a Rigaku Rotaflex.
High-purity Si powder (99.99%) was used as an internal standard
for the lattice constant determination. Electrical conductivity
was measured by means of the complex-impedance method (100~1M
Hz) with LCZ Meters 4276A and 4277A from Hewlett Packard Co. The
pellet was heated up to 573K once in flowing dry N, before the
electrical measurement to eliminate the adsorbed water. Porosity
of the sintered pellets was determined by the Archimedes' method.
Scanning electron micrographs for the surface of the samples were

obtained with a JEOL JXA-733 X-ray microanalyzer.

2-3. Results and Discussion

2-3-1. NASICON structure

The NASICON-type network structure of LiM,(PO4)5 (M=tetra-
valent cation) is presented in Fig. 2-1. LiMy(PO4)3 is composed
of both MOg octahedra and PO4 tetrahedra, which are linked by
their corners to form a three dimensional network structure
(space group R§b).41'42 Two types of lithium ion sites, A; and
Ay, exist in the structure. The Ay sites are not shown in the
figure. A4 sites are fully occupied by lithium ions, and Ay sites
are completely vacant for LiMZ(PO4)3. The Ao sites are partially
occupied by the tri-valent M3* ion in the Lij yM(III)4Tig_»(PO4)3

system.

11
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Fig. 2-1. NASICON-type structure of LiMy(PO4)3, (M=tetra-valent
cation, Aj= lithium ion site). A(2) site did not show
to avoid a troublesome figure.

2-3-2. Liq yM;Tig (PO4)3, M=Al,Sc,Y,La,etc. system

—Phase—

Lattice constants versus x value for the Liy M. Tis_(POy4)g,
(M=Al,Cr,Ga,Fe,Sc,In,Lu,Y, or La) systems are presented in Fig.
2-2. Limits of phase of the Lij yMyTis_(P0O4)g systems determined
from powder X-ray analysis are plotted against the ionic radii43
of M3* and the x value in Fig. 2-3. Single (rhombohedral) and
mixed (LiTiz(PO4)3 + L13M2(P04)3) phase areas are also shown in
the same fiéure. When Ti%4* sites in LiTiZ(PO4)3 were partially
substituted by A13+, the lattice constants decreased linearly
with the increase in A13* up to x=0.4 because the ionic radius of

A13* was smaller than that of Ti4* (Fig. 2-2). The single phase

was formed up to x=0.3, while an unknown phase appeared for x>0.4

12
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(Fig. 2-3). The replaceable 1limit for an A13* ion was around
x=0.4. In the substituted system for a slightly larger cation
(cr3*, Ga3*, or Fe3*) than Ti%*, the lattice constants slightly
increased with the M3* fraction and no second phase appeared for
x<0.6. The MS* (cr3*, GaS*, or Fe3*) ion is easy to place at the
Ti4* site because its ionic radius is close to that of Ti4*. In
the sample of the substituted systems for larger Sc3* or InS*,
the lattice constants increased linearly with increase of x in
the Liq, xMyTis_5(POy)3 systems. A monoclinic phase presented as a
second phase by the excess substitution of Sc3* (x>0.3) and In3*

(x>0.4) ions for Ti4*. on the other hand, the lattice constants

3+ Y3+ 3+

for Luv", , or La analogous were the same as that for
LiTiy(PO4) 3. The replacement of the Ti4* site with Lu3*, Y3*, or
La3* did not occur because of their larger ionic radii, and this
resulted in the mixed phases of LiTiz(P04)3 and LigM9(POy)35
(M=Lu, Y, or La). The relation between the lattice constants and
the ionic radius of M3* for Lij gM(III)q gTiq 7(PO4)3 (x=0.3) is
presented in Fig. 2-4. Corresponding results of tetravalent
substituted systems for Lil.OM(IV)O.3T11_7(PO4)3 (M=Ge and Zr)
were also obtained in this study, and are shown in the same
figure. In the sample of A13*,cr3*,ca3*,Fe3*, or Sc3* substituted
systems, the lattice constants increased linearly with increasing
ionic radius. The same results were also obtained for the
tetravalent substituted systems. The lattice constants for the
In3* substitution deviated from the straight line in the figure,
since In203, used as a starting material, is easily vaporized at
elevated temperatures. The lattice constants for the trivalent

(M=Lu,Y, or La) substituted system were equal to that for

LiTiy(POy)3. From these results, the Li)  M;Tig 4(PO4)3 systems

14



are classified into two groups.

(1) A13*, cr3*, Gad*, Fe3*, sc3*, or In3* substituted systems:
Liq xMxTig_x(P0O4)3 single phase.

(2) Lud*,Y3*, or La3* systems : LiTiy(PO4)g + LigMy(PO4)g mixed

phase.
21,00} Zrd
ZSc3’
Jn”
2090¢
Crf g
o<t Lre Fe 33 3
3 . Tia’ G.a . .“t.—-u Y La
AL
2080¢ 7Ge*
855¢
°Z
s La®
AL Ti*
850t
/G

705 06 07 08 09 10
lonic radius /A

Fig. 2-4. Variation of the lattice constants vs. the ionic radius
of the M3* or M** ions.
Lij gMg, 3Tiy 7(PO4)3 systems (single phase) (@)
Lij gMg.3Tiy 7(PO4)g systems (mixed phase) (O)
LiMy gTiq 7(PO4)3 systems (&)

15



—Conductivity and sinterability—

The relation between the porosity of the sintered pellets
and the x value for the Lij yMyTis_ ((POy)3 systems is shown in
Fig. 2-5. LiTiz(PO4)3 (x=0) could not be obtained as a dense
pellet (porosity: 34%). Porosity decreased considerably by the
M3* substitution for all the systems examined. The porosity for
Y3* or La3*t mixed systems was particularly low. A second phase
formed may fill pores of the sintered LiTiz(PO4)3 phase. On the
other hand, the porosity for the Cr3+ system is higher than that
of the other systems.

Figure 2-6 presents the conductivity results with x in
the Lil+XMXT12_X(PO4)3 systems at 298K. The conductivity was
greatly enhanced by the M3* substitution and the maximum
conductivity was obtained at around x=0.3 for all the systems

examined except for the Cr3*

substituted one. The conductivity
for the sample of Lil_3M0.3Til'7(P04)3 (M=A1 or Sc) showed the
maximum value of 7x10™%4 S.cm™l at 298 K for all the MS3*
substitution systems. For the A13*,cr3*,Ga3*,Fe3*,sc3*, or InS*
substituted system, the conductivity could not be correlated with
the ionic radius of the MS* ion. In other words, the conductivity
did not depend on the deviation of the cell constants by the M3+
substitution. Astonishingly, the conductivity also greatly

increased for the LuS*, v3*, or La3*

mixed phase group compare
with the LiTiz(PO4)3, although the Ti4+ site was not replaced by
these ions. This conductivity enhancement for the mixed phase
system indicates that the M3* jon substitution and the Li* ion
insertion into A(2) sites are not the main reason for the

conductivity enhancement.

Figure 2-7 presents the temperature dependence of

16



(el (WX ‘(ur
‘@)os ‘(Mod ‘(A)en ‘(WID ‘(@ TV=KW
‘(O)0=x ‘smoishs &(Poaq)¥-Crr¥uX*ly1 eua

103 ) 86Z 3% £1TATIONPUOD °Y3 JO UOTIBIJIBA ‘9-7 ‘3Td

X
L0 90 SO0 70 €0 ¢O0 10

0
9-

§(10d )2l LI T—9

(-Wd-S 7 ¢) bo)

<
i

(ye1 (WX ‘(Wur
‘(@)°S ‘(W24 ‘(A)eD ‘(WID ‘(@) TV=N
“(O)Y0=x ‘smayshs €(Voq)X-Cy XyX+Tyq

2y3 J0J £L37sotod oYz Jo uoTljlelamvp ‘g~z 314

X
L0 90 S0 %0 €0 Z0 10 0,
®1°A ~
101
S
o
v,
.oNM
{0€
mA.Non_VNE,_\Lv

17



conductivity for Li; gAl, gTiq 7(POy4)g and Li; glag gTip 7(POy)g3.
A gentle curve appeared over the entire temperature range
studied, but no phase transition was observed from a DTA
(differential thermal analysis) measurement. The activation
energies at low and high (>500K) temperatures are about 0.35 eV
and 0.20 eV, respectively.

Figure 2-8 shows the relationship between the conductivity
at 298K and the porosity of the sintered pellets for single phase
when dopant concentrations are x=0.2 and x=0.3, and mixed phase
(x=0.3, x=0.4) in addition to the LiTiy(POy4)g phase. The
conductivity increased with the decrease of the porosity. In
other words, the conductivity greatly depended on the density of
the sintered pellets. The conductivity for the group of the mixed
phase systems (LuS*, Y3*, or La®*) was slightly smaller than that
for the single phase ones (A13*, cr3*, Ga3*, Fe3*, sc3*, or
In3+). The mixed phase systems showed high conductivity and
density in comparison with single phase LiTiz(PO4)3. In the mixed
phase system, the conductive phase on the lithium ion is the
three dimensional network in LiTiz(PO4)3, as the second phase of
LigM9(POy4)g is a lower ionic conductor which was confirmed by our
measurement in this study. The second phase is influential only
on the density of the pellet. The main reason for the
conductivity enhancement by the M3* substitution is the increase
of the sintered pellet density, which is very effective to the

existence of the second phase.

—FElectrical properties of bulk and grain boundary—
Figure 2-9 presents a typical complex impedance plot with

gold blocking electrodes. The complex impedance method has the
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Fig. 2-9. Typical complex impedance plots at 203.4 K for
Lil‘3A10.3T11.7(P04)3 sample.

0 fb

advantage for determining.both the bulk and the grain boundary
resistance of ceramics separately.45’46 The bulk resistance py
was determined from the intersection point of the semicircle to
the abscissa in a higher-frequency region. The total resistance
pptp g Was obtained from the analogous point of a lower-frequency
region. In general, the relationship between conductivity and
temperature is represented by the equation:
0 T=0 gexp(-E,/kT) [1]

where o, 1is the pre-exponential factor, E, is the activation

a
energy for a Li* migration, and k is the Boltzmann constant.
The o¢T-1/T relations of the bulk, the grain boundary, and the
total (bulk and grain boundary) conductivities for the samples of

LiTiz(P04)3 and Lil.3A10.3T11.7(P04)3 are shown in Fig. 2-10. A

straight relationship was obtained for the o¢T-1/T relation of
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both the bulk and the grain boundary. The total conductivity at
around room temperature was mainly controlled by that of the
grain boundary component. At higher temperature above ca. 500 K,
the total conductivity is expected to be controlled by that of
bulk component. A gentle curve of the total conductivity at
around 500 K is mainly ascribed to the difference in the slope of
the line in the ¢T-1/T relation between the bulk and the grain
boundary. T /°C
300 100 250  -50-70

Lir.3AlosTiiz(PQs)s

log (4T/S-cmi'K)
(@]

_2 B
_.3 R
-4}
20 30 4.0 50
710%™

Fig. 2-10. The ¢T-1/T relation of the bulk component,
the grain boundary and the total of them,
for the samples of LiTi5(PO4)3 and
Li; 3Alg.3Tiy 7(PO4)3.
bulk(@), grain boundary(Q), total(A)
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The conductivities of the bulk and the grain boundary at 298
K vs. x value for the Lij,yMyTig ;(P0O4)3 (M=Al,Sc, and Y) systems
are presented 1in. Fig. 2-11. An analogue for the activation
energies 1is also shown in Fig. 2-12. Although the activation
energy of the bulk did not change with the increase in x value
for all the systems examined, the bulk conductivity was
considerably enhanced with the M3* substitution. The change in a
skeleton size by the M3* substitution for the Liq xMxTig_5x(POy) 3
system hardly influence the Li* mobility since the conductivities
and activation energies of the bulk with the smaller A13*
substituted system were similar to those of 1larger sc3*
substituted one. Furthermore, the y3+ system, i.e. the mixed
phase (LiTiz(PO4)3 and Li3Y2(PO4)3) system also showed a high
bulk conductivity. The conductive bulk phase in this system is
only LiTiz(PO4)3. The second phase, Li3Y2(PO4)3, acts as a binder
for the dense pellet and do not influence to the bulk structure.
The activation energy of the grain boundary component decreased
by the M3* addition. The sinterability also increased with the
M3* addition. For LiTiz(PO4)3 (x=0) sample, the activation energy
of the grain boundary showed high value with poor sinterability.
The decrease in the activation energy at the grain boundary seems
to be correlated with the difference in sinterability. As a
result, the conductivity of the grain boundary is enhanced by two
order of magnitude for all the systems with the M3* substitution.
The bulk conductivity enhancement might be influenced by the
increase of the carrier Li* ion with the enhancement of the

conductivity at the grain boundary.
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2-3-3. LiTiz(P04)3 + y(Lithium compound) system

—Phases—

For LiTiz(P04)3 mixed with 1lithium salts, only the
LiTiz(P04)3 phase was clearly confirmed by the X-ray diffraction
analysis. No other peaks were found for all the sintered samples
with lithium salts. The lattice constants for the LiTig(P0y4)g
structure maintained the same value in spite of the lithium-salt
addition, suggesting that the salts did not react with
LiTiz(PO4)3. The Li content determined by the atomic absorption
analysis was found to remain a constant during the sintering
process. These lithium salts would be melted during the sintering
process, and it exists at grain boundaries as a glassy second

phase.

—Sinterability—

Figure 2-13 shows the correlation between the porosity of
the sintered pellets and the amount of the mixed 1ithium salt. A
high-density pellet could not be obtained for LiTi,(PO4)g without
lithium salts. The porosity decreased with the 1lithium salt
addition.

Figure 2-14 presents the surface microstructure of the
sintered pellets. LiTi5(PO4)g sintered at 1433 K (a) was quite
porous. Its particle size is almost the same as that of the
starting powder. For the sample sintered at 1533 K or higher (b),
the particle grew greatly, and many cracks were observed. A
durable pellet with a high mechanical strength could not be
obtained in this sample. For the sample with Li3PO4 addition (c),

grains are closely in contact with each other. Although the
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particles grew with

increasing sintering
40T LiTiPOu)s
temperature, no cracks were
observed 1in the sintered
pellets (d). This sample is 30K .
shown in higher
magnification in (e).

Astonishingly, most of the

Porosity / %
N
o

edges of the neighboring

grains in (d and e) are

101
parallel to each other. A A
[ ]
remarkable epitaxial-like R °
grain growth +took place 0 A A A . ]

0 o1 02 03 04 05

during sintering of the Mole ratio (Li salt/LiTi(PO.))

grains. The 1lithium salt

seems to act as a flux for
for LiTiz(P04)3 mixed with various

the grain growth rather lithium salts.
. LiTiq(P0Oy4)g+yLigP0Oy system(@)
than merely as a binder. 4 LiTig(P04)3+yLi3B03 system(A)

The high sinterability

leads to a high uniformity for each particle; that is to say,
probably the three-dimensional grain network exactly matches with
that of a neighboring grain. The surface of the éample with added
LigBOg is continuously smooth (f). This might indicate LigBOg
glass formation. A less porous sample was obtained with Li3B03
addition. This result also suggests the easiness of glassy
formation. The formed glassy phases may fill the pores. From
these results, the lithium-salt addition is effective to improve

the linkage between the grains.

25
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Fig. 2-14. The surface microstructure of the sintered pellets.
(a) LiTiy(POy)g (sintered at 1433 K)
(b) LiTiy(PO4)3 (sintered at 1533 K)
(¢) LiTin(PO4)3+0.2LigP0, (sintered at 1073 K)
(d) (e) LiTig(PO4)3+0.2LigP04 system (sintered at 1173 K)
(f) LiTiz(PO4)3+O.2L13BO3 system(sintered at 1073 K)
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—<Conductivity—

The o¢T-1/T relation for the systems with lithium-salt
addition is plotted in Fig. 2-15. The conductivity was greatly
enhanced by the lithium salt addition. The activation energy for
the Li* ionic conduction is also decreased by the salt addition.
The curve fof LiTig(PO4)3 is almost linear, while a gently curved
relation appeared over the entire temperature range for the
samples with lithium-salt additions; No thermal peak for a phase
transition was detected on DTA curves. The relation between the
total conductivity (bulk and grain boundary) at 298 K and the
lithium-salt content is shown in Fig. 2-16. The conductivity is
greatly enhanced by the salt addition. The conductivity decreased

with the addition of excess lithium salts because of the low

T/°C
) 300 200 100 25
N
.A.\g i .
1k . Ne LiTi2(PQ.)s + Li salt
S
.\
2 of
(<
G
5 .
s KN
o
°
-2f LiTiz(POz.)a/
_3 -
0 20 30

T710°K™
Fig. 2-15. The o¢T-1/T relation for the LiTig(P0O4)g+y(lithium
salt) system.
LiTiz(P04)3 (@)]
LiTig(P0O4)3+yLigPOy system(@)
LiTig(POy4) g+yLigBOg system(d)
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298K
A
A é
*
:~-4'
E .
% A
S / *
o /
8 ;
-5}
LiTi2PQu)s
<////
- 6 L 1 ] 1

0 0.1 02 03 04 05
Y Mole ratio (Lisalt/LiTi{POu):)

Fig. 2-16. Variation of the conductivity at 298 K for the lithium
added systems.
LiTi5(PO4) 3 (O)
LiTi,(PO4) g+yLigP0, system @
LiTi5(P04) 3+yLigBOg system (A)

conductivity of the salt. The maximum conductivity, i.e. 3.0x10_4

Secm™1

is achieved for LiTiz(PO4)3+O.2Li3BO3. The conductivity of
the LigBOg-added system showed a higher value compared with that
of LigP0,4 system. This higher conductivity for the LigBOg-added
system may be correlated with its 1ow porosity.

The conductivities of the bulk and the grain boundary could
be estimated separately from the complex impedance plots. The
temperature dependence of the conductivity for the bulk, the
grain boundary, and the total conductivity for LiTiz(PO4)3 and
LiTiz(PO4)3+O.2Li3B03 are plotted in Fig. 2-17. It seems that the
total conductivities are mainly controlled by the grain-boundary

component for this system. Therefore, the condition of the grain-

boundary such as sinterability influences the total conductivity.
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The activation energies derived from the bulk and the grain
boundary components of conductivity are shown in Fig. 2-18. The
activation energy of the bulk component was constant. This
indicates that the LiTiz(PO4)3 bulk phase did not react with the
lithium salt as mentioned previously. In the case of the grain
boundary, the activation energy decreased with 1lithium-salt
addition. Figure 2-19 shows the conductivities of the bulk and
grain boundary at 298 K. The conductivity for the grain boundary
is greatly enhanced by the salt addition. The decreases of the
porosity and the activation energy at the grain boundary both
effect appreciably the conductivity enhancement. The conductivity
for the bulk component is enhanced by the lithium-salt addition,
although its activation energy is hardly influenced.

To clarify the mechanism for the enhancement of the bulk
conductivity by the salt addition, the sintering temperature was
varied (823~1173 K) for the Li3PO4 and Li3BO3 mixed systems. The
conductivity and the sinterability increased with  increasing
sintering temperature. Figure 2-20 shows the relation between the
conductivities of the bulk and the grain boundary components at
298 K for these two systems. The same relation for the
LiTiz(PO4)3 sample is also shown in the same figure. The
conductivities of the bulk component clearly depend on those of
the grain boundary. For simplicity, it is assumed that the bulk
component is linked in series with the grain boundary component.
Lithium ions pass through the grain boundary and then come in the
bulk part of the neighboring grain. The lithium ion migration in
the grain boundary 1is a rate-determining step for the 1ion
migration, which was already shown in Figure 2-17. The ion

migration at the bulk is limited by that of the grain boundary.
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Thus the bulk conductivity also increase when the ion migration

of the grain boundary increases.

2-3-4. The necking model at grain boundary layer

—Sinterability—
Figure 2-21 preéents
the relationship between the

porosity of the sintered

pellets and the sintering

temperature. For LiTiz(PO4)3

itself, a high density

pellet could not be prepared
by sintering even at high

temperature. On the other

hand, high density pellets

were obtained by the MS*

substitution or the

coexistence of the 1lithium
Low

compound. porosity

samples can be formed at

around 900 K for the mixed

phase group. A higher
sintering temperature is
necessary to lower the

porosity of the single phase

group. The sintering

temperature for obtaining high density pellet is ca.

ca.

1500 K for M=Al1 and M=Sc,

T/°C
. 500 1000
ng A
40} e o 4 s
®
N\
*\‘UTMHQL
crack
30F
- M=A{
~ ® M=S¢
2>
o
&
LiTifPQ,); .
+ Y(Second Phase)
10
\4
M "\. 4
u crack
0 R _m . crack
500 1000 1500
Sintering Temp./ K
Fig. 2-21. Relationship between the porosity of
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respectively.

the sintered pellet and the sintering
temperature for Lij gMy gTi; 7(PO4)3
(M=Al or Sc) single phase system and
LiTiz(P04)3+y(second phase) system.
LiTig(PO4) 3 (#)
Lij 38lp.3T1y 7(POg)3 (@
Lij.3S¢c0.3T1y.7(PO4) 5 (&)
LiTip (PO4) 3+0.18LigYo(PO4) 5 (M)
LiTi5(P0y) 3+0.2L13P0, (W)

1270 K and

In the single phase



group, the variety of M3* ion influences the sintering
temperature to prepare the high density samples. These results
indicate that the sintering process is different between the
single phase group and the mixed phase group. For the single
phase system, the sinterability of the grain itself is improved

by the M3* substitution. In the case of mixed phase system, the

second phase would assist the sintering of LiTiz(PO4)3.

—Effect of the lithium content—

Table 2-2 1lists the electrical properties and the
sinterability as a function of the 1lithium content for
LiTig(PO4)g. The lithium content in LiTi5(PO4)g was adjusted by
the LiZCO3 amount mixed as a starting material. A sample of 100%
lithium content means LiTis(POy4)3 itself. The conductivity
considerably decreased and the activation energy greatly
increased by reducing the lithium content. A lithium deficient
layer might be formed at the grain boundary and becomes as a
barrier for a Li* ionic conduction. On the contrary, the
conductivity was greatly enhanced by the increase in the lithium
content. This enhancement resulted from the decrease in the
porosity and the reduction in activation energy at the grain
boundary. The high conductivity and the lower activation energy
for a 140% lithium content sample in table 2-2 are very close to
those of high conductive samples such as Lil.3M0_3Til.7(PO4)3
(M=Al or Sc) and LiTiz(PO4)3+0.2Li3PO4. The high conductive grain
boundary is easily obtained by the excessive lithium content. As
a result of it, the lithium content controls the characteristics
of the total ionic conductivity of the LiTi,(PO4)5 based solid

electrolytes.
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Table 2-2. The sintering temperature (S.T.), the
porosity for the sintered pellet, the
electrical properties at the grain boundary
vs. the lithium content(%) of LiTi,(PO4)g3.

Lithium S.T. Porosity Activation

content(%) (K) (%) energy (eV) 0298K(S~cm’1)

96 1393 36.8 0.91 <10"10
98 1393 32.2 0.91 <10-10
99 1393 33.4 0.52 1.5x10°7

100 1393 34.0 0.48 2.0x10°8

104 1393 33.1 0.47 6.6x1076

108 1393 13.8 0.36 2.3x107°

112 1343 14.0 0.38 1.7x107°

116 1343 12.0 0.37 4.3x107°

140 1073 4.1 0.36 6.4x1074

—The necking model at grain boundary layer—

For the bulk component, the activation energy for Li*
migration is 0.30 eV, which is not influenced by the variation of
a lattice size and a lithium insertion in the second site (A(2))
by the increase of 1lithium content in the Liq,xMxTig_5x(POy)3
system. From the present results, the electrical properties for
the LiTiz(PO4)3 based ceramic electrolytes are mainly controlled
by the condition at the grain boundary.

The necking model for the grain boundary 1layer is
illustrated in Fig. 2-22. In the case of LiTiz(PO4)3, a grain
boundary shows a high activation energy of 0.48 eV (Fig. 2-22
(a)). The sample obtained has a high porosity and a 1low
conductivity. Furthermore, the conductivity was decreased by the
deficiency in the 1lithium content. For a 2% lithium-poor

LiTiZ(PO4)3 sample, the activation energy for Li* migration at
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Fig. 2-22. Grain boundary layer necking model.
(a) LiTip(POy) g
(b) LiTiy(PO4)g+y(second phase) mixed phase system
(c) Liq xMyTig_4(PO4)3 (M=Al, Sc) single phase system

the grain boundary greatly increases to above 0.90 eV. The
lithium deficient layer would prevent the electrolyte from
sintering and become a barrier for the Li+. migration. For
lithium-excessive samples of LiTiz(PO4)3 + y(Lithium compound), a

highly-conductive grain boundary layer, whose activation energy
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densification was achieved by sintering (Fig. 2-22 (b)). We
propose that the lithium compound acts as a flux to obtain a high
density pellet. That is to say, the second 1lithium compound
melted by the sintering process and recrystallized the necking
between the grains. This assumption is supported by the fact that
the sintering temperature for the mixed phase system was lower
than that for the single phase system (Fig. 2-21) and the high
uniformity among the grains is clearly obtained by the existence
of the 1lithium compound (Fig. 2-14 (e)). As a result of the
uniformity, the tunnel for the Li* migration comes to be
connected by the recrystallization of the grain boundary. In
addition, the 1lithium compound provides the excessive lithium
content at the gfain boundary, and avoid the formation of the
lithium deficient layer.

For L11+XMXTi2_X(PO4)3 (M=A1 or Sc) single phase systems
(Fig. 2-22 (c)), the high densification occurred at higher
sintering temperature compared with the mixed phase system. In
this case, the grains sintered without the second phase. The high
conductive grain boundary was formed by the solid diffusion
during the sintering process. The 1lithium deficient layer is
difficult to form, since 1lithium content in the Liq ¢M;Tig_
X(PO4)3 systems was eventually increased by the M3+ substitution.
Although the high densification for the single phase group is
"performed by the different process compared with the mixed phase
group, both groups have a similar ion conductive layer at the

grain boundary.

—The vitrification for LiTiz(PO4)3——

The vitrification of the polycrystalline electrolyte has
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also been attempted to get a solid with high conductivity. The
vitreous form is composed of only bulk component and does not
possess a low conductive grain boundary. The enhancement of the
conductivity by the vitrification was reported for the
polycrystalline electrolytes such as LiNb03 and the AgI—Ag2M004
syétem.46"48 The glass samples of LiTiz(PO4)3 and
Liq g3Alg gTiy 7(PO4)3 were obtained by a rapid quenching
method.49,50 However, the conductivities of them are appreciably
lower than those of the polycrystalline electrolytes. The
vitreous electrolyte does not hold a suitable tunnel size for Li*
migration, since a rigid [Tiz(PO4)3]_ skeleton which is
appropriate for Li* conduction, was considerably destroyed by the

rapid quenching.
2-3-5. DC-conductivity with Li metal electrodes

The conductivities in this chapter have been determined by a
complex impedance plot with Au blocking electrodes, but not with
Li electrodes. In this section, DC conductivity for
Lil.3AlO.3Til.7(PO4)3 electrolyte was measured with Li or Li-Al
alloy electrodes for the purpose of determining what carrier
migrates and interfacial properties between the electrolyte and
the electrodes.

The sintered pellet was cut into rod-shaped samples (14 mm,
7x2 mm) for the DC conductivity measurement. The DC conductivity
was determined by a two probe method with a Potentiostats-
Galvanostats HA-301 from Hokuto Denko Co. and an Electrometer TR-
8652 from Advantest Co. Gold 1leads (dia. 0.05 mm) for the

measurement were previously mounted to the sample with an Au
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electrodes (2mm x 7mm)
' _Au leads

electrolyte

Fig. 2-23. The conductivity measurement.

paste (Fig. 2-23). The rod sample was settled in a vacuum
evaporator (HUS-5, Tokyo Vacuum Machinery Co.) and one end of two
Au leads was placed outside of the chamber. Li or Li-Al alloy
electrodes were deposited by a vacuum evaporation (<10‘5 Torr) on
both cross sections of the sample (Fig. 2-23). In order to
prevent a short-circuit between the electrodes by the evaporated
metal, the sample surface was Dbeforehandly covered. The
measurement of the DC conductivity was conducted in the vacuum
evaporator (<1O'5 Torr) after the sample heated by the electrode
evaporation was adequately cooled down to room temperature (ca. 1
h). A four probe method and a complex impedance method were also
carried out for the determination of the conductivity.

The conductivity determined by the complex impedance method
with an Au blocking electrodes is 1.2x10°3 S-cm at 298 K in this
study. The DC conductivity variation vs. time at 298 K with the
Li or Li-Al alloy electrodes by a two probe method is presented
in Fig. 2-24. The result for the four probe method with the Li
electrodes is also plotted in the same figure. The conductivity
with the Li electrodes by the four probe did not change with the
time span measured and is almost the same as that by the complex
impedance method. This behavior indicates that 1lithium ions
migrate in the sample. The DC conductivity by the two probe

method Kkept constant value of about 3x10~4 S-cm‘1 for 2 minutes
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Fig. 2-24. The DC conductivity variation by the two probe method
at 298 K with Li and Li-Al alloy electrodes under
0.07 mA/cmz. (@ :the conductivity by the four probe
method with Li electrodes.

after the current flow, and the value is lower than the value of
1.2x10"3 S .cm™1 determined by4 the complex impedance method.
However, the DC conductivity decreased with the further current
flow.

Figure 2-25 presents the variation of the cole-cole plots
with the Li electrodes. The complex impedance was measured after
the DC current was applied for the determined time (0, 20, 40,
80, 180 min.). Before the DC application (0 min.), a smaller
semicircle was observed. The DC resistance with Li electrodes and
the AC resistance from the cole-cole plot with the blocking
electrodes are also indicated on the abscissa. AC and DC resis-
tances are close to the each intersected point of the semicircle

to the abscissa. The DC resistance with the Li electrodes is a
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total value for bulk, grain boundary, and the electrolyte-
electrode interface. The AC resistance with blocking electrodes
does not include the interface resistance. The semicircle
presented in the figure 1is ascribed to the contact resistance
between the electrodes and the electrolyte, and became progres-
sively greater with the measuring time. The decrement of the DC
conductivity using Li electrodes is mainly resulted from the
increase in the contact resistance. The decreased DC conductivity
did not return to its initial value when an applied potential was
reversed. After the DC measurement, the white color for
electrolyte surfaces changed to blue. This indicates that Ti4* in
LiTis(PO4)3 was reduced to Ti3* by Li metal electrodes.

Liq,xTig(POy) 3 phase would be formed by Li* ion insertion in the

1&3()nﬁn

o
T

-IM/kR-cm

0 5. dc 10 de 20
RE / kQ-cm

Fig. 2-25. The variation of the cole-cole plots at 298 K using
Li electrodes.
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LiTig(POy)g lattice.®1793 The conductivity using the Li-Al alloy
electrodes was higher than that of Li electrodes (Fig. 2-24). The
initial conductivity with the LigzAl alloy is 5x10™4 S-cm™1 at 298
K. This may be resulted from the easier lithium diffusion in the
Li-Al alloy electrodes. LigAl,, a lower Li content alloy gave a
lower DC conductivity. A lithium-poor phase would be formed by Li

migration on the anode for the lower Li content alloy.

2-4. Summary

LiTi,(PO4)3 had poor ionic conductivity and showed high
porosity in the sintered pellets. The partial substitution of
Ti4* site with MS* in LiTig(PO4)3 was very effective for the
enhancement of the conductivity. Mixing the lithium compound such
as LigPO4 or LigBO3 with LiTig(PO4)g is also successful in
obtaining a high 1lithium ionic conductor. The conductivity
enhancement by the M3* ion substitution or the binder addition of
the 1lithium salt resulted mainiy from the high density of the
sintered pellets and decrease the activation energy at grain
boundaries. These two factors are clearly correlated with the
increase in the total conductivity as well as that across the
grain boundaries. The increase of the 1lithium content at the
grain boundary is effective to the conductivity enhancement. The
lower conductivity and the sinterability for LiTi5(PO4)3 might be
ascribed to the formation of the lithium deficient layer at the
grain boundary. The excessive lithium content by the addition of
the 1lithium compound with LiTip(PO4)3 leads to form the high
conductive grain boundary and highly sintered electrolyte. The

added lithium compound acts as a flux for the high density pellet
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and the lithium deficient layer can not be formed at the grain
boundary. On the other hand, the conductivity and the
sinterability are also improved with the x value for the
L11+XMXT12_X(PO4)3 single phase system. In this case, the lithium
deficient layer is difficult to form, because the lithium content
is increased by the Ti substitution for M3+ ion. The Ti4+ site
replacement in LiTiz(PO4)3 with tri-valent cation or the addition
of 1lithium compound to the NASICON-type phosphate electrolyte
results in the formation of the high conductive grain boundary
and the high dense sintered pellet, and contributes greatly to
enhance the total conductivity of the electrolyte.
The maximum conductivity at 298K is 7x10™4 s.em™ 1 for

Liq gMy gTiy 7(POg4)3 (M=Al or Sc), which was almost equal to that
of LigN. The 1itﬁium ionic conductors based on lithium titanium
phosphate are proved to be excellent solid electrolytes for their
high lithium ionic conductivity even at room temperature and a
high stability in air. However, these LiTiz(PO4)3—based
electrolytes can not apply as a material for the lithium battery,
because it contains the reducible Ti%4* ion by the contact of Li

metal electrode.
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Chapter 3

Effect of Lattice Size for NASICON-Type Li* Ionic Conductor,

LiMxTiZ_X(P04)3+yLiZO'System (M=Ge, Sn, Hf, and Zr)

3-1. Introduction

LiMo(PO,4)g for M=Ge®4, Ti37-40 gsn, Hf, or 7r95:96 ig a
NASICON-type lithium conducting solid electrolyte, whose lattice
constant varies with the ionic radius of the M4+ cation. The
tunnel size for Li* migration also changes with the variation of
the lattice constant. Since it is important to determine the most
suitable lattice size for Li* migration, the LiZryTis_4(PO4) g
system has been studied.39,955,56 However, these discussions are
restricted to the total (bulk plus grain boundary) conductivity
of the electrolyte in those papers reported. The electrical
properties of the bulk component should be discussed for the
determination of the most suitable lattice size fof a Li*
migration, because the total conductivity is influenced by the
sintering condition at the grains and the secondary phase
appeared at grain boundaries. Since LiMXTiz_X(PO4)3 samples show
a lower sinterability, their total conductivity should be mainly
governed by the conductivity at grain boundaries.

In this chapter, the electrical properties of the bulk and
the grain boundaries were examined in detail both for
LiM, (PO4) 3+yLig0, M=Ge, Ti, Sn, Hf, and Zr systems and for
LiM;Tig_5(PO4)3+0.2Li50, M=Ge, .Sn, Hf, and Zr systems.
Correlation between the electrical properties and the lattice

constants was studied to determine the most suitable size for Lit
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migration in the NASICON-type structure.
3-2. Experimental

—Materials—

A stoichiometric mixture of LipCOg (99.99%), MOy (M=Ge, Ti,
Sn, Hf, Zr) (99.9% or 99.99%), and (NH4)2HPO4 (extra pure grade)
was ground in an agate mortar and then heated at 1173 K for 2 h
in a platinum crucible. The Li,COz and (NH4)2HPO4 is decomposed
into LiZO and P205 by this heat treatment. The excess amount of
Lipg0 in LiMiTis_»(PO,4)3+yLig0 systems was controlled by that of
LioCO0g as a starting material. The resulting material was ground
into a fine powder using a ball-mill for 6 h by a wet process
with methanol. The weight ratio of methanol/sample is ca. 10. The
dried powder was reheated at 1173 K for 2 h and then ball-milled
again for 12 h. The mixture of the dried powder and a proper
amount of 3% polyvinyl-alcohol solution as a bindef was pressed
into a pellet at a pressure of 1x108 Pa. The pellets were
sintered at 1073, 1173, or 1293 K in air. The surfaces of the
sintered pellet were polished with an 800-grade emery paper and
gold was deposited as electrodes by a sputtering method (Shimadzu
IC-50). After the conductivity measurement was conducted for all
the samples with different sintering temperature, the optimum
sample was chosen in such a way that the highest conductivity was
obtained at room temperature. A quantitative analysis of Li in
the sintered sample was carried out by an atomic absorption

analysis.
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—Measurement—
The measurements for the conductivity, the porosity, and the
X-ray diffraction analysis are same as those of described in

chapter 2.
3-3. Results and Discussion
3-3-1. LiMz(PO4)3+yL120, M=Ge, Ti, Sn, Hf, or Zr system

—Phase—

For the LiMz(P04)3+yL120 samples, only the LiMz(P04)3 phase
was clearly confirmed by the X-ray powder diffraction analysis.
The Li content was found to remain constant during the sintering
process for every system, which was confirmed by the atomic
absorption method. The Lig0 compound exists at grain boundaries
as a glassy phase of Lizo or lithium phosphate.

Lattice parameters are determined for the LiMz(PO4)3+yL120,
M=Ge, Ti, Sn, Hf, and Zr systems. The lattice constant did not
change with y for LiMz(PO4)3+yL120 systems, and these of
LiMZ(PO4)3 (y=0) are presented in Table 3-1. This means that the
Ay sites are not occupied by Li* ions. The NASICON-type
rhombohedral structure was obtained for LiM,(P0O4)3, M=Ge, Ti, and
Hf systems and the 1lattice parameters depend on the ionic
radius?3 of those M4* ions. In the case of M=Hf system, the
sintering temperature needs to be higher than ca. .1200 K to
obtain a rhombohedral structure. The monoclinic phase was
obtained for the samples sintered at below ca. 1200 K. On the
other hand, monoclinic crystal formed for LiMy(PO4)g3, M=Sn and Zr

series. For M=Sn samples, the monoclinic <—> rhombohedral
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transition was observed at around 410 K from DSC (differential
scanning calorimeter) measurement and by high temperature X-ray

analysis.
Table 3-1. Lattice parameters (hexagonal unit) for
LiMy(PO4) 3+yLig0, M=Ge, Ti, Sn, Hf, and Zr.

Ionic Lattice Cell
Sample radius of constant volume Phase

v¥* (&) ad) & A3
LiGez(PO4)3 0.540 8.287 20.475 1218 R
LiTio(PO4)3 0.605 8.512 20.858 1309 R
LiSny(PO4)3  0.890 - - - M, R(>410K)
LiHf,(PO4)3 0.710 8.824 22.04 1486 R
LiZr,(PO4)3  0.720 - - - (M)

R: Rhombohedral, M: Monoclinic

——Conductivity and sinterability—

The relationship between the porosity and y for the sintered
ceramics in LiMz(PO4)3+yLiZO series is plotted in Fig. 3-1. A
high density pellet can not be obtained for LiMz(PO4)3 (y=0). The
porosity decreased appreciably with increased y for all the
systems examined. Lio,O addition is quite effective for obtaining
a high density pellet.

| Figure 3-2 shows the relationship between the total
conductivity at 298 K and y for the LiMZ(PO4)3+yLiZO, M=Ge, Ti,
Sn, Hf, and Zr systems. The conductivity is greatly -enhanced by
the Lis0 addition for all of the LiMy(POy4)3 samples, and a
maximum conductivity was obtained at around y=0.2. The
monoclinic systems of M=Sn or Zr show a lower conductivity
because of their distorted structure. The conductivity decreased
with the addition of excess Lis0 for y>0.3. The low conductivity
for Lio0 or lithium phosphate influenced the ion migration at the

grain boundary. Figure 3-3 shows a representative complex
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impedance plot for LiGez(PO4)3+O.lL120 at 301.4 K. The bulk and
the total (bulk plus grain boundary) resistances were determined
from two semicircles as shown in the figure.44’45 The bulk
resistivity Py and the total resistivity Pp*tp g Were determined
from the intersected points of the semicircles to the abscissa in
higher- and lower- frequency regions, respectively. Third large
semicircle corresponding to the interfacial resistance between
the Au electrode and the electrolyte was also observed in the
lower frequency region. This semicircle is clearly observed when
the temperature was increased.

Figure 3-4 plots the activation energy of bulk and grain
boundaries components for LiMo(PO,4)g+yLig0, M=Ge(a), Ti(b), and
Hf (c). For the M=Sn and Zr systems, the activation energy could
not be determined, since the only one semicircle was observed in
the complex impedance plots. The activation energy for the grain
boundaries decreases with y for the systems of M=Ge(a), M=Ti(b),
and M=Hf(c). The conductivity enhancement is attributed to the
decrease in the activation energy at grain boundaries. The
activation energy for the bulk component remains constant with
the Lio0 addition for all the systems. The activation energy for
the bulk component has been estimated to be ca. 0.38 eV for
LiGey(POy)g and ca. 0.30 eV for LiTi,(POy)g. In the case of M=Hf
system, the activation energy for bulk and grain boundaries could
be determined for y=0, 0.1 and 0.2 samples because two
semicircles were obtained only for these three samples. The
activation energy of the bulk component estimated to be 0.42 eV
for LiHf,5(PO4)3. The higher activation energy for Li* migration
comes from the smaller lattice size in LiGez(PO4)3 and from the

larger 1lattice size in Linz(P04)3 compared with that in
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LiTig(P0Oy) 3.
Figure 3-5 presents the model for the sintering process.

This process for LiTig(PO4)3-based electrolytes was already
described in chapter 2. This model can apply for all the NASICON-
type electrolytes. The added Lizo acts as a flux at the grain
boundaries. The 1lithium phosphate is formed at the grain
boundaries during the heating process, and then the surface of
grains are melted and recrystallized by the flux. The remaining
flux fills pores in the sintered LiMZ(PO4)3 solid with a glassy
phase. For LiMz(PO4)3, a low 1lithium content at the grain
boundaries 1lowered the sinterability. For the LiMZ(PO4)2+yLiZO
systems, the lithium compound addition in LiM,(PO4)3 ceramics is
effective to accelerate the sintering process and to enhance the

conductivity at grain boundaries.

LiM2APQw)3

\/
— —_—
/\

FlUX | iMiPOL),+02Li0

LiM{PO,)s

Fig. 3-5. Model for sintering process.
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3-3-2. LiMkTiz_x(P04)3+o.2L120 M=Ge, Sn, Hf, and Zr systems

—Il.attice parameters—

The relationship between the lattice size and electrical
properties was investigated for the NASICON-type Li* ionic
conductor. The Li,0 was fixed at y=0.2 for LiMXTiz_X(PO4)3+yL120
systems. The porosity was lower than 10 % for all the y=0.2

pellets examined. Figure 3-6 shows the variation of the lattice
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Fig. 3-6. Variation of the lattice Fig. 3-7. Variation of the cell volume
constants (hexagonal unit) on (hexagonal unit) on x for
x for LiMxTiz_x(PO4)3+O.2L120, LiMxTiz_x(P04)3+0-2L120»
M=Ge(Q), Sn(V¥), Hf(A), and Zr(). M=Ge(Q), Sn(V). Hf(A), and Zr(O).
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constants with x for LiM;Tig_ ,(POy4)g3+0.2Li,0 M=Ge, Sn, Hf, and Zr
hexagonal systems. The NASICON type structure was obtained for
the samples except for LiMz(PO4)3+O.2L120, M=Sn or Zr. The
lattice constants decreased when Ti%* in LiTio(POy) 3 was
substituted for the smaller Ge%* ion. In the systems substituted
with the larger Sn4+, Hf4+, or Zr4+, the lattice constants
increased with the M%* amount. The cell volume calculated from
the lattice constants, is also plotted as a function of x in Fig.
3-7. The variation of the cell volume with X is quite similar to

that of the lattice constant for both a- and c-axes.

—The electrical properties vs. the cell volume—

Figure 3-8 presents the total conductivity at 298 K vs. X
for LiMXTiZ_X(PO4)3+yLiZO, M=Ge, Sn, Hf, and Zr systems. The
samples for x=0~0.5 (M=Ge, Sn, and Hf) showed almost a constant
conductivity (about 5x1074 s - ecm™l). Further Ti4* site
substitution made the conductivity decrease. A higher
conductivity is obtained when the ionic radius of the M3* ion is
close to that of Ti4+ ion. A maximum conductivity of 8x10"4 s.cm”
1 was obtained for LiGeg oTiq g(P04)3+0.2Lio0 at 298 K. The
conductivity is considerably lower for the monoclinic samples of
LiMz(PO4)3+O.2L120, M=Sn or Zr, which corresponds to the complete
Ti4* site replacement with Sn4* or Zr4*. Figure 3-9 shows the
relationship between the total conductivity at 298 K and the cell
volume for the samples with R3c structure. The maximum
conductivity was obtained around 1310 33. As mentioned above, the
total conductivity is influenced by the sinterability and the
existence of the secondary phase at the grain boundaries.

To confirm the correlation between the electrical properties
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of the bulk component and the cell volume, the activation energy
for Li* migration in the bulk component was determined by the
complex impedance method. Figure 3-10 shows the variation of the
activation energy for the bulk component with x. The activation
energy for x=0~0.5 is constant, i.e. 0.28~0.30 eV, and then
increases with the further M4* substitution. For several samples
x>1.0 (M=Sn), 1.2<x<2.0 (M=Hf), and x>0.3 (M=Zr) in LiM;Tiqg_
X(PO4)3+O.2L120 systems, the activation energy for the bulk
component could not be determined because two semicircles in the

complex impedance plots could not be clearly obtained.
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Fig. 3-10. vVariation of the activation energy for the bulk
component on X for LiMxTiz_x(PO4)3+0.2L120,
M=Ge(Q), Sn(V), Hf(A), and Zr(@).
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The relationship between the activation energy for the bulk
and the cell volume is presented in Fig. 3-11 The region of the
lower activation energy is relatively wide from 1290 33 to 1400
3. A minimum activation energy is observed for the samples of
the cell volume ca. 1310 A3 (lattice constants a=8.51 R and
c=20.86 f\). The activation energy for Li* migration increases
when the cell volume is smaller or larger than 1310 3. Li* iom
is small ionic radius and has large Li*-0 bonding energy. We
consider that Li* would shift toward edge from center in the
tunnel when the lattice size is too large. This clearly indicates
that LiTio(PO4)3 has the most suitable tunnel size for Li*

migration with an activation energy of 0.28~0.30 eV.
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Fig. 3-11. Relationship between the activation energy for the
bulk component and the cell volume for
LiMxTiz_x(P04)3+0.2L120y
M=Ge(Q), Sn(¥), Hf(A), and Zr Q) .
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3-4. Summary

The conductivity and the sinterability increased with Lis0
addition in LiMXTiz_X(PO4)3+yL120, M=Ge, Sn, Hf, and Zr systems.
The excess Lip0 acts as a flux to obtain a highly conductive
layer at the grain boundaries. A minimum activation energy for
the bulk component for the NASICON-type Li* conductor is
0.28~0.30 eV with the cell volume of 1310 R3, which corresponds
exactly to the lattice size of LiTiy(PO4)g. The smaller and the
larger lattice sizes compared to the size of LiTiz(PO4)3
increases the activation energy appreciably. A maximum

conductivity was obtained for the cell volume of ca. 1310 33.
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Chapter 4

The Electrical Properties for LiGey(PO4)3- and LiHfg(PO4)3-based

Solid Eiectrolytes

4-1. Introduction

In chapter 2, solid electrolytes based on LiTig(PO4)g, the
Liq xMxTis_5(POy)g, M=Al, Sc, Y, or La, etc. system, or the
LiTiz(PO4)3+y(lithium salt) system, have presented to show high
conductivity at room temperature. Although LiTiZ(PO4)3 shows poor
conductivity, it could be greatly enhanced by M3* substitution or
the addition of a 1lithium salt, such as LigPO; or LigBOj.
LiMy(PO4) 3, where M3+ are Ge, Sn, Hf, and Zr, are the analogue
electrolyte. However, the conductivity for these phosphates is
lower compared with those for the LiTi,(PO,4)g series. LiTiz(P04)3
is supposed to form the best host structure, since the tunnel
size in the phosphate is suitable for Li* ion migration (chapter
3). A minimum activation energy of 0.28~0.30 eV for a bulk
component was obtained for the Li* conductors based on
LiTiz(P04)3. However, the LiTio(PO,4)g3-based electrolytes contain
the reducible Ti%* ion with the contact of Li metal electrode
(see 2-3-5). These Ti-based materials can not apply to the
electrolyte for the lithium battery.

LiGeZ(PO4)3 and Linz(PO4)3 can expect to apply as the
electrolyte for high energy density batteries because of the
stability for Ge?* and Hf%* ions. For LiSny(PO4)g and LiZr,(POy)g
series, the rhombohedral structure was distorted to monoclinic

one at room temperature (chapter 3). The lattice constants for
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LiGey(POy)g are smaller than those for LiTi,(POy4)g. If the Ged*
site is partially substituted by a larger M3+ ion, the tunnel
size may be expected to approach that of LiTigp(PO4)g. Although Li
et al. have reported that the conductivity increases with the
value of x for the Lij,yMyGey 4 (P04)3, M3*=A13* (0.535R) and Cr3*
(0.6153) systems,54 whose ionic radii are close to that of Ge?*
(0.5303), no other cation has been tried regarding substitution.
On the other hand, up to now, the larger lattice size system of
LiHf5(PO4) 3-based electrolytes has not been investigated.

In this chapter, the electrical properties and the crystal
structure were examined for the NASICON-type solid electrolytes
based on LiGey(P0Oy)g3 and LiHf5(P0Oy)g, i.e. the Lij,y3MyGeog (POy)3
(M=Al1, Cr, Ga, Fe, Sc, or In) system and the Lil+XMXHf2_X(PO4)3

(M=Cr, Fe, Sc, In, Lu or Y) system.
4-2. Experimental

LigCOg (purity:99.99%), GeOg (99.999%), HfOq (99.9%),
(NH4) oHPO, (extra pure grade), and M,04 M=Al, Cr, Ga, Fe, Sc, In,
Lu, Y (99.9% or 99.99%) were used as starting materials. The

detail of the sample preparation and the measurements has been

described in the chapter 3.
3-3. Results and discussion
3-3-1. LiGez(PO4)3—based electrolyte

—7Phase—

Figure 4-1 shows the relationship between the ionic radius
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of the M3* ion and the cell volume for Lij My . 56e; 5(PO4)5. The
cell volume was estimated from the lattice constants obtained by
the X-ray powder diffraction method. The broken line corresponds
to the cell volume calculated based on the assumption that the

4+ site. Figure 4-2 presents

M3* ion completely substitutes the Ge
the X-ray diffraction patterns for samples of
Liy gMy 5Geq 5(PO4)g, M=Al, Cr, Ga, Fe, Sc, or 1In. The
LiGeg(PO4)3 pattern is also shown as a reference. For the A13*
and Cr3* systems, the cell volume is close to the calculated
value; only the R3c phase has been confirmed by X-ray diffraction

analyses. The A13* and Cr3* ions easily substitute the Ge?* site,

since these M3+ ions are close to Ge4+ regarding the ionic
radius. The tunnel size increases, if the Ge4+ site is
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Fig. 4-1. Relationship between the M3* ionic radius and the cell
volume for Lil_5Mo.5Ge1'5(P04)3.

59



30
23T I . LiGefPO),
- ) [ H=—92 -0
S ElgsFT 89
ST e L 1Y
o | M=Al, x=05
] 7 ‘ d 1. 3.0
o M=Cr, x=05
BB ARy
o]  M=Ga,x=05
.Im“ ?JTTI. 7.9
7 | M=Fe,x=05
pllm]‘i!jk 7.9
T M=Sc,x=05
TA A BLJ 1 14 2.9
o ] 1 M=In,x=05
T] [ TI\T] ?Tl‘TH 5

10

Fig. 4-2. X-ray diffraction patterns (Cu-
Liy 5Mp. 5Ge; 5(PO4)3, M=Al, Cr,

Ka) for LiGeg(POy)g and
Ga, Fe, Sc, or In.

NASICON-type phase (Q), unknown phase (&)

60



substituted by a larger M3* ion. We expected that the cell volume

4+

would increase upon substitution of the Ge site by larger M3+

3+ 3*. However, the obtained cell volume is

ions, such as Fe or Sc
lower than the calculated one. This cell volume did not increase
if the sintering temperature 1is raised. The Get* ion in
LiGeg(PO4)3 can not be easily substituted by a larger M3* ion.
The cell volume for the InS* system is the same for that of
LiGez(PO4)3. This indicates that no replacement occurs for the
larger In3+ system. On the other hand, some unknown peaks were
also observed for the Ga3*, Fe3*, sc3*, In3* systems. The number

of the unknown peaks and the intensity of these peaks increase

M3* ion. The
4+

with an enlargement in the ionic radius of the
second phase would be obtained, since the replacement of the Ge
site is difficult for these larger M3+ ions. These unknown peaks

were not assigned to the LigM,(PO,4)3 phase, M=Ga, Fe, Sc, In.

—Conductivity and sinterabilityf—

Figure 4-3 shows the relationship between the conductivity
and x for the Lij,yM;Gey ,(POy)g systems at 298 K. The
conductivity is greatly enhanced along with the increase in x for
all of the systems examined. In particular, the conductivity for
the A13* and Cr3* systems is higher than that for the other

1 was obtained

systems. A maximum conductivity of 2.4x10°4 s-cm”
for Lil.5A10.5Gel.5(PO4)3, which is about one order of magnitude
higher than that reported by Li et al.%4 1In this study, the
particle size of the ball-milled powders before sintering was
smaller than 1 ygm. However, the well-ground process was not

described in the paper of by Li et al. The difference in the

grinding process would influence both the conductivity and
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sinterability. By substituting a larger M3+ ion, the conductivity
became lower, compared with that for smaller MS* (A13* or cr3*)
systems. A poorly conductive second phase might be formed, which

would block Li* migration at the grain boundaries.
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Fig. 4-3. Conductivity at 298 K vs. the x value for the
Liq,.xMyGeqg_5(PO4)3 system.
M=A1(Q), Cr(A), Ga(D), Fe(vy), Sc)),or In(@)

Figure 4-4 shows a representive complex impedance plot of
Liy 5Aly 5Geq 5(POy)g. Two semicircles were observed. The bulk
and the total resistances were determined from these semicircles,
as is shown in the figure. From these results, the conductivity
for the bulk and the grain boundary can be determined. Figure 4-5

gives the conductivity for the bulk and the grain boundary as
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well as their total, for typical samples. The conductivity for
the bulk is higher than that for the grain boundary. The total
conductivity is almost the same as the grain boundary value. This
means that the total conductivity is mainly determined by that of
the grain boundaries.
The activation energies for Li* migration in the bulk and

the grain boundary (estimated from Fig. 4-5) are presented in
Fig. 4-6. The activation energy for the bulk and the grain

boundary can not be determined for a higher x region, or for Sc3+

and InS*

substituted systems, since the two clear semicircles
were not obtained on the complex impedance plane. Regarding the
bulk component, the activation energy dose not change upon M3*
substitution. The change in the 1lattice size and 1lithium
insertion in the A(2) site by M3* substitution do not influence
Li* conduction in the 3D network structure. The activation energy
for Li* migration in bulk for the LiGeZ(PO4)3 structure is 0.38
eV, which agree with that in chapter 3. This is higher than that
for the LiTig(PO4)3 structure of 0.30 eV. The cell volume for
LiTio(POy)g is 1309 ﬁa, which is larger than 1218~1230 A3 for
the Ge-systems. The small lattice size for LiGey(PO4)3 makes the
activation energy increase for Li* migration in the 3D network
structure. The activation energy for the grain boundary decreases
with an increase in x.

The dependence of the porosity of the sintered pellet on x
is shown in Fig. 4-7. No treatment could produce a dense pellet
for LiGez(PO4)3, itself. The porosity decreased with an increase
in x for all of the systems examined. This tendency is consistent
with the conductivity enhancement shown in Fig. 4-3. The

conductivity also increased for the In3+ system, though the ion
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could not be replaced with the Ge4* site. One of the reasons for
the conductivity enhancement 1is ascribed to an 1increase in
densification. Although the porosity at x=0.3 was almost the same
for all of the M3* substitution systems, the total conductivity
tends to decrease with an increase in the ionic radius of the MS*
ion. For the 1larger M3* substitution samples, the activation
energy for the grain boundary shows a higher value in Fig. 4-6.
This indicates that the conductivity depends on the activation
energy for the grain boundary. In chapter 2, the reason for the
conductivity enhancement with an x increase for the Ti-system of
Liq xMyTis_5(POy4)3, has been attributed to an increase in the
sinterability, as well as to a decrease in the activation energy
for the grain boundary. For the Ge-system, the same explanation
holds for the conductivity enhancement. The Li* ion conducfion of
the grain boundary is assimilated to that of the bulk structure

by high sinterability for the X increased samples.
4-3-2. LiHf5(P04)3-based electrolyte

—Phase—

The sintering process should be conducted at high
temperature to obtain the rhombohedral structure in the case of
the solid electrolyte based on LiHf5(POy4)3. Figure 4-8 presents
the X-ray diffraction patterns for the sample of Linz(PO4)3
sintered at 1393 K and 1493 K. The X-ray pattern for the sample
sintered at 1493 K is the same as that for the NASICON-type R3c
structure. However, the sample sintered at 1393 K is identical

with the B—Fez(SO4)3—type monoclinic phase (le/n).57“59
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Fig. 4-8. The X-ray diffraction patterns (Cu-Ka) for LiHf5(POy4) g
sintered at (a)1393 K and (b)1493 K.

—LiHf5(P0Oy) 3+yLi90 system—

This system was partially shown in chapter 3. The
relationship between the sintering temperature and the porosity
of the sintered pellet is shown in Fig. 4-9. The high density
pellet could not be obtained for LiHf,(PO4)g3 even if the
sintering temperature raised to 1593 K. On therother hand, high
density pellet cah be obtained for the samples with Lijs0
addition. Lis0 acts as a flux to form a high density sample. The
effect of the Li5O addition has been already described in chapter
2 and 3. The porosity greatly decreaéed by the sintering at
around 1173 K, and then increased by the elevation of the

sintered temperature for all the Lio0 added samples.
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Fig. 4-9. Relationship between the porosity and the sintered
temperature for the Linz(PO4)3+yL120 system.
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Figure 4-10 shows the surface microstructure of the sintered
Linz(PO4)3+O.3L120 samples. The grains are closely contacted
with one another for the sample heated at 1173 K (a). The
particle size was smaller than 1 ygm, which is almost the same as
that of the ball-milled powder. The surface of the sintered
sample is very smooth. No other peaks without those of
LiHf5(PO4)3 can be detected from the X-ray diffraction patterns
for all the samples of the LiHf5(POy)3+yLioO system. In addition,
the lithium atom did not evaporate by the heating process, which

was confirmed by an atomic absorption measurement. The added Lij0
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Fig. 4-10. Surface microstructure for LiHf,(P0y4)3+0.3Lig0
sintered at (a)1173 K, (b)1293 K, and (c)1393 K.
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would exist as a glassy phase at grain boundaries. However, L120
itself has a high melting point. The glassy 1lithium phosphate
would be formed at elevated temperature from the added Li,O0 and
phosphate. The grain size grew with the elevation of the
sintering temperature (b). The fine granules appeared on
LiHf9(PO4)3 grains. The granules would be the lithium phosphate
or LiZO which acts as a flux. Some pores observed between the
particles appeared (b). The increase in the pellet porosity with
the sintering temperature (in Fig. 4-9) might result from the
fact that the pore size at the grain boundary increase with the
particle growth. The particle growth greatly accelerated for the

sample sintered at 1393 K (c¢). In this case, cracks are observed

in the grains. T/°C
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Fig. 4-11. The ¢T-1/T relation for LiHf5(PO,4) 3+0.3Li,0 samples.
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Figure 4-11 presents the temperature dependence of the total
(bulk plus grain boundary) conductivity for LiHf5(P0O4)3+0.3Lig0
sample. The conductivity greatly enhanced for the‘ samples
sintered at above 1293 K. The ﬁ-Fez(SO4)3—type (le/n)
monoclinic phase was formed for the samples sintered at lower
than 1293 K. The slope of the o¢T-1/T relation decreased by the
formation of the NASICON-type structure. It seems that the Li*
ion does not easily migrate in the monoclinic phase. Figure 4-12
shows the relationship between the activation energy for the
total conductivity and the sintering temperature. The activation
energy was determined in the temperature range from room
temperature to 400 K. The activation energy abruptly decreased

with the sintering temperature for all the samples. The decrease
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Fig. 4-12. Relationship between the activation energy and the
sintered temperature for the LinZ(PO4)3+yL120 system.
y=0(@), 0.1(A), 0.2(W), 0.3(M), 0.4 @)
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in the activation energies is attributed to the P21/n. -> R3c
phase transition. Although the samples calcined at 1173 K during
the preparing process, R3c phase could not be formed for all the
calcined powder. The obtained rhombohedral phase did not revert
to the monoclinic phase by cooling. The phase transition
temperature is about 1423 K for Linz(PO4)3 y=0, and the

temperature decreased with the Lio,0 addition. The transition
temperature for Lio0 added samples is close to that of the high
densification (in Fig. 4-9). The decrease of the transition
temperature might be influenced by the high sihterability. Figure
4-13 shows the total conductivity at 298 K for LiTiZ(PO4)3+yLiZO
system. The conductivity considerably increased with the
sintering temperature. It is considered that the conductivity was
enhanced by both the formation of the NASICON-type phase and the
decrease in the porosity. Although the porosity decreased for the
monoclinic samples of y=0.3 and 0.4 sintered at 1173 K, the
conductivity enhancement with high densification is smaller than
that with the formation of NASICON-type phase. The conductivity
enhancement mainly occurred by the formation of the NASICON-type
phase. The conductivity also greatly enhanced by the Lis0
addition. For Lig0 added samples, a maximum conductivity was
obtained for the samples sintered at ca. 1293 K. The conductivity
decreased for the samples sintered above 1293 K. The particle

growth might affect the decrease of the conductivity (see Fig. 4-

1 for

10). The maximum conductivity is 1.1x10™% s - cm”
LiHf9(P0O4)3+0.1Li50 sintered at 1293 K.

Table 4-1 shows the activation energy for Li* conduction of
the bulk and the grain boundary for the Linz(PO4)3+yLiZO

(rhombohedral) system. The activation energy for y=0.1, 0.2 was
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determined in the temperature range between 223 K and room
temperature. The activation energy at the grain boundary

decreased by the Lizo addition. The enhancement of the
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Fig. 4-13. Relationship between the total conductivity at 298 K
and the sintered temperature for the LiHf5(P0y) 3+yLig0
system. y=0(@), 0.1(A), 0.2(WV), 0.3(W), 0.4(4@)

Table 4-1. The activation energy of the bulk and the
grain boundary for Linz(P04)3+yL120 system.

Sample Bulk Grain
(eV) boundary (eV)

LiHf5(POy) 3 0.43 0.56
LiHf5(P04)3+0.1Li50  0.42 0.47
LiHfo(P0O4)3+0.2Li,0  0.42 0.48
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conductivity by the Liy0 addition is attributed to the decrease
in the activation energy at the grain boundary and the high
densification. On the other hand, the activation energy for bulk
component remains constant (ca. 0.42 eV) for Linz(PO4)3 network
structure. This value is higher than 0.30 eV of LiTiZ(P04)3
system (Cell volume: 1309 33), because the lattice size for Li%
migration in Linz(P04)3 (Cell volume: 1486 K3) is larger than
that in LiTi5(PO4)3. The tunnel size for the 3D structure of

LiHf4(POy4)3 is too large for Li* migration.

—Liq  xMxHf9_(PO4)g (M=Cr,Fe,Sc,In,Lu, or Y) system—

In these systems, the samples were sintered at above 1293 K,
and the sintering temperature was chosen in such a way that a
maximum conductivity was obtained. The NASICON-type structure was
formed for all the samples examined. A small amount of P21/n
monoclinic phase remained as a secondary phase for some samples.
Figure 4-14 presents the variation of lattice constants as a
function of x for Lij yMyHf9 ;(PO4)3 (M=Cr, Fe, Sc, In, Lu, or Y)
systems. The rhombohedral phase distorted into monoclinic (space
group C2/c) phase by the M3* substitution for all the samples
with x=0.5. The lattice constant of a-axis increased with the
replacement of Hf%* ion for larger M3* ions (Sc3*, 1n3*, LuS*, or
v3*) and that decreased by smaller cations (Cr3* or Fe3*).
However, c-parameter decreased for all the Lil+XMXHf2_X(PO4)3
systems examined. It is not clear why c¢ parameter decreased by
the MS* ion substitution. The decrease of c-axis has also been
reported for Zr4+-systems of NASICON11:12 gpg Naq,xMxZro_4(P0Oy) 3
(M=Cr,In,Yb).80 on the other hand, for Ti%*-system of Lij, MTiy_

x (POg) 3 (M=Al1,Cr,Sc,etc.) in chapter 2, the lattice constant of c
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axis was clearly increased by larger M3+ ion substitution. The
HfOg and ZrOg octahedra in rhombohedral skeleton would be easy to

4+ jons.

distort because of a larger ionic radius for Hf4+ and Zr
The oxygen coordination of HfOg may be shifted by the M3+
substitution or Li* insertion into A, sites.

The relationship between the porosity of the sintered pellet
and x for the Lil+xMXHf2_X(PO4)3 system is shown in Fig. 4-15.
The high density pellets could be obtained by the x increase
except for M=Cr system. The sintering temperature above 1393 K is

necessary to obtain the high density samples for all the systems

examined. Figure 4-16 presents the relationship between the total
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Fig. 4-14. Variation of the lattice constants on x for the

Liq . xMxHf5_4(PO4)3 system.
M=Cr(@), Fe(A), Sc(¥), In(l), Lu(@),or Y(@
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conductivity at 298 K and x value for the Liq,yMyHf9 »(PO4)3
system. The conductivity increased greatly with x except for M=Cr
system. A maximum conductivity was obtained for x=0.2 or 0.3, and
the value was 1.7x104 S . em 4 for the sample of
Lil.zFeO.ZHfl.S(PO4)3' For M=Cr system, the conductivity and the
sinterability did not increase with xXx. A very small amount of
Li3Cr2(PO4)3 was formed as a secondary phase, which was confirmed
by the X-ray measurement. However, Li3Cr2(PO4)3 is a very stable
phosphate and has a high melting point.61 The second phase might
not act as a flux for a high density sample. Table 4-2 shows the

activation energy of the bulk component for the Lil+XMXHf2_

x(PO4) 3 system. The activation energy could not be determined for
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the other samples, since the two minimum points on the cole-cole
plot could not be clearly obtained. The activation energy for
bulk component is also ca. 0.42 eV, which agreed with that of
Linz(P04)3+yLiZO system. The partial M3* ion substitution and
the Li* occupation at Ay site did not influence the activation
energy for Li* migration in the NASICON-type structure. For
Linz(P04)3—based electrolytes, the conductivity enhancement is

also ascribed to the decrease of the conductivity with the high

densification.
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Fig. 4-16. Conductivity at 298 K vs. the x value for the
Lil+xMfo2—x(Po4)3 system.
M=Cr(@), Fe(A), Sc(¥), In(m), Lu(@).or Y@

Table 4-2. The activation energy of the bulk component
for the Lil+xMfo2—x(PO4)3 system.

Sample Bulk(eV)
Lil.3FeO.3Hfl.7(PO4)3 0.42
L11_3Sco_3Hf1'7(P04)3 0.42
L11_21n0'2Hf1.8(P04)3 0.41
Li131n0.3Hf17(P04)3 0.43
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4-4. Summary

The electrical properties and the crystal structure were
studied for the ceramic electrolytes based on LiGeZ(PO4)3 and
Linz(P04)3. The cell volume obtained experimentally is lower
than the calculated one for Lij,yMyGes_ y(POy)3, M=Ga3*, Fe3*,
Sc3*, and In3* because these larger MS* ions can not easily
substitute the Ge%* ions. The A13* or Cr3* ion could substitute
the Ge4+ site more easily, owing to the closer ionic radius. In
the case of Linz(PO4)3—based electrolytes, The phase transition
from P21/n phase to NASICON—type R3c structure was observed at
above 1173 K. The M3+ ion easily substitute the Hf4+ ions for all
the Liy, MHfs_ L (PO4)5, M=Cr3*, Fe3*, sc3*, In3*, Lud*, and v3*
systems.

The conductivity is enhanced with an increase in x for all
of the Li;, MyGeoy (POy)g systems and the Lij, M Hf,y (POy)g
systems. The M3+ substitution did not affect the activation
energy of bulk component for both the systems. The conductivity
was greatly enhanced by the addition of the lithium compound and
M3+

partial substitution of M4+ site by ion because of the high

densification and the decrease in the activation energy at the

1 and

grain boundary. The maximum conductivity of 2.4x10"4 s-cm”
1.7x107% s-cm™1 at 298 K was obtained for LiGey(P0O,4)3-based and
Linz(PO4)3—based electrolytes, respectively. These conductivity
obtained is smaller than 7.0x10"4 S-cm ! of LiTio (POy) g-based
electrolytes in chapter 2. However, these eleétrolytes are
superior for the application such as battery and gas sensors,
since the tetra-valent Hf%4* cation is more stable toward a
4+

lithium metal and reductive gases than Ti ion.
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Chapter 5

Electrical Properties and Crystal Structure for Li3Cr2(P04)3—

based Solid Electrolyte
5-1. Introduction

In chapter 2~4, NASICON-type Li* ion conductive
electrolytes have been reported to show a high conductivity even
at room temperature. The solid electrolytes based on LiTiz(PO4)3
(Cell volume ca. 1309 K3) show a maximum conductivity and a
minimum activation energy for Li‘* migration. LiTiz(PO4)3—based
solid electrolytes have the most suitable lattice size for Li*
migration. F.d'Yvoire et al. reported that the NASICON—type/
structure was obtained by quenching Li3Cr2(P04)3 from 1703 K to
room temperature.®l The cell volume of the NASICON-type
Li3Cr2(PO4)3 reported is 1316 33, which is very close to that of
LiTiz(P04)3.vThis indicates that LigCr,(PO4)g-based compound has
the possibility for the high conductivity. Furthermore, the
conductivity enhancement can bevalso expected by the increase in
mobile 1lithium ions, if the cr3* site is substituted for a
divalent Mg2* ion in LigCry(P0y) 5.

In this chapter, the electrical properties and the crystal
structure were examined for the polycrystalline Li3+XMgXCr2_

X(PO4)3 system.
5-2. Experimantal
LioCOg (purity:99.99%), MgO (99.9%) Cro0g3 (99.9%), and
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(NH4)2HPO4 (extra pure grade) were used as starting materials.
The detail of the sample preparation and the measurements have

been described in chapter 3.

5-3. Results and Discussion

—Phase—

For Li3Cr2(PO4)3, B—Fez(SO4)3 type (P21/n) phase was formed
when the sintering was conducted at the temperature lower than
1473 K. Monoclinic phase (C/2c) was obtained for the samples
sintered above 1473 K. However, cracks appeared in the
Li3Cr2(PO4)3 pellets by the phase transition from P21/n to C/2c.
In the case of the Li3+XMgXCr2_X(PO4)3 system (x>0), B—Fe2(804)3
type P2;/n phase was formed when the sintering is conducted above
1473 K. We tried to obtain the NASICON-type rhombohedral (R3c)
phase by quenching the molten samples by pressing them between

two iron plates. However only the le/n monoclinic phase was

Fig. 5-1. B-Feg(P04)3-type structure for L13Cr2(P04)3.
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formed by the quenching for the samples of x>0. We could not
succeed in obtaining the NASICON-type Li3Cr2(PO4)3—based
electrolyte. The electrical properties were deterﬁined for the
sintered samples of the B—Fez(SO4)3 type momno-clinic (P21/n)
phase (Fig. 5-1).

We presumed that the lattice constants increase with x
value, because the ionic radius of Mg2+ (0.720 R) ion is larger
than that of CrS* (0.615 ﬁ) ion.12 However, the lattice constants
did not increase. The Li5Mg2(PO4)3 phase was observed as a second
phase when Mg2+ is mixed with Li3Cr2(PO4)3. In the present
Li3+XMgXCr2_X(PO4)3 system, the Mgz+ ions could not substitute
the Cr3* sites at all, and resulted in the mixed phase of
LigCry(P0O4)s5 and LigMgy(PO4)3. The Lig, Mg,Cry 5 (PO,)3 system
should be described as (1—y)L130r2(P04)3—yL15Mg2(PO4)3 system

(y=x/2).

—FElectrical properties and sinterability—

The total conductivity (bulk plus grain boundary) at 298 K
and the porosity of the sintered pellet for the
(l-y)Li3Cr2(PO4)3—yL15Mg2(PO4)3 system are plotted in Fig. 5-2.
The conductivity was greatly enhanced with the y increase, and a
maximum conductivity of 4.6x107° S-cm™! was obtained for y=0.2.
Although the high density pellet could not be obtained for
Li3Cr2(PO4)3 (y=0), the porosity decreased by increasing y. The
second phase of LisMgz(PO4)3 would contribute to obtain high
density pellets. LisMgz(PO4)3 (y=1.0) itself shows a low
conductivity, which was made clear in this study. The
conductivity decreased for the system above y=0.2. The lithium

migration was blocked by the excessive formation of the 1low
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Fig. 5-2. The conductivity at 298 K and the porosity of the
sintered pellet of the (1-y)LigCry(P0y)3-yLigMg,(P0,)3
system. conductivity(@), porosity(Q)

100+
277.8K
E
v
g 50_ 10 kHz 100 Hz
Z 1MHz \]O/J
f
4
0 Py - BR
0 50 100

RE/kQ-cm

Fig. 5-3. Cole-cole plot for the sample of O.8Li3Cr2(PO4)3—
0.2LigMgo(P04) 3 at 277.8 K.
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Figure 5-3 presenté the cole-cole plot for the
0.8Li3Cr2(P04)3—0.2L15Mg2(P04)3 sample at 277.8 K. Two
semicircles are ascribed to the resistance for the bulk and the
grain boundary components. By the cole-cole plot method, the
conductivities for the bulk and the grain boundary were
separately estimated. The activation energies of the conduc-
tivity of the bulk and the grain boundary components are shown in
Fig. 5-4. The activation energy for the bulk component is

constant. The activation energy for Li* migration in LiSCrz(PO4)3

0551
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Fig. 5-4. The activation energy for the bulk and the grain
boundary for the (1—'y)Li3Cr2(PO4)3—yL15Mg2(PO4)3
system. bulk(@), grain boundary(Q)
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bulk was determined to be 0.43 eV. The addition of LigMgo(POy)g
phase in LigCro(PO4)3 did not influence the activation energy for
the bulk component. The activation energy for the grain boundary
decreased by the increase in y value. This indicates that the
total conductivity enhancement (in Fig. 5-2) resulted from the
decrease in the activation energy of the Li* ion conduction at

the grain boundary with the high densification.
5-4. Summary

Li3Cr2(PO4)3—based ceramics were investigated to obtain a
high Li* ionic conductor at room temperature. The
0.8Li3Cr2(PO4)3—O.2L15Mg2(P04)3 sample shows a maximum
conductivity of 4.6x107° S-.cm™1 at 298 K. This conductivity was
about one order of magnitude lower than that of the NASICON-type
Li* ion conductors reported in this thesis. However, the obtained
conductivity is considerable high in the oxide-based
electrolytes. The B—Fez(PO4)3 type electrolyte would be another

candidate for the promising high Li* conducting material.
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Chapter 6
Concluding Remarks

In the work of this thesis, NASICON-type Li* ionic
conductors are investigated to obtain the high conductivity at
room temperature. The main results and conclusions obtained in
this study are summarized as follows.

1. LiTi5(PO4) 5 has the most suitable tunnel size for the Li*
migration in the NASICON-type tunnel structure, and whose
activation energy 1is ca. 0.30 eV. The activation energy was
increased to 0.38 eV for the small lattice size of LiGey(POy)s.
In the case of large lattice size of LiHf5(POy4)3, the activation
energy was also increased to 0.42 eV. The electrical properties
for the bulk for NASICON-type LiMy(PO4)g (M=Ge?*, Ti4*, or Hf%*)
hardly changed by the partial M4* substitution for M3* cation and
by the partial Li* ions insertion in second A(2) lithium sites.

2. The conductivity for the NASICON-type ceramic electrolyte
was mainly controlled by that of the grain boundary component at
around room temperature. The total conductivity greatly increased
with the preparation of the high conductivity grain boundary. The

sinterability was increased and the activation energy for the

M4+ M3+

grain boundary was decreased by the substitution for ion
or by the addition of the 1lithium compound for LiMz(PO4)3. The
reason for the conductivity enhancement with the M3* substitution
is attributed to the high sinterability and the decrease of the
activation energy at the grain boundary.

3. The excellent conductivity of 7x10"4~1x10"3 S-cm™ 1 at

room temperature was obtained for the LiTi,(PO4)sz-based solid
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electrolytes. This conductivity is almost the same as that of
Li3N single crystal, and is higher by one order of magnitude than
the reported maximum value as the oxide solid electrolytes. The
carrier ion for the LiTiz(PO4)3—based electrolyte is Li‘* ion,
which was confirmed by the DC conductivity measurement with the
Li metal electrodes. However, the Ti4* in LiTiz(PO4)3 easily
reduced to Ti3* with the contact of Li metal. This shows that the
LiTio(PO4)3-based material can not apply as an electrolyte of the
lithium battery.

4. LiGey(PO4)g-based and LiHf,(PO4)g-based electrolytes,
whose materials do not contain the reducible Ti4+, were
investigated. The conductivity was greatly enhanced with the M4+
(M=Ge and Hf) substitution for the M3* jon or the addition of the
lithium compound. The high conductivity of 1x10"4~3%x10"4 s-em™ 1
at room temperature was obtained for both the systems. These
materials are promising electrolytes for the high energy density
lithium batteries.

5. The LigCry(P04)3-based electrolytes were investigated to
obtain the NASICON-type structure. However, the NASICON-type
structure could not obtain in this study, and only B—Fez(SO4)3
type structure was obtained. The activation energy for a Li* ion
migration is 0.43 eV for this B—Fe2(304)3 type structure, and

the maximum conductivity is 4.6x107° S.cm™ 1

at room temperature.
This conductivity is about one order of magnitude lower than that
of the NASICON-type Li* ion conductors reported in this study.
However, the obtained conductivity is considerable high in the
oxide-based electrolytes. The B-Feq(S04)3 type electrolyte would

be another candidate for the promising high Li* conducting

material.
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