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A B S T R A C T   

The differences between the physicochemical properties of the laser and electron beam powder bed fusion (L- 
and EB-PBF) methods are yet to be explored further. In particular, the differences in the residual stress and phase 
stability of alloys with unstable phases remain unexplored. The present work is the first to systematically 
investigate how the heat source type and process parameters affect the surface residual stress and phase stability 
of an unstable β-type titanium alloy, Ti–15Mo–5Zr–3Al. The surface residual stress and β-phase behavior were 
studied using high-precision X-ray diffraction (HP-XRD). Significant differences were observed between the two 
methods. The L-PBF-made specimens exhibited tensile residual stresses of up to 400 MPa in the surface area. HP- 
XRD analysis revealed a stress-induced lattice distortion, interpreted as a transitional state between the β-phase 
and α”-phase. In contrast, the EB-PBF-made specimens showed no significant residual stress and had an undis
torted β-phase coexisting with the hexagonal α-phase caused by elemental partitioning. This study provides new 
insights into the previously neglected effects of L-PBF and EB-PBF in unstable β-type titanium alloys.   

1. Introduction 

Additive manufacturing (AM) technologies have the potential to 
economically fabricate customized parts with complex shapes. Among 
the AM techniques, powder bed fusion (PBF) is suitable for fabricating 
small parts with complicated shapes, and their applications in biomed
ical implants have been widely studied [1,2]. PBF technologies use 
either a laser or an electron beam as the heat source, which scans a thin 
layer of powder and fuses pass-by-pass and layer upon layer of thin 
powder to build a solid part according to a computer-aided design file. 
These techniques are called laser powder bed fusion (L-PBF) or electron 
beam powder bed fusion (EB-PBF) methods, depending on the heat 
source. Both methods are among the few AM techniques established for 
industrial applications of metal AM [3,4]. L-PBF is preferred for small 
parts with complicated shapes, whereas EB-PBF is more suitable for 
larger parts for several reasons. The small surface roughness of L-PBF 
helps to maintain the accuracy of the shape of small parts, while its high 

residual stress can cause a significant deformation when fabricating 
larger parts. Meanwhile, EB-PBF is more suitable for larger parts owing 
to its lower residual stress and higher scanning speed [5]. 

However, despite the considerable advantages of PBF, parts pro
duced with this technology can suffer from various defects, such as re
sidual stress, porosity, and surface roughness. Residual stress is 
detrimental for the final products because it can cause deformation 
[6–14], initiate or accelerate crack propagation [6,13,15], and reduce 
the overall mechanical strength of the fabricated parts [14,16–18]. The 
residual stress in the surface area is particularly important to understand 
because cracks often start on the surface [15,19]. Phase stability is 
equally important to understand because when an unstable phase is 
used, phase change can affect the mechanical properties of the parts. The 
thermal history of the parts experienced during the fabrication process 
can be significantly different between L-PBF and EB-PBF. In the case of 
titanium alloys with many elements and possible polymorphs involved, 
this difference in thermal history can significantly influence the residual 
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stress, phase stability, and ultimately, the performance of the parts. Both 
L-PBF and EB-PBF use similar fabrication processes. Nevertheless, there 
are significant differences that can lead to different amounts of residual 
stress in the resulting parts. When fabricating an unstable phase such as 
β-type titanium alloys, these differences can also affect the β-phase 
stability and result in different crystalline phases. L-PBF typically uses a 
powder size of approximately 10–60 µm, whereas EB-PBF uses a coarser 
powder of approximately 60–105 µm [3,5]. The powder bed was pre
heated for EB-PBF up to several hundred degrees, typically around 500 
◦C for β-type titanium alloys [20,21], while preheating at a temperature 
commonly below 200 ◦C was occasionally applied for L-PBF [21]. 
EB-PBF is conducted in vacuum and L-PBF in Ar gas. These differences 
translate into different thermal histories, that is, temperature gradients, 
solidification rate, and the resultant cooling rates represented by the 
product of both. The cooling rate of L-PBF is an order of magnitude 
higher than that of EB-PBF with the commonly used process parameters 
for Ti alloys [5]. These differences in the thermal history influence the 
level of residual stress, β-phase stability, and the size of the micro
structural features. 

One of the most promising candidates for biomedical implants is 
β-type Ti–15Mo–5Zr–3Al owing to its biocompatibility and uniquely low 
Young’s modulus [22,23]. The Young’s modulus of β-phase 
Ti–15Mo–5Zr–3Al is 84.3 GPa in the polycrystalline state [23], which is 
a better match to that of bones (10–30 GPa) compared to 114 GPa of 
α-type Ti–6Al–4V. This unique property is related to the body-centered 
cubic (bcc) structure. However, the amount of β-stabilizing elements 
needs to be limited to lower its Young’s modulus, making it challenging 
to maintain the bcc β-phase [24]. Ti–15Mo–5Zr–3Al is one such alloy 
with a low Young’s modulus and difficulty in maintaining a 
single-phase. The single-phase state of the β-phase in the L-PBF and 
EB-PBF-fabricated Ti–15Mo–5Zr–3Al parts can be easily disturbed not 
only directly by the thermal history during the fabrication process, but 
also indirectly by a change in elemental composition or residual stress 
caused by the different thermal histories unique to each technique. 

Although there have been comparative studies of L-PBF and EB-PBF 
[16,25], they focus on the differences in the mechanical properties of 
stable α-type titanium alloys. No in-depth comparison of the residual 
stress and phase stability of unstable β-type titanium alloys has been 
reported and is yet to be explored and understood to improve the per
formance of these alloys. 

There are several methods for measuring residual stress [7,26–33]. 
Among them, the XRD method is widely used because it is 
non-destructive, less expensive, and more accessible than the neutron 
diffraction method and has a higher resolution than the ultrasonic 
method [26]. The XRD method is sensitive to the surface residual stress 
owing to its small penetration depth of 20–40 µm for Cu Kα radiation in 
titanium alloys. However, it should be noted that a small penetration 
depth could limit the number of crystallites to be measured when the 
crystallite size is large and comparable to the penetration depth, and it is 
not suitable for probing internal residual stresses. Another advantage of 
the XRD method is that it does not require a stress-free standard mate
rial, which otherwise is required while it can cause an error in the 
neutron diffraction method [34,35]. Because of its resolution, accuracy, 
and sensitivity to the surface area, we used the XRD method to analyze 
the surface residual stress in this study. 

We used whole polycrystalline XRD patterns to analyze the crystal 
structure on the same volume analyzed for the residual stresses. Trans
mission electron microscopy (TEM) is often used to study the crystal 
structures of PBF-made alloys. However, it is destructive, and its reso
lution is limited to approximately 0.5 Å [36], equivalent to 15% of a 
typical β-type titanium unit cell size. In contrast, XRD is remarkably 
sensitive to the interatomic spacing change because a large volume 
contributes to the diffraction phenomena. We used XRD in this study for 
two reasons: One reason was to capture small changes in the crystal 
structure, which can occur before a complete phase transition. The other 
reason was to non-destructively measure both changes in the crystal 

structure and levels of residual stress on the same volume under the 
same measurement conditions. Furthermore, in this study, we used 
high-precision XRD (HP-XRD) to investigate small changes in the un
stable β-phase crystalline structure that cannot be observed by con
ventional techniques, such as TEM. HP-XRD combines parallel beam 
geometry, the whole pattern fitting (WPF) method, and a high-precision 
systematic peak position correction to achieve a lattice distortion 
sensitivity of 0.02% [37,38]. 

This study aims to understand the influence of L-PBF and EB-PBF on 
the surface residual stress and phase stability of an unstable β-type ti
tanium alloy. We fabricated Ti–15Mo–5Zr–3Al (mass %) parts using L- 
PBF and EB-PBF. The fabrication began with powders produced from the 
same ingot. The dimensions of the parts and analyzed volumes were kept 
the same to isolate the influences of the fabrication methods. We 
quantified the surface residual stresses and analyzed the changes in 
crystal structures in detail using HP-XRD. A systematic and quantitative 
comparison of the differences between the two techniques and different 
process parameters is reported. Furthermore, the origins of the differ
ences and their implications for the design of PBF-made implants are 
discussed. 

2. Material and methods 

An ingot with a nominal composition of Ti–15Mo–5Zr–3Al was used 
as the starting material. Both powders for L-PBF and EB-PBF were pro
duced from the same starting material by Ar gas atomization using an 
induction coil to melt the ingot (OSAKA Titanium Technologies, Japan). 
The obtained powder was spherical in shape. The particle sizes were 
measured using a Mastersizer 3000E particle size analyzer (Malvern 
Panalytical, UK). The particle sizes were D10 = 19.0 µm, D50 = 31.6 µm, 
D90 = 50.3 µm, and D10 = 52.1 µm, D50 = 75.5 µm, D90 = 110 µm for 
L-PBF and EB-PBF, respectively. Specimens with dimensions of 5 mm 
(width) × 5 mm (depth) × 50 mm (height) were fabricated. A total of 24 
specimens of the same dimensions arranged in five-piece by five-piece 
grid with one vacant position at the center were fabricated at the 
same time. The samples measured by XRD in this study were selected 
from the peripheral region of the 5 × 5 square grid to minimize the effect 
of heat accumulation on the base plate [39]. The specimen surface was 
blown with compressed air to remove partially melted powder particles 
from the sample surface. Fig. 1 shows scanning electron microscopy 
(SEM) images of the powders and the appearance of the built specimens. 
In both L-PBF and EB-PBF, the same scan strategy in which beams were 
scanned parallel to the X-axis in alternating directions (Fig. 1(c)) [40, 
41] was employed. A contour scan was not performed. Although 
changing the scan direction from layer to layer can also affect the re
sidual stress, to avoid overcomplicating the comparison of various ef
fects such as scan direction, scan path length, related thermal history, 
and gas flow direction on the residual stress and crystal structure, we 
focused on the scan strategy without rotation in this study. For L-PBF, we 
used an EOS M 290 (EOS, Germany) equipped with a Yb fiber laser. The 
baseplate was preheated to 80 ◦C. Two beam conditions of beam power 
and scan speed at 360 W, 1200 mm/s and 75 W, 250 mm/s, were 
compared. Hereafter, we refer to these specimens as L-PBF-360 W and 
L-PBF-75 W, respectively. The hatch distance and layer thickness were 
0.1 mm and 0.06 mm, respectively. For EB-PBF, we used an Arcam Q10 
(Arcam, Sweden). The powder bed was preheated at 520 ◦C and two 
beam conditions of beam current and scan speed at 15 mA, 5000 mm/s 
and 12.5 mA, 6000 mm/s were compared. We refer to these specimens 
as EB-PBF-15 mA and EB-PBF-12.5 mA hereafter. The hatch distance and 
layer thickness were 0.1 mm and 0.05 mm, respectively. Both L-PBF and 
EB-PBF beam powers and scan speeds were selected to represent two sets 
of conditions that are largely different while achieving high-density 
parts for each PBF process determined by preliminary tests of a wide 
range of parameters. Table 1 summarizes the specimen labels and scan 
conditions. 

For the residual stress measurements, it is required that the crystal 
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grains are sufficiently small and there is no specific crystallographic 
orientation within the measurement volume (20–40 µm depth from 
surface). Prior to the measurements, we confirmed that the vicinity of 
the sample surface meets these requirements (see Supplementary Ma
terials A: Fig. A1). The residual stress data and whole polycrystalline 
diffraction patterns were collected using a SmartLab diffractometer 
(Rigaku Corporation, Japan) equipped with a Cu target 9 kW rotating 
anode X-ray generator, a horizontal goniometer, an Eulerian cradle, an 
XY mapping stage, and a Si strip detector. A parabolic multilayer mirror 
with 0.04◦ beam divergence on the incident side and a parallel slit 
analyzer with a 0.5◦ acceptance angle on the receiving side achieved a 
parallel beam geometry with Cu Kα radiation. The X-ray generator was 
operated at 45 kV and 200 mA, and a Si strip detector was used as the 
point detector. To map the change in the residual stress and crystal 
structure along the building direction of the specimens, we shaped the 
incident X-ray beam to a 1 × 2 mm rectangle, which resulted in a beam 
footprint on the specimen surface of 1–3 mm wide, depending on the X- 
ray incident angle, and 4 mm long in the building direction. The spec
imen was placed such that the building direction was perpendicular to 
the diffraction plane defined by the incident and diffracted X-ray beams 
(see Supplementary Materials B: Fig. B1). To keep the analyzed volume 
the same between the residual stress and the crystal structure analysis, 
we used the same experimental setup to analyze the residual stress, 
identify and quantify the crystalline phases, and refine the lattice 
parameters. 

For the residual stress measurements, we aligned and tested the 
diffractometer according to the ASTM E915-10 standards [42]. The re
sidual stress measurement conditions were selected according to SAE 
International standards [28]. The sin2ψ iso-inclination method was used 
to measure the horizontal σX and σY components of the residual stress in 
the XZ and YZ planes, respectively. The sin2ψ side-inclination method 
was used to measure the vertical σZ component of the stress in the XZ 
and YZ planes (see Supplementary Materials B: Fig. B2). Because the 

focus of this study was the surface residual stresses that can initiate 
cracks or reduce the mechanical strength of the fabricated parts, the 
residual stresses were measured after the specimens had been removed 
from the base plate. Therefore, the results of this XRD measurement 
represent the residual stresses that remained after the base plate 
removal. The residual stresses generally change when a part is removed 
from the baseplate, depending on the shape and dimensions of the parts 
[44]. A diffraction peak as close to 165◦ as possible and a sufficient 
number of ψ positions (seven or more) are recommended for an accurate 
determination of the residual stress [42]. We used the β-phase (3 2 1) 
reflection at approximately 124.0◦ and 11 points of ψ from 0.0◦ to 50.8◦

for the iso-inclination method and from 0.0◦ to 45.0◦ for the 
side-inclination method. At this setting, the penetration depth of the Cu 
Kα radiation, defined as the point where only 1% of the incident beam 
can travel, varied from 10 µm at side-inclination ψ = 50.8◦ to 43 µm at 
ψ = 0 ◦. The Young’s modulus of 84.3 MPa [23] and Poisson’s ratio of 
0.33 were used for the residual stress calculation. The average deviation 
of the eleven ψ positions from the linear fit of the sin2ψ plot was used as 
the size of the error bar of each residual stress value because this value 
reflects the validity of the linear fit model as well as the accuracy of the 
measurement of the diffraction angles [42]. This average deviation also 
indicates the detection limit of a particular measurement. We considered 
double this value as the detection limit for each measurement. 

The whole polycrystalline diffraction patterns were analyzed using 
the whole pattern fitting (WPF) method to verify the single-phase state 
of the β-phase or to quantify the deviation from that state. A poly
crystalline diffraction pattern can be calculated using the X-ray intensity 
Ical as a function of the scattering angle 2θ using the following equation: 

Ical(2θ) = A(2θ)
∑

n
Sn

∑

hkl
Mn,hklLn,hklIn,hklΦn

(
2θ − 2θn,hkl − T(2θ)

)
+ yb(2θ),

(1)  

Fig. 1. (a) SEM images of gas-atomized Ti–15Mo–5Zr–3Al powders used for L-PBF and EB-PBF, (b) appearance of L-PBF- and EB-PBF-made parts, and (c) mea
surement locations shown with the part dimensions, coordinate axes, and the beam scan and layer building directions. Each of the “measured spots” is 4 mm long in 
the Z direction and 1–3 mm wide in the X or Y direction, depending on the X-ray incident angle. 

Table 1 
Beam conditions for L-PBF and EB-PBF.  

Label Laser beam power [W] Scan speed [mm/s] Hatch distance [mm] Layer thickness [mm] 

L-PBF-360 W 360 1200 0.1 0.06 
L-PBF-75 W 75 250 0.1 0.06 

Label Electron beam current [mA] Scan speed [mm/s] Hatch distance [mm] Layer thickness [mm] 

EB-PBF-15 mA 15 5000 0.1 0.05 
EB-PBF-12.5 mA 12.5 6000 0.1 0.05  
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where A(2θ) is the absorption factor and Sn is the scale factor of the nth 
phase. Mn,hkl, Ln,hkl, and In,hkl are the multiplicity factor, Lorentz polari
zation factor, and integrated diffraction intensity of the (h k l) reflection 
of the nth phase, respectively. Φn is the profile shape function of the nth 
phase, 2θn,hkl is the diffraction angle of the (h k l) reflection of the nth 
phase, calculated from the lattice parameters, T(2θ) is the systematic 
diffraction peak shift, and yb(2θ) is the background scattering. The WPF 
method, also called the Pawley method when In,hkl is not constrained by 
the crystal structure, increases the precision of the lattice parameter 
analysis by introducing constraints based on the crystal symmetry and 
profile shape function Φn determined by the standard reference material 
[43]. 

In addition to using the WPF method, it is essential to correct the 
systematic diffraction peak shifts, T(2θ) in Eq. (1), to accurately analyze 
the lattice parameters and quantitatively study a subtle change in the 
crystal structure. With the commonly used Bragg-Brentano geometry, 
the systematic peak shift correction requires the sample surface to be 
smooth and flat in the order of micrometers and a standard material with 
a known lattice parameter to be mixed into the specimen. However, 
these conditions are not achievable with PBF-made specimens because 
they inevitably have surface irregularities based on the difference in 
powder particle size used. In contrast, the parallel beam geometry does 
not have specimen-specific systematic peak shifts or surface roughness 
and curvature-related peak shifts. Therefore, all peak shifts are inde
pendent of the specimen and its surface condition, and they can be fully 
corrected using a standard reference material measured separately from 
the specimen. The peak shift T(2θ) in Eq. (1) can be modeled using the 
following equation: 

T(2θ) = P1 +
P2

tan2θ
+ P3cosθ. (2)  

where P1, P2, and P3 are the fitting parameters. These parameters were 
refined in the WPF analysis of the standard reference material, while the 
lattice parameter was fixed at a certified value. The refined P1, P2, and P3 
were then fixed to correct the systematic peak shifts, and the lattice 
parameters of Ti–15Mo–5Zr–3Al were refined by fitting the entire 
diffraction pattern using Eq. (1). By combining the parallel beam ge
ometry, systematic peak shift correction, and WPF method, the HP-XRD 
method can analyze lattice parameters with a sensitivity of 0.02% or 
better [37,38]. 

We also used the WPF method to quantify the mass percentage of 
each phase. The WPF method can introduce constraints in diffraction 
peak intensities by theoretically calculating the integrated diffraction 
intensity, In,hkl in Eq. (1), based on the atomic coordinates. This tech
nique is called the Rietveld method. When the diffraction peak intensity 
constraints are introduced, the scale factor, Sn, in Eq. (1), can be con
verted into the mass % of the nth phase in a mixture [45]. 

In this study, we used HP-XRD to analyze the lattice parameters and 
the quantity of each Ti–15Mo–5Zr–3Al phase. We used the split pseudo- 
Voigt function as the profile shape and constrained the diffraction peak 
shape and width as a function of the diffraction angle. The systematic 
diffraction peak shifts were corrected to remove the errors in the lattice 
parameter analysis by measuring a standard reference lanthanum 
hexaboride powder, NIST SRM 660c (National Institute of 
Standard and Technology, USA), with a known lattice parameter of 
4.156826 ± 0.00008 Å at 22.5 ◦C, certified by the National Institute of 
Standards and Technology [46]. The diffraction peak widths of NIST 
SRM660c were also used to correct the diffraction peak broadening 
caused by the finite resolution of the diffractometer and estimate the 
crystallite size and random lattice strain of the specimens. These factors 
broaden the diffraction peaks but can be analyzed separately by using 
multiple diffraction peaks over a wide range of diffraction angles [47]. 

To understand the origin of the differences in the surface residual 
stress and crystal structures observed on the L-PBF-made parts between 
different process parameters, we performed finite element analysis to 

simulate the heat transfer and temperature change during the L-PBF 
process. COMSOL Multiphysics® 5.5 (COMSOL Inc., USA) was used for 
the numerical simulation. The dimensions of the finite element model 
were 5 (width) × 5 (depth) × 2 (height) mm. In the simulation, the laser 
scanned the entire 5 × 5 mm XY plane to calculate the temperature 
distribution at the center of both the XZ and YZ planes. The L-PBF-360 W 
and L-PBF-75 W scanning conditions listed in Table 1 were used in the 
simulation. Under these conditions, the laser made 25 round trips per 
60 µm thick layer. As we assume that the heat flux from the laser beam 
satisfies the Gaussian distribution [48–50], the three-dimensional en
ergy distribution can be expressed as a function of radius r and depth z: 

Q0(r, z) =
2αP

πR2z0
exp

(

−
2r2

R2

)

×

(

1 −
z
z0

)

(0 < z < z0) (3)  

where α is the heat absorptivity of the laser beam on the metal powder 
bed, P is the laser power, R is the radius of the beam set to 50 µm [51, 
52], and z0 is the penetration depth of the laser. In this calculation, the 
powder bed was not modeled, but α was set to 85% to consider the high 
heat absorptivity of the powder bed [48]. Further, z0 was adjusted based 
on the melt-pool dimensions [53,54]. The temporal and spatial heat 
transfer is governed by the following equation [55,56]: 

ρC
∂T
∂t

+∇∙q = Q (4)  

where ρ is the material density, C is the specific heat capacity, T is the 
temperature, t is the time, q is the heat flux, and Q is the amount of heat 
generated per unit volume. The latent heat was considered by incor
porating it into the temperature dependence of the specific heat capacity 
[57,58]. The heat flux due to heat conduction is represented by the 
following equation, according to Fourier’s law: 

q = − k∇T (5)  

where k is thermal conductivity. The boundary conditions on the outer 
surface of the model are set using the following equation: 

− n∙q = q0 = h(Text − T) (6)  

where n is the normal vector of the surface through which the heat 
flows, h is the heat transfer coefficient and was set to 10 W/m2 K, and 
Text is the external temperature at which the model contacts the envi
ronment. Table 2 lists the thermal properties used in the simulation. The 
material density was set to 5010 kg/m3 [59], and the liquidus and sol
idus temperatures were calculated using JMatPro® Version 9.1 (Sente 
Software, UK). 

3. Results 

3.1. Residual stress analysis by the sin2ψ method 

The sin2ψ plots for the residual stress in the horizontal direction σX at 
Z = 5 mm on the XZ plane, at the beginning of the growth, for L-PBF- 
360 W and EB-PBF-15 mA are shown in Fig. 2. The sin2ψ plot of L-PBF- 
360 W shows a linear correlation between sin2ψ and the diffraction 

Table 2 
Thermal properties used in the simulation.  

Property Value [unit] 

Solidus temperature 1998 [K] 
Liquidus temperature 2018 [K] 
Density 5010 [kg/m3] 
Thermal conductivity of solid 21 [W/m K] 
Thermal conductivity of liquid 29 [W/m K] 
Specific heat capacity of solid 670 [J/kg K] 
Specific heat capacity of liquid 730 [J/kg K] 
Latent heat 370 [kJ/kg]  
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angle with a Pearson correlation coefficient r = − 0.988 at a tensile stress 
of 315 ± 16 MPa. However, the plot of EB-PBF-15 mA shows a flat line, 
indicating that there is no residual stress in the surface area detectable 
by this XRD measurement. These results experimentally demonstrated 
that the L-PBF-made part suffered from a large amount of residual stress, 
while the EB-PBF-made part did not, as previously suggested by indirect 
comparisons [60–62]. This experiment successfully isolated the differ
ence between the two fabrication processes by keeping the starting 
material, the resulting part dimensions, and the residual stress mea
surement conditions the same between the two specimens. 

Fig. 3 shows the residual stress values as a function of the location 
along the building direction Z for the L-PBF-made specimens. The XZ 
plane of L-PBF-360 W (Fig. 3(a)) showed the highest overall tensile re
sidual stress of all measured planes, ranging from 146 ± 16 MPa to 
402 ± 60 MPa. The residual stresses on the YZ plane (Fig. 3(b)) were 
lower than those of XZ and ranged from 27 ± 11 MPa to 94 ± 17 MPa. 
In addition, L-PBF-75 W showed residual stress ranging from less than 

the detection limit of this measurement to 87 ± 20 MPa on both the XZ 
and YZ planes (Fig. 3(c) and (d)). Overall, these values were lower than 
those of L-PBF-360 W. These results indicate the following: (1) The 
higher laser power and the higher scan speed of L-PBF-360 W, 360 W 
and 1200 mm/s, resulted in greater residual stress than that of L-PBF-75 
W, 75 W and 250 mm/s, while the energy density was maintained at 
50 W/mm3/s. (2) The XZ plane parallel to the laser beam scan direction 
retained higher residual stresses than the YZ plane perpendicular to the 
scan direction. 

Fig. 4 shows the residual stress values as a function of the location 
along the building direction for the EB-PBF-made specimens. Between 
EB-PBF-15 mA (Fig. 4(a) and (b)) and EB-PBF-12.5 mA (Fig. 4(c) and 
(d)), the residual stress values were scattered between − 37 ± 22 MPa 
and 75 ± 36 MPa. These can be regarded as very little to no stress, 
considering that the stress values are below the detection limit. 

Fig. 2. Sin2ψ-plots for residual stress in the horizontal direction σX on (a) L-PBF-360 W and (b) EB-PBF-15 mA measured on the XZ plane at Z = 5 mm.  

Fig. 3. Measured residual stress in the horizontal and vertical directions, σX, σY, 
and σZ, on the (a) L-PBF-360 W XZ plane, (b) L-PBF-360 W YZ plane, (c) L-PBF- 
75 W XZ plane, and (d) L-PBF-75 W YZ plane at different locations along the 
building direction. The insert shows the measured planes and residual 
stress directions. 

Fig. 4. Measured residual stress in the horizontal and vertical directions, σX, σY, 
and σZ, on the (a) EB-PBF-15 mA XZ plane, (b) EB-PBF-15 mA YZ plane, (c) EB- 
PBF-12.5 mA XZ plane, and (d) EB-PBF-12.5 mA YZ plane at different locations 
along the building direction. The insert shows the measured planes and residual 
stress directions. 
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3.2. β-phase stability analysis by the Whole Pattern Fitting (WPF) method 

The XRD patterns of the L-PBF raw powder, L-PBF-360 W on the XZ 
plane at Z = 5 mm, EB-PBF raw powder, and EB-PBF-15 mA on the XZ 
plane at Z = 5 mm are shown in Fig. 5(a). These XRD patterns confirm 
that the L-PBF raw powder and L-PBF-360 W consisted of only the 
β-phase, while the EB-PBF raw powder and EB-PBF-15 mA had the 
α-phase and β-phase. The raw powder completely melted during the EB- 
PBF process; thus, the α-phase in the EB-PBF raw powder did not affect 
the phase composition of the resulting parts. After the fabrication pro
cess, a higher amount of α-phase appeared, as seen in the XRD pattern of 
EB-PBF-15 mA. It is also worth noting that the β-phase diffraction peaks 
of the EB-PBF raw powder and EB-PBF-15 mA were broader than those 
of the L-PBF raw powder and L-PBF-360 W. A small crystallite size of less 
than 100 nm and random lattice strain can cause diffraction peak 
broadening [63]. The random lattice strain, representing the degree of 
lattice disorder in percentage, was estimated for the β-phase using WPF. 
The random lattice strain values were 0.227 ± 0.009% for the L-PBF 
powder and 0.43 ± 0.01% for the EB-PBF powder. No effect of small 
crystallite size was observed in the raw powders. For EB-PBF-15 mA, the 
crystallite size and random lattice strain for the β-phase were estimated 
to be 26 ± 2 nm and 0.51 ± 0.011%, respectively. The crystallite size 
estimated here is defined as the size of a single crystal that coherently 
diffracts X-rays, and it is different and can be much smaller than the 
grain size observed optically or by SEM. 

Fig. 5(b) shows the XRD profiles of the L-PBF powder and L-PBF- 
360 W (XZ plane, Z = 5 mm) around the β-phase (3 1 0) reflection. The 
(3 1 0) reflection of L-PBF-360 W splits into multiple peaks, while the 
same reflection of the L-PBF powder is a single peak. This peak split 
indicates that the bcc structure in the L-PBF-made specimen was dis
torted and became a body-centered tetragonal (bct) structure, as pre
viously reported by the authors [64]. We assumed a bct structure with c 
slightly shorter than a and applied the WPF analysis. The bcc phase 
peaks can overlap with the bct peaks; thus, we cannot identify whether 
the bct and bcc phases co-exist. To limit the degrees of freedom, we 
assumed a single-phase bct. This bct structure model fits the observed 
diffraction pattern well, and the goodness of fit parameter Rwp decreased 
from 13.93% for the bcc model to 10.84%. A smaller Rwp value indicates 
a better fit. As a result of the WPF analysis, the L-PBF-360 W lattice 
parameters were refined as a = 3.2684 ± 0.00014 Å and c 

= 3.2426 ± 0.00025 Å, exhibiting a 0.79% difference between the two 
axes. The diffraction pattern of the L-PBF raw powder did not show any 
peak split and was fitted by assuming a bcc structure. The lattice 
parameter was refined to a = 3.2647 ± 0.0002 Å (see Supplementary 
Materials C: Fig. C(a) and C(b) for the WPF analysis results). 

The lattice parameters were analyzed using the Pawley method for L- 
PBF-360 W and L-PBF-75 W at all locations, as shown in Fig. 1(c). Fig. 6 
shows the refined lattice parameters as a function of the distance from 
the growth starting point. The lattice parameter of the L-PBF raw 
powder, 3.2647 ± 0.0002 Å, is shown as a reference value determined 

Fig. 5. (a) Whole polycrystalline XRD patterns of L-PBF raw powder, L-PBF-360 W on the XZ plane at Z = 5 mm, EB-PBF raw powder, and EB-PBF-15 mA on the XZ 
plane at Z = 5 mm. The α- and β- phase peaks are labeled. (b) The XRD patterns of L-PBF raw powder and L-PBF-360 W on the XZ plane at Z = 5 mm around the bcc 
(3 1 0) reflection. The L-PBF-360 W peak is splitting into the bct (3 1 0), (3 0 1), and (1 0 3) reflections. 

Fig. 6. Refined lattice parameters a and c of the bct β-phase on the (a) L-PBF- 
360 W XZ plane, (b) L-PBF-360 W YZ plane, (c) L-PBF-75 W XZ plane, and (d) L- 
PBF-75 W YZ plane at different locations along the building direction. The gray 
line shows the bcc structure lattice parameter obtained from L-PBF raw powder 
as a reference. The insert shows the measured planes. 
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for a residual-stress-free and single-bcc-phase Ti–15Mo–5Zr–3Al. The XZ 
planes (Fig. 6(a) and (c)) showed a more significant difference between a 
and c, which translates to a greater deviation from the bcc structure 
compared to the YZ planes (Fig. 6(b) and (d)). Additionally, L-PBF- 
360 W showed a greater deviation from the bcc structure than L-PBF-75 
W. These results indicate that the higher laser beam power, scanning 
speed, and continuous beam scan in one direction are responsible for the 
deviation from the bcc structure. It should be noted that these lattice 
parameters were measured using lattice planes parallel to the specimen 
surface. The spacing of these lattice planes decreased as the tensile re
sidual stress value of the same location increased. The residual stress 
affects all the (h k l) lattice planes parallel to the measured surface. 
Therefore, when the crystals are randomly oriented, all crystallographic 
axes shrink because of the tensile stress. This means that all (h k l) re
flections observed in the whole XRD pattern in this study were equally 
affected by the stress, and all diffraction peaks shifted to the positive 
side. However, these peaks do not split because of the overall strain 
directly caused by residual stress. The (h k l)-dependent peak split is only 
caused by a lowered symmetry, that is, a deviation from the bcc to bct 
structure, involving expanding the a and b axes and shrinking the c axis 
selectively, regardless of their grain orientation, instead of shrinking all 
axes [64]. 

The β-phase lattice parameter and the ratio of β- and α-phases were 
analyzed using the Rietveld method for EB-PBF-15 mA and EB-PBF- 
12.5 mA at all locations, as shown in Fig. 1(c). To refine the ratio of the 
β- and α-phases, we maintained the relative peak intensity restrained by 
each structure’s atomic coordinates. Fig. 7(a) shows the refined β-phase 
lattice parameters as a function of the distance from the growth starting 
point. In contrast to the L-PBF-made specimens, the EB-PBF-made 

specimens showed no peak split caused by a change in the crystal 
structure symmetry, indicating that the β-phase remained bcc. 
Furthermore, no notable difference was observed between the XZ and YZ 
planes or between EB-PBF-15 mA and EB-PBF-12.5 mA. On both planes 
of both specimens, however, the bcc β-phase lattice parameter increased 
along the building direction. As shown in Fig. 7(a), at the beginning of 
the growth, the β-phase lattice parameters of the EB-PBF-made speci
mens were shorter than those of the reference values obtained from the 
residual-stress-free and single-bcc-phase raw powders. The β-phase lat
tice parameters increased toward the reference value as the specimens 
grew, although there was no significant amount of residual stress that 
changed the lattice spacing. This trend indicates that there is another 
factor, such as a shift in the elemental composition, at play that changes 
the lattice parameter. 

Fig. 7(b) shows the mass percentage of the β-phase as a function of 
the distance from the growth starting point. It ranged from 60.5 ± 0.5 
mass% to 78.3 ± 0.7 mass% and increased along the building direction. 
No notable difference was observed between the XZ and YZ planes or 
between EB-PBF-15 mA and EB-PBF-12.5 mA. The lattice parameter of 
the β-phase decreased as the amount of the α-phase increased. This 
correlation indicates that elemental exchange between the α- and 
β-phases simultaneously changes the β-phase lattice parameter and the 
α- and β-phase ratio. 

3.3. Elemental composition analysis by SEM-EDS 

To investigate the mass% of each element in the α- and β-phases, we 
applied scanning electron microscopy energy-dispersive X-ray spec
troscopy (SEM-EDS) and electron backscattering diffraction (EBSD) to 
the near-surface area of the EB-PBF-15 mA XZ plane at Z = 25 mm.  
Fig. 8(a) and (b) show the SEM and EBSD results, respectively. Fig. 8(c) 
and (d) shows the EDS maps of Mo and Ti, respectively, in the same area. 
The estimated penetration depth of the electron beam of 10 kV, the 
setting used in this experiment, is estimated to 0.63 µm [65,66]. The 
finite penetration depth can reduce the spatial resolution of the exper
iment and affect the accuracy of the absolute values of the EDS analysis. 
However, the majority of the EDS analysis results come from the center 
area of the electron beam [67]. Furthermore, the EBSD result in Fig. 8(b) 
indicates that the spatial resolution of this experiment was sufficient to 
differentiate between the α- and β-phases. Therefore, the relative 
discrepancy in the chemical composition between the α- and β-phases 
observed in the EDS measurements shown in Fig. 8(c) and (d) is 
meaningful. The EDS map of Mo shows a smaller amount of Mo in the 
α-phase compared to that in the β-phase. The mass% of Ti, Mo, Zr, and Al 
were analyzed at three locations for each phase and averaged. The re
sults are shown in Table 3. Mo and Ti showed an approximately 4 mass% 
difference between the α- and β-phases with Mo partitioning to the 
β-phase. Al showed a slight difference, partitioning toward the α-phase. 
Zr did not exhibit significant partitioning. These results demonstrate 
that the β-stabilizing element, Mo, partitioned to the β-phase, mainly 
replaced Ti, and made the β-phase Mo-rich and more β-stable while 
leaving the α-phase Mo-poor and more α stable. 

4. Discussion 

4.1. Validity of the XRD residual stress analysis 

Because residual stress analysis methods are often based on multiple 
assumptions, we now discuss the validity of the assumptions of the sin2ψ 
method in the present study. The residual stress σ in the direction 
perpendicular to the rotation axis of the ψ angle is calculated from the 
following equation in the sin2ψ residual stress analysis method [28]: 

σ = −
E

2(1 + ν)∙cotθ0∙
∆2θ

∆
(
sin2ψ

) (7) 

Fig. 7. (a) Refined lattice parameters and (b) mass% of the bcc β-phase of the 
EB-PBF-15 mA XZ plane (red solid line), EB-PBF-15 mA YZ plane (blue solid 
line), EB-PBF-12.5 mA XZ plane (red dashed line), and EB-PBF-12.5 mA YZ 
plane (blue dashed line) at different locations along the building direction. The 
gray line in (a) shows the bcc structure lattice parameter obtained from L-PBF 
raw powder as a reference. 
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where E is Young’s modulus, ν is Poisson’s ratio, and θ0 is half the 
diffraction angle of a material with no residual stress. First, we assume 
that a known diffraction angle taken from a commonly used database 
such as the International Center for Diffraction Data (ICDD) or measured 
from a powder specimen is the same as the θ0 value of the measured 
specimen with the residual stress removed. This is a valid approximation 
because the effect of a small lattice parameter change on the value cot 
θ0 is negligible, especially when the diffraction angle is high. Further
more, note that cot θ0 is a scale factor; therefore, the error in this value 
might cause a slight shift in the overall stress values, but it never causes a 
false positive when there is no residual stress. Second, Eq. (7) is derived 
based on the assumption that the strains are linearly dependent on sin2ψ . 
This assumption is invalid when the relationship is not linearly depen
dent, which could occur when there is shear stress out of the plane on the 
surface, large crystallite size, preferred crystallographic orientation, or 
high strain gradient in the analyzed region. The linearity of the sin2ψ 
plot shown in Fig. 2(a) ensures that none of these factors exist in the 
specimens analyzed in this study. Hence, we can conclude that the 
second assumption of this analysis method is valid. 

4.2. Residual stresses in L-PBF-made specimens 

The residual stresses of the L-PBF-made specimens were dependent 
on the process parameters, the distance from the growth starting point, 
and the relationship to the beam scan direction, as shown in Fig. 3. All of 
these parameters are related to the different local temperature gradients 
and cooling rates around the molten area. First, we discuss the rela
tionship between the residual stress and the distance from the growth 
starting point. The residual stress of L-PBF-360 W gradually decreased as 
the specimen grew in the Z direction on both the XZ and YZ planes, while 
L-PBF-75 W showed a minimal amount of residual stress with no 

significant change in the building direction. At the beginning of the 
growth process, the heat generated by the laser beam immediately es
capes to the base plate, and the overall growth layer temperature drops 
rapidly [68,69]. As the specimens become taller or thicker, it takes 
longer for the heat to escape to the base plate because more heat starts to 
dissipate from the specimen surface to the atmosphere, which is a slower 
cooling process. At the same time, the rapid temperature change and 
greater temperature gradient are the leading causes of residual stress in 
metal parts produced by AM [2,14,18,71,72]. Therefore, we can un
derstand the gradual decrease in the residual stress of L-PBF-360 W as 
follows. As the specimen grew, the cooling process slowed down, the 
local temperature gradient decreased, and those changes along the 
building direction resulted in a reduction in residual stress. 

Next, we discuss the difference in residual stress between the XZ and 
YZ planes. This difference arises from the difference in the directions of 
the planes relative to the beam scan direction. The XZ plane is parallel to 
the laser beam scan direction and shows a higher level of residual stress 
(Fig. 3(a) and (c)) than the YZ plane perpendicular to the beam scan 
direction (Fig. 3(b) and (d)). These trends were the same for both L-PBF- 
360 W and L-PBF-75 W, with L-PBF-360 W showing a more significant 
difference. A difference in the residual stress between the parallel and 
perpendicular directions to the beam scan direction has been previously 
reported [7,73]. However, these studies were conducted on the surface 
of a thin plate-shaped specimen. The residual stress anisotropy observed 
in this study was on the side planes of a tall specimen as opposed to the 
scanned surface, and it requires a different explanation. 

Because the laser beam scan was always in the X direction, the XZ 
and YZ planes experienced different temperature gradients. On the XZ 
plane, as shown in Fig. 9(a), the laser beam moves in one direction, and 
the molten area starts cooling immediately after the laser beam passes. 
In contrast, the laser beam makes a U-turn on the YZ plane and starts 
scanning the next line on the same side that was just scanned. This U- 
turn motion results in the laser beam scanning two lines only 0.1 mm 
apart right after another and slows down the cooling process. To 
determine the temperature, heating, and cooling rate differences be
tween the XZ and YZ planes, we simulated the temperature at the center 
of the XZ and YZ planes for four different depths, starting from the top 
XY surface scanned by the laser beam to a depth of 240 µm with a 60 µm 
interval. The point of calculation was set at a 20 µm depth from the XZ 
and YZ planes, to represent the area analyzed using XRD. The L-PBF-360 
W conditions, 360 W and 1200 mm/s, were used for the simulation. The 

Fig. 8. (a) SEM, (b) EBSD, (c) EDS map of Mo, and (d) EDS map of Ti at the near-surface region of EB-PBF-15 mA XZ plane at Z = 25 mm. Yellow and blue indicate 
high and low concentrations, respectively. The results show that the β-phase is Mo-rich, and the α-phase is Mo-poor. (e) Schematic of the measured location. 

Table 3 
Elemental compositions of α- and β-phases determined by SEM-EDS (The near- 
surface region of EB-PBF-15 mA XZ plane at Z = 25 mm).  

Phases α β 

Ti  77.3 ± 1.0  73.3 ± 0.6 
Mo  14.6 ± 0.8  18.9 ± 0.5 
Zr  5.4 ± 0.3  5.4 ± 0.2 
Al  2.7 ± 0.1  2.4 ± 0.1  

A. Takase et al.                                                                                                                                                                                                                                 



Additive Manufacturing 47 (2021) 102257

9

simulated temperatures are shown in Fig. 9(b) and (c). The scan 
numbers in Fig. 9(a) are marked on the simulation results to indicate the 
scan that causes each temperature peak. The time axis for the YZ plane is 
offset by 102.1 ms to compensate for the time required for the laser 
beam to reach the center of the YZ plane. Fig. 9(c) shows that scans ➊ 
and ➋ do not have enough time to cause a temperature decrease 

between the two scans, so the temperature peaks caused by those two 
scans form one broad peak. The same process was repeated for scans ➌ 
and ➍. On the XZ plane, the equivalent four scans ➀ – ➃ have a 4.16 ms 
interval and form four distinctive peaks. The heating and cooling rate 
the part experiences after the alloy completely solidifies the last time 
dictates the level of residual stress. Thus, we focused on the heating and 

Fig. 9. (a) Schematic diagrams of laser scan strategy, the points of calculation, and simulated temperature when the point of calculation is scanned for the first time 
on the XZ and YZ planes. The point of simulation is 20 µm deep from the XZ and YZ planes. (b) and (c) show the temperatures calculated on those points from the 1st 
to 4th layers (0–240 µm from the XY plane at a 60 µm step). (d) shows the heating and cooling rate comparison between the XZ and YZ planes for the 1st scan after 
the last solidification process. The process parameters of L-PBF-360 W were used for the simulation. 
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cooling rates of the first layer after the temperature reached the solidus 
temperature of Ti–15Mo–5Zr–3Al, 1998 K (1725 ◦C), for the last time. 
Fig. 9(d) shows a comparison between the XZ and YZ planes. This 
comparison shows that the XZ plane experiences greater heating and 
cooling rates than the YZ plane. This difference translates to more sig
nificant local temperature gradients on the XZ plane and explains its 
higher residual stress levels compared to that of the YZ plane. This dif
ference in the residual stress level between the XZ and YZ planes sug
gests that changing the beam scan direction from layer to layer can be an 
effective way to manipulate the residual stress. 

Another possible cause of the difference between the XZ and YZ 
planes is the relationship with the Ar gas flow. The Ar gas can also affect 
the residual stress, as previously reported by Mishurova et al. [68] on 
L-PBF-made parts with dimensions similar to those of the parts studied 
here. Reijonen et al. [70] also reported that reducing the gas flow rate by 
half can reduce the melt pool size by as much as 50%, indicating the 
significant influence of the gas flow rate on the thermal history. As 
indicated in Fig. 9(a), the Ar gas flow was in the negative Y direction, 
which was perpendicular to the XZ plane. When the laser beam makes a 
U-turn on the YZ plane, the Ar gas carries the heat from the molten area 
toward the area that was just scanned and keeps the previously scanned 
area warm longer. In contrast, on the XZ plane, the laser beam moves in 
the direction perpendicular to the Ar gas flow, and the gas carries the 
heat from the molten area only to the area that was scanned 4.16 ms 
ago. This difference in the relationship with the Ar gas flow direction 
could also contribute to the lower residual stress level on the YZ plane 
than that on the XZ plane. 

Next, we considered the difference between L-PBF-360 W and L-PBF- 
75 W. Scanning a laser beam at a higher power causes the temperature of 
the powder to increase and decrease rapidly compared to the lower 
power when the scanning speed is the same. Thus, higher power results 
in greater residual stress compared with lower power [69]. With respect 
to the scanning speed, contradicting cases of higher scan speed 
increasing residual stress [71] and decreasing residual stress [72] have 
been reported. At the same time, Yadroitsev et al. [73] have observed 
that the laser beam power influences the molten pool temperature more 
than the scanning speed. These previously reported results indicate that 
the residual stress cannot be discussed as a simple function of the energy 
density, and the cooling rate and temperature gradient need to be 
considered. In this study, L-PBF-360 W was fabricated at a laser power 
(360 W) than L-PBF-75 W (75 W), while the scan speed was adjusted to 
keep the energy density the same at 50 W/mm3/s. We compared the 

simulated heating and cooling rates at a depth of 120 µm on the XZ plane 
for the two sets of process parameters. The maximum heating and 
cooling rates caused by scanning ➁ at 75 W and 250 mm/s were 35.9% 
and 30.7% lower than those at 360 W and 1200 mm/s, respectively. 
These simulation results correlate well with the residual stress difference 
between L-PBF-75 W and L-PBF-360 W and show that an increase in the 
cooling rate causes an increase in the residual stress. 

4.3. Reduced β-phase stability of L-PBF-made specimens 

As shown in Fig. 5, the L-PBF-made parts exhibited a bct structure, 
which is a distorted bcc structure. This structure is similar to the face- 
centered orthorhombic α” phase, which occurs in β-type Ti-Nb alloys 
[23,74,75]. Fig. 10(a) shows a comparison of these structures. The a” 
axis of the α”-phase is shorter than c”/

̅̅̅
2

√
, and this corresponds to the c’ 

axis of the bct β structure being slightly shorter than the a’ axis. It should 
be noted that, in a randomly oriented polycrystalline material, the re
sidual stress changes the lattice parameter regardless of the crystallo
graphic orientation, but according to the direction of the residual stress. 
The crystallographic orientation-dependent lattice parameter change, 
similar to that observed in this bct β structure, is caused by a phase 
transformation. The space groups of the bcc β-, bct β-, and orthorhombic 
α”-phases are Im3m, I4/mmm, and Cmcm, respectively. These structures 
have closely related atomic arrangements, and I4/mmm (bct β-phase) is 
an intermediate structure between the high-symmetry Im3m (bcc 
β-phase) and the low-symmetry Cmcm (orthorhombic α”-phase) struc
tures [74]. The amount of distortion of the bct β structure observed in 
the L-PBF-made specimens was also between those two structures. The 
lattice parameters a and c of the bcc β-phase are equal, while they are 
more than 1% different for typical orthorhombic α”-phase titanium al
loys such as Ti–Nb [75]. The difference observed in the L-PBF-made 
specimens in this study was less than 1%. These results indicate that the 
bct β-phase observed in the L-PBF-made specimens might be a precursor 
to the fully distorted orthorhombic α”-phase. 

We now discuss the origin of the lattice distortion that transformed 
the bcc β-phase to the bct β-phase. Both the lattice parameters of the bct 
β-phase and the residual stresses changed as functions of the distance 
from the base plate. By combining the results from both L-PBF-360 W 
and L-PBF-75 W, we studied the correlation between the lattice pa
rameters and residual stress to determine whether the residual stress 
could be the cause of the lattice distortion. Fig. 10(b) shows the rela
tionship between the residual stress and the deviation factor, defined as 

Fig. 10. (a) Relationship between the bcc β-phase, bct β-phase, and the face-centered rhombohedral α”-phase structures. (b) Deviation from bcc structure, (a/c − 1) in 
percentage, versus the residual stress for all measurement points on L-PBF-360 W and L-PBF-75 W. The black line shows the best fit by the modified sigmoid function. 
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the deviation from bcc, (a/c – 1) × 100%. This factor was zero for the 
bcc β structure. As shown in Fig. 10(b), the deviation factor increases 
rapidly with a small amount of residual stress, and then saturates at 
approximately 0.65%. This relationship can be empirically expressed 
using the sigmoid function that is modified such that the deviation is 
zero when there is no residual stress: 

(a/c − 1) × 100 = −
1
2

p+
p

1 + {exp(− σ/q)}
(8)  

where σ is the residual stress, and p and q are constants determined as 
1.3264 ± 0.0703 and 44.363 ± 4.73, respectively, by curve fitting. To 
assess the strength of the correlation between the deviation factor and 
residual stress, we rewrite Eq. (8) as a linear function: 

(a/c − 1) × 100 = A × x+B (9)  

where A and B are constants, and x is a residual-stress-dependent vari
able defined as: 

x =
1

1 + exp(− σ/q)
. (10) 

The Pearson correlation coefficient was estimated at 0.92 by fitting 
the x versus (a/c – 1) × 100 scatter plot with the linearized Eq. (9). This 
result suggests a strong correlation between the residual stress and the 
deviation from the bcc structure. 

The orthorhombic α”-phase is known to become closer to the bcc β 
structure as the structure gradually becomes more β-stable by alloying 
an increasing amount of β-stabilizing elements. This can be observed as 
the lattice parameters a”, b”/

̅̅̅
2

√
, and c”/

̅̅̅
2

√
become closer to the lattice 

parameter a of the bcc β-phase [75,76]. Furthermore, the stress-induced 
phase change from the bcc β- to orthorhombic α”-phase has been re
ported in Ti-Nb [74,75]. The previously reported results and the cor
relation between the residual stress and the deviation factor shown in 
Fig. 10(b) suggest that the residual stress disturbed the bcc β-phase 
stability and induced the bct β-phase. Additionally, the sigmoid function 
shape of the residual stress versus deviation factor plot suggests that 
only a small amount of residual stress is required to induce the bct 
β-phase, and there is no apparent threshold. It also indicates that 
continuing to increase the residual stress does not further deviate this 
structure from the bcc β-phase and induces the complete α”-phase. 

4.4. Reduced β-phase stability in EB-PBF-made specimens 

As Fig. 4 shows, very little to no residual stress was observed in EB- 
PBF-15 mA and EB-PBF-12.5 mA. This result confirms that EB-PBF- 
made specimens suffer little to no residual stress experimentally, as 
previously suggested [60–62]. All EB-PBF-made specimens maintained 
the bcc β-phase, which further indicates that the bct β-phase in the 
L-PBF-made specimens was induced by the residual stress. 

Although the β-phase remained bcc in the EB-PBF-made specimens, 
its lattice parameter was shorter than that of the reference powder 
specimen by 0.33% on average, as shown in Fig. 7(a). The Mo parti
tioning to the β-phase observed in Fig. 8 can cause this reduction of the 
lattice parameter. Huang et al. [77] showed by simulation that β sta
bilizing solutes with e/a = 6–9 can distort the nearest-neighbor bonds 
and reduce the bond length significantly. Mo with e/a = 6 can reduce 
the bond length up to 0.11 Å [77]. Therefore, we can reasonably assume 
that the partitioning of Mo to the β-phase reduced the local bond length 
and overall β-phase lattice parameter. The observed lattice parameter 
change, however, cannot be converted into the atomic percentage of Mo 
because the exact spatial distribution of the bond length change in the 
bcc lattice is unknown. 

As the specimens grew tall, all lattice parameters measured on EB- 
PBF-15 mA and EB-PBF-12.5 mA on the XZ and YZ planes gradually 
became closer to the lattice parameter of the reference bcc β-phase 
powder. Further, the quantity of the β-phase increased and the α-phase 

decreased simultaneously, as shown in Fig. 7(b). Intrinsic annealing by a 
heated powder bed can cause these phenomena. Because the powder bed 
for EB-PBF was maintained at a high temperature of 520 ◦C in this study, 
the lower part of the specimen experienced a longer annealing time than 
the top part. A long intrinsic annealing time can enhance the parti
tioning of Mo to the β-phase. As prolonged intrinsic annealing increased 
the number of Mo atoms partitioning to the β-phase and reduced its 
lattice parameter, a larger amount of the alloy was left as the Mo-poor 
α-phase. The Mo partitioning caused by the intrinsic annealing and 
the change in the annealing duration along the building direction can 
explain the shorter lattice parameter of the β-phase at the lower part of 
the specimen and its gradual increase accompanied by a decrease in the 
α-phase along the building direction. 

4.5. Toward fabrication of residual-stress-free and single bcc β-phase 
Ti–15Mo–5Zr–3Al 

The surface residual stress and β-phase stability analyses of the L- 
PBF- and EB-PBF-made specimens with different process parameters 
revealed a stark contrast between the two methods, as summarized in  
Fig. 11 for the XZ planes of L-PBF-360 W and EB-PBF-15 mA. In L-PBF, a 
high laser power and high scanning speed caused a greater surface re
sidual stress. The residual stress then disturbed the bcc β-phase stability 
and induced the bct β-phase. Meanwhile, low laser power and low 
scanning speed resulted in negligible residual stress and a small amount 
of lattice distortion. In contrast, in EB-PBF, while no significant residual 
stress was observed, the intrinsic annealing by the heated powder bed 
caused partitioning of Mo atoms and transformation of the bcc β-phase 
to the hexagonal α-phase. 

Both the residual stress and phase change are undesirable in the 
Ti–15Mo–5Zr–3Al alloy. Post-manufacturing heat treatment is often 
used to reduce the residual stress [17]. However, the analysis results of 
the EB-PBF-made specimens suggest that such a treatment can cause Mo 
partitioning and disturb the β-phase stability. The overall comparison of 
the results in the present study suggests that the low-power and 
low-scanning-speed L-PBF process has the best potential to produce 
parts that are free from residual stress and maintain the single-phase 
state of the bcc β-phase. Achieving desired functionalities requires 
simultaneous control of the residual stress and phase stability docu
mented in this study and internal microstructures such as equiaxed or 
highly textured microstructures, which is one of the major challenges in 
AM because the optimal process window for each does not necessarily 
matches. 

5. Conclusions 

This study systematically and quantitatively investigated the differ
ence between L-PBF and EB-PBF methods and their process parameters 
in surface residual stress and phase stability of the β-phase 
Ti–15Mo–5Zr–3Al. Specimens fabricated by the L-PBF and EB-PBF 
methods and different process parameters were analyzed using HP- 
XRD. The surface residual stress, the stability of the bcc β-phase, and 
the correlation between the residual stress and deviation from the bcc 
β-phase were studied. The results are summarized as follows:  

(1) While the L-PBF-made specimens exhibited tensile residual stress 
up to 402 ± 60 MPa in the surface area, the EB-PBF-made spec
imens showed no significant residual stress.  

(2) A comparison of the residual stress measurements and simulated 
heating and cooling rates for the L-PBF-made specimens sug
gested that the temperature gradient decreased as the specimen 
grew, the lower power and scan speed generated lower cooling 
rates, and the side plane where the beam made U-turns had lower 
cooling rates than the side plane parallel to the scan direction, all 
of which contributed to decreased residual stresses. 
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(3) In the L-PBF-made specimens, a strong correlation between the 
residual stress and the deviation from the bcc β structure toward 
the bct structure was observed, and this correlation illustrated 
that the residual stress induced a bct β structure.  

(4) In the EB-PBF-made specimens, Mo atoms partitioned to the bcc 
β-phase due to intrinsic annealing; the partitioning decreased the 
bcc β-phase lattice parameter and increased the amount of 
α-phase at the same time. The Mo partitioning was more signifi
cant in the lower part of the specimens than in the top part 
because of the longer annealing time.  

(5) The observed contrast between the L-PBF-and EB-PBF-made 
specimens showed that a decreased temperature gradient 
reduced the residual stress in both cases; however, the bcc 
β-phase stability was affected differently depending on whether 
this was achieved by controlling the beam scan conditions or by 
heating the powder bed. 

Lattice distortion, represented by the bct β-phase in this study, can be 
a precursor to a complete phase transition, which may lead to undesired 
changes in the physicochemical properties of the material if not inten
tionally controlled. However, with a comprehensive understanding of 
how the phase change, residual stresses, fabrication methods, and pro
cess parameters relate to each other, an optimized partial phase change 
can be used to improve the properties of the fabricated parts. This study 
demonstrated the ability of HP-XRD to analyze the surface residual 
stress and crystal structures of AM-made metal parts in detail. In this 
particular example of the β-phase Ti–15Mo–5Zr–3Al, the results provide 
a new understanding of the different effects of L-PBF and EB-PBF on the 
residual stress and phase stability. The results suggest that the low- 
power and low-scanning-speed L-PBF process is more promising than 
EB-PBF for producing parts that are free from residual stress and 
maintain the single-phase state of the bcc β-phase. 
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[67] H.E. Höfer, G.P. Brey, The iron oxidation state of garnet by electron microprobe: its 
determination with the flank method combined with major-element analysis, Am. 
Min. 92 (2007) 873–885, https://doi.org/10.2138/am.2007.2390. 

[68] T. Mishurova, K. Artzt, J. Haubrich, G. Requena, G. Bruno, Exploring the 
correlation between subsurface residual stresses and manufacturing parameters in 
laser powder bed fused Ti–6Al–4V, Metals 9 (2019) 261, https://doi.org/10.3390/ 
met9020261. 

[69] C.H. Fu, Y.B. Guo, Three-dimensional temperature gradient mechanism in selective 
laser melting of Ti–6Al–4V, J. Manuf. Sci. Eng. 136 (2014), 061004, https://doi. 
org/10.1115/1.4028539. 

[70] J. Reijonen, A. Revuelta, T. Riipinen, K. Ruusuvuori, P. Puukko, On the effect of 
shielding gas flow on porosity and melt pool geometry in laser powder bed fusion 
additive manufacturing, Addit. Manuf. 32 (2020), 101030, https://doi.org/ 
10.1016/j.addma.2019.101030. 

[71] L. Mugwagwa, D. Dimitrov, S. Matope, I. Yadroitsev, Influence of process 
parameters on residual stress related distortions in selective laser melting, Procedia 
Manuf. 21 (2018) 92–99, https://doi.org/10.1016/j.promfg.2018.02.099. 

[72] T. Mukherjee, V. Manvatkar, A. De, T. DebRoy, Mitigation of thermal distortion 
during additive manufacturing, Scr. Mater. 127 (2017) 79–83, https://doi.org/ 
10.1016/j.scriptamat.2016.09.001. 

[73] I. Yadroitsev, P. Krakhmalev, I. Yadroitsava, Selective laser melting of Ti6Al4V 
alloy for biomedical applications: temperature monitoring and microstructural 
evolution, J. Alloy. Compd. 583 (2014) 404–409, https://doi.org/10.1016/j. 
jallcom.2013.08.183. 

[74] L.A. Bendersky, A. Roytburd, W.J. Boettinger, Phase transformations in the (Ti, Al) 
3 Nb section of the Ti–Al–Nb system—I. Microstructural predictions based on a 
subgroup relation between phases, Acta Metall. Mater. 42 (1994) 2323–2335, 
https://doi.org/10.1016/0956-7151(94)90311-5. 

[75] T. Inamura, H. Hosoda, K. Wakashima, S. Miyazaki, Anisotropy and temperature 
dependence of Young’s modulus in textured tinbal biomedical shape memory alloy, 
Mater. Trans. 46 (2005) 1597–1603, https://doi.org/10.2320/ 
matertrans.46.1597. 

[76] L.L. Chang, Y.D. Wang, Y. Ren, In-situ investigation of stress-induced martensitic 
transformation in Ti–Nb binary alloys with low Young’s modulus, Mater. Sci. Eng. 
A 651 (2016) 442–448, https://doi.org/10.1016/j.msea.2015.11.005. 

[77] L.-F. Huang, B. Grabowski, J. Zhang, M.-J. Lai, C.C. Tasan, S. Sandlöbes, D. Raabe, 
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