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Chapter 1: General introduction

1.1 Metal-bonded ceramic substrates for power modules

To meet the targets set out in the Paris Agreement, adopted in 2015, countries around
the world have been actively developing technologies to improve energy efficiency and
utilize renewable energy toward the common global goal of carbon neutrality, meaning
net zero greenhouse gas emissions, by the second half of the 21st century [1-3]. With the
development of technology necessary for countries to realize the societal changes
required, progress is being made in power equipment for industrial applications. One
example is the replacement of conventional power modules equipped with Si—-IGBT
(silicon—insulated gate bipolar transistor) chips with power modules equipped with SiC—
MOSFET (silicon carbide—metal-oxide-semiconductor field-effect transistor) chips,
which have both high voltage and low resistance [4—8]. An insulating substrate for power
modules is composed of a thermally conductive metal layer such as aluminum (Al) or
copper (Cu), and an insulating ceramic layer such as aluminum nitride (AIN), silicon
nitride (Si3N4), or aluminum oxide (Al>O3). These metal-bonded ceramic substrates are
grouped into one type of aluminum circuit substrate, namely, direct bonded aluminum
(DBA) substrates [4, 9—-11], and two types of copper circuit substrates, namely, direct
bonded copper (DBC) substrates [ 12—14] and active metal brazing (AMB) substrates [ 15—
17].

A cross-sectional view of a typical power module structure is shown in Fig. 1.1 [18].
The power module consists of a Si-IGBT chip, a ceramic substrate to which metal circuit

such as Cu and Al are bonded, a heat spreader, and a heat sink. The metal-bonded ceramic
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Fig. 1.1 Cross-sectional view of a typical power module structure [18], © 2000 by JIEP,
reproduced with permission.

substrate is responsible for ensuring insulation between the Si—IGBT chip and the heat
spreader and for the rapid transport of the heat generated by the Si—-IGBT chip to the heat
sink, and long-term use can be ensured by increasing the reliability of the metal/ceramic

bonding interface.

1.2  Manufacturing process for insulating substrates and their

interfacial structure

1.2.1 DBA substrates

DBA substrates consist of Al bonded as a circuit layer to both sides of a ceramic
substrate such as AIN, SizNy, or Al,O3. Industrially, two methods have been established
for bonding Al onto ceramic substrates: the casting method [9] and the brazing method

[4]. In the casting method, the elemental distribution in the Al layer is uniform. In the
4



Alumin um

Fig. 1.2 Cross-sectional BSE images of an AI/AIN bonding interface with quantitative line
profile [10], © 2010 by IEEE, reproduced with permission.

brazing method, on the other hand, when using an Al-X eutectic base brazing material,
the Al/ceramic bonding interface has a structure in which the concentration of X decreases
from the Al/ceramic bonding interface toward the Al layer surface as shown in Fig. 1.2
[10]. In addition, no obvious interfacial reaction layer can be observed at the Al/ceramic
bonding interface by scanning electron microscopy (SEM) observations (Fig. 1.2), and
this lack of reaction layer is independent of the bonding method.

The dependence of the bonding area ratio at the AI/AIN bonding interface on the
number of thermal cycles is shown in Fig. 1.3 [19]. The thermal cycling tests were
performed in an inert liquid between -40 °C and 150 °C. The reliability of the AI/AIN
interface bonded using Al-7.5 wt% Si—0.1 wt% Mg brazing alloy with the intentional

addition of Mg at the lowest bonding temperature of 600 °C is equivalent to that bonded
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Fig. 1.3 Bonding area ratio at the AI/AIN bonding interface after thermal cycling tests [19],
© 2017 by JFCA, reproduced with permission.

using Mg-free Al-7.5 wt% Si brazing alloy at 640 °C, which shows the greatest
improvement. Segregation of Si, Mg, and O is observed at the AI/AIN bonding interface
when using an Al-7.5 wt% Si—0.1 wt% Mg brazing alloy, which achieves high bonding
reliability, as shown in Fig. 1.4 [19]. The O is derived from the thin amorphous AI-O
phase, which is present as a natural oxide film on the surfaces of Al, AI-Si—-Mg brazing
alloy and AIN.

Kumamoto et al. [20] evaluated model specimens in which an A6063 alloy
containing Si and Mg was bonded onto single-crystal AIN to clarify the effects of these
elements at the AI/AIN bonding interface. The Mg- and O-containing segregation
structure is formed just above AIN, but Si is shifted to the Al alloy side as shown in Fig.
1.5 [20]. This segregation structure is crystalline MgO, which has a configuration of
(111) MgO//(0001) AIN, [110] MgO//[1120] AIN. In addition, calculations shown
in Table. 1.1 based on density functional theory (DFT) for a heterointerface model with

supercells containing vacuum layer(s) of different polarities suggest that the AIN/MgO



20 nm

Fig. 1.4 Cross-sectional HAADF image of an AI/AIN bonding interface after bonding at
630 °C using Al-7.5 wt% Si-0.1 wt% Mg, together with elemental distributions [19], © 2017
by JFCA, reproduced with permission.

interface favors the Al-polar AIN with the O-polar MgO, as shown in Fig. 1.6(c).
Furthermore, if the amorphous Al-O phase is considered as AloO3, which acts as an

oxidant for Mg, a spinel structure is formed according to Equation (1.1) [21].

3Mg + 4Al,05 — 3MgAl,0, + 2Al (1.1)

When metallic Mg is continuously supplied, the subsequent reaction between Mg and

MgAl,04 makes MgO thermodynamically more stable, as shown in Equation (1.2).

MgAl,0, + 3Mg — 2Al + 4Mg0 (1.2)



The change in the standard free energy of formation is -54 kJ/mol and -119 kJ/mol for

Equations (1.1) and (1.2), respectively, at 650 °C [22]. The reliability of the AI/AIN

bonding interface has been achieved by forming this atomic-scale interfacial reaction

layer.
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Fig. 1.5 Atomic-scale structural determination of the Al alloy/AIN interface [20], © 2016 by
authors, reproduced with license.

Table 1.1 Calculated adhesion energies (Ea.q) shown in Fig. 1.6 [20], © 2016 by authors,
reproduced with license.

Interface £
Materials Terminations [3/m?]

a Al/AIN Al-N 4.45
b Al/AIN Al-Al 2.46
C MgO/AIN O-Al 8.87
d MgO/AIN Mg-N 4.81
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Fig. 1.6 The energetically stable DFT models for heterointerfaces of different polarity. (a)
AV/AIN and (¢) MgO/AIN compared with those with inversion polar (b,d), © 2016 by authors,
reproduced with license.

1.2.2 DBC substrates

DBC substrates consist of Cu as a circuit layer bonded to both sides of a ceramic
substrate such as AlbO3 [12, 13] or AIN with an oxidized surface [14]. An interfacial
reaction layer consisting of complex oxides such as CuAlO> and CuAl>O4 is formed at
the Cu/Al>O3 bonding interface by the interfacial reaction between the Cu—Cu,O eutectic
liquid phases and Al,O3; [12—-14]. In the DBC method, precise control of the oxidizing
atmosphere is required to form a good Cu/Al>O; bonding interface. Industrially, nitrogen
flow furnaces using pure N> gas (purity > 99.999%) are used to achieve a low oxygen
atmosphere of 5 ppmv O: or less. However, the use of nitrogen flow furnaces increases
the risk of electrical discharges during voltage application due to the sealing of the N> gas

in voids at the Cu/Al,O3; bonding interface, which is more pronounced in high-voltage

9



applications.

1.2.3 AMB substrates

As with DBC substrates, AMB substrates consist of Cu as the circuit layer bonded to
both sides of a ceramic with an active metal braze filler, and not only AIN and Al>O3, but
also SizN4 can be used as the ceramic. AMB fillers used in industry are Ag—Cu eutectic-
based fillers, such as the Ag—Cu system, Ag—Cu—In system, and Ag—Cu—Sn system, to
which highly reactive elements called active metals, such as Ti, Zr, and Hf, have been
added. When bonding Cu onto ceramic, the use of Ag—Cu-based systems, which have
lower eutectic temperatures compared to Ag-free Cu—active metal systems, is very
effective in reducing the ceramic fractures due to thermal and residual stress caused by
the coefficient of thermal expansion (CTE) difference between Cu and ceramic. In
addition, this brazing material can wet a chemically inert ceramic surface by forming a
layer of active metal compound on it [15, 23-25]. An active metal compound layer
containing ceramic components is formed at the bonding interface. For example, use of
Ti as the active metal results in the formation of TiN for nitride ceramics [15-17, 23, 24,
26-28], TiO, for oxide ceramics [29-32], and TiC for carbide ceramics [33—37]. In cross-
sectional SEM images of the Cu/AIN bonding interface (Fig. 1.7), a TiN layer is formed
at the Cu/AIN interface [38]. Ag and Cu inclusions were detected in the TiN layer at the
Cu/AIN part of the substrate/braze interface in work on the wettability of AIN—based
ceramics using Ag—Cu—Ti AMB alloys reported by Taranets et al. [15] and on their heat
transfer characteristics reported by Sivaprahasam et al. [39]. In addition, a Ag—Cu alloy
layer consisting of Ag-rich and Cu-rich phases is formed between the Cu and TiN layers,

where a large amount of Ag is present.

10



(a) BSE
Cu

Eutectic structure

Fig. 1.7 Cross-sectional SEM images of a Cu/AlN interface formed by the AMB method [38],
© 2018 by SPS, reproduced with permission.

1.3 AMB method based on interdiffusion process

Interdiffusion between Cu and a Cu-free Ag—Ti-based bonding material is a process
essentially equivalent to bonding Cu onto ceramics using a Ag—Cu-Ti-based active
brazing material. The dissolution of Ti into the Ag—Cu eutectic liquid phase generated by
the interdiffusion of Ag in the Cu-free Ag—Ti bonding material and the Cu to be bonded
produces the Ag—Cu—Ti liquid phase, which can achieve the same interfacial reaction as
when a Ag—Cu-Ti bonding material is used. Microstructural classification results for the
Cu/AIN bonding interface after bonding at 850 °C for 0.5 h under 0.1 MPa using Ag-Ti
pastes with 42 different Ag/Ti ratios are shown in Fig. 1.8 [16]. When using Ti-free Ag
pastes, no Cu/AIN bonding is obtained in the range of Ag amounts from 2.1 mg/cm? to
25.2 mg/cm?. On the other hand, when Ti-containing Ag paste is used, the microstructure
of the Cu/AIN bonding interface can be classified into four categories according to the
amount of Ag and Ti. Cross-sectional secondary electron (SE) images and corresponding
scanning acoustic tomography (SAT) images of the five Cu/AIN bond samples marked in
Fig. 1.8 [16] are shown in Fig. 1.9 [16]. The SAT images of the Type B, Type C, and Type

D Cu/AIN bonding interfaces show the following defects corresponding to the bright

11



contrasts: formation of large voids in the Ag—Cu alloy layer for Type B, discontinuous
formation of the TiN layer for Type C, and no formation of a TiN layer for Type D. To
successfully form the Cu/AIN bonding interface by the AMB method, the most important
aspect is to form a continuous defect-free TiN layer, which is the interfacial reaction layer.
In addition, Zhang et al. [17] reported that large voids in the Ag—Cu alloy layer can be

reduced by increasing the bonding pressure.

0.5 1
0o 0o O O O 0
= 0.4 i
=) i A-1
L, Oio 0 o O O o
503 Type B! TypeA
i | Ojoo o o 0.~ A
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Fig. 1.8 Microstructural classification of the Cu/AIN bonding interface after bonding at
850 °C for 0.5 h using Ag—Ti pastes with 42 different Ag/Ti ratios [16], © 2019 by Springer
Science Business Media, reproduced with license.
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Fig. 1.9 Cross-sectional SE images and corresponding SAT images of five selected Cu/AIN
bonded samples (marked in Fig. 1.8) [16], © 2019 by Springer Science Business Media,
reproduced with license.
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1.4 Potential risks of AMB substrates in high-voltage applications

1.4.1 High-voltage applications

Power module applications are shown as a function of operating voltage in Fig. 1.10
[40]. Applications with operating voltages below 200 V, such as household appliances,
are defined as low-voltage applications. Applications with operating voltages between
600 V and 1.2 kV, such as industrial equipment and automotive, are defined as medium-
voltage applications. Applications with operating voltages above 1.7 kV, such as electric
railways and high-voltage direct current (HVDC) transmission, are defined as high-
voltage applications. Generally, a breakdown voltage of 2 to 3 times the operating voltage
is required to ensure reliability of the power module during operation. In recent years,
power modules with an operating voltage of 6.5 kV using SiC have been developed,
which can operate at temperatures above 200 °C [7, 41-45]. These high-voltage modules
are compatible with the expanding use of renewable energy sources such as wind,
hydropower, geothermal power, and solar power, which do not emit the greenhouse gas
carbon dioxide, and are expected to become increasingly important for realizing a carbon-
free society in the future [46—50]. Renewable energy can be easily connected to grids of
different frequencies through HVDC lines, which can transmit large amounts of power
over long distances with little transmission loss and are more efficient than conventional
alternating current (AC) power transmission [51, 52]. An AC/DC conversion module is
required to connect HVDC power transmission to power grids where AC power is
consumed. For AC/DC conversion modules, AIN substrates with high thermal

conductivity prepared by AMB are considered suitable since thick ceramics can be

14



applied due to their favorable insulation characteristics, such as their high breakdown

voltage and high partial discharge voltage.
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Fig. 1.10 Power module applications as a function of operating voltage [40], © 2019 by
authors, reproduced with license.

1.4.2 Electrochemical migration

Electromigration (EM) and electrochemical migration (ECM) are known migration
phenomena of metallic elements that cause failures in electronic components.

EM is mass transport caused by the gradual movement of ions in conductors such as
metal wiring due to momentum transfer between conducting electrons and diffusing metal
atoms. The vacancies and deposits created in the conductor by this movement of ions
grow, eventually leading to a disconnection and a short circuit between adjacent
conductors, respectively. The driving force of EM, Fgy is expressed as the product of
the elementary charge, e, the effective charge number, Z* and the external electric field,

E, as shown in Equation (1.3) [53].

15



FEM = eZ*E (1.3)

The Z* of Al and Cu is about -1, while that of Sn is about -50 [54]. Since EM is more
likely to occur with a larger absolute value of Z*, Sn, the main component of solder, has
lower EM resistance than Al and Cu.

ECM is the dissolution and movement of metal ions with chemical reactions in the
presence of a potential, which results in the growth of a dendritic structure between the
anode and cathode. This process significantly reduces the insulation between the
electrodes, eventually leading to a short circuit. Among metals such as Ag, Cu, Sn, Pb,
Ni, and Au that are commonly used in power modules, Ag is known to be the most
susceptible to ECM [55, 56]. As shown in Fig.11, since the Ag in the Ag—Cu alloy layer
is exposed against the inter-pattern at the edge of the Cu/AIN interface of the AMB

substrate, there are a large number of Ag-ECM starting points on the AMB substrate.

Fig. 1.11 Cross-sectional BSE image of the edge of the Cu/AIN interface of an AMB substrate.

16



Therefore, long-term use of AMB substrates with Ag at the Cu/ceramic bonding interface
in high-voltage applications poses a potential risk of interelectrode breakdown due to Ag-
ECM.

The following reaction mechanism for Ag-ECM has been proposed [57]. Ag dissolves
at the anode and the electrolysis of water occurs at the cathode, as shown in Equations

(1.4) and (1.5).

Anode: Ag —» Ag* + e~ (1.4)

Cathode: 2H,0 + 2¢™ — H, + 20H™ (1.5)

Ag*t dissolved at the anode and OH™ generated at the cathode move to the cathode
while maintaining the equilibrium reaction shown in Equation (1.6). Since AgOH is

thermally unstable, it quickly decomposes to Ag,0, which is dispersed as a colloid.

2Ag* + 20H™ S 2AgOH S 2Ag,0 + H,0 (1.6)

At the cathode, reduction of Ag®™ occurs as shown in Equation (1.7) instead of water

electrolysis, and Ag precipitates in a dendritic pattern.

Agt+ e - Ag()) (1.7)

These reactions are based on electrochemical redox reactions at each electrode, but the
order of the ECM frequency is not consistent with the electrochemical series [58—60]. In

addition to the electrochemical properties of the metal, the ECM frequency must take into
17



account the effects of reaction rate and pH on the electrode reactions [61]. This means
that it is difficult to express the ECM frequency in terms of a single, well-defined indicator.

In general, several factors affect ECM, including temperature, relative humidity, and
voltage bias. Lall et al. [62] and DiGiacomo [63] reported that dendritic propagation rates
tend to increase as a function of temperature. Temperature is related to the ECM via
chemical reaction rates given by the Arrhenius equation. Water vapor adhered to the
substrate surface by hydrogen bonding can provide the electrolyte needed for the
occurrence of ECM [64]. When the relative humidity is sufficiently high, water adsorbed
on the substrate surface can reach a critical moisture level on the surface necessary for
ECM. Zamanzadeh et al. [65] reported that the thickness of this critical moisture level is
about 20 water monolayers. The higher the relative humidity, the faster the onset of ECM,
and the dendrite growth can be seen in seconds in the water drop test. A voltage bias must
be present for ECM to occur. The electric field created by voltage bias promotes the
movement of positive ions along the field lines from the anode to the cathode via the ion
transport path provided by the aqueous medium [66]. Zou et al. [67] reported that the
probability of dendrite formation increases as the voltage gradient increases. Therefore,
when power modules using AMB substrates with SiC, which can operate at high
temperatures, are used at high voltage, the risk of dielectric breakdown due to ECM is

very high.

1.5 Objective of this study

The objective of this study is to clarify the design guidelines for Cu/AIN bonding
interfacial structures using Ag-free bonding materials based on the AMB method. The

ultimate goal is to develop a Cu/AIN bonding technique using Ag-free bonding material
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that is advantageous for high-voltage applications based on the design guidelines, and to
obtain a Cu/AIN bonding interfacial structure with high reliability and high ECM
resistance. In this study, the bonding mechanism of the AMB method with Ag and the
general structure of the bonding interface between Cu and ceramics are examined. In
addition, the Cu/AIN interfacial structures and their mechanical properties are
systematically investigated using two types of Ag-free bonding materials, namely, Cu—
Mg-Ti-based and Cu—P—Sn-Ti-based systems. This study is expected to provide a basis
for designing interfacial structures for the development of highly reliable Cu/ceramic

bonding technology using Ag-free bonding materials.

1.6 Scope of this study

This dissertation consists of six chapters, as outlined below (Fig. 1.12).

Chapter 1 presents the manufacturing methods and bonding interfacial structures of
DBA, DBC, and AMB insulating substrates used in power modules. Of these substrates,
the effect of Ag and Ti amounts on the Cu/AIN bonding interfacial structure of AMB
substrates used for high-voltage applications and the potential risk of dielectric
breakdown due to Ag-ECM are described. In addition, the objective of this dissertation
and the outlines of the chapters are described.

To clarify the growth mechanism of TiN layer necessary to form a good Cu/AIN
bonding interface by the AMB method, Chapter 2 describes microstructural observations
focusing on the metallic grain boundary phase of TiN layer formed by heat treatment at
850 °C of single-crystal AIN substrates printed with Ag—Cu—TiHz, Ag-TiH>, and Cu-—
TiHz paste as metal layers.

In Chapter 3, detailed observations of the interfacial structures of Ag—Cu-brazed Cu on
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TiN solid-phase sintered ceramic without metal grain boundary phase/TiN-Fe—Ni—C—
Mo:C liquid-phase sintered ceramic at 850 °C in order to clarify the effects of the TiN
particle formation process and metal grain boundary phase components on the formation
of the metal/TiN particle bonding interface. In addition, in order to clarify the general
structure of the metal/ceramic bonding interface, the above interfacial structures were
compared with the interfacial structure of Ag—Cu-brazed Cu on WC—Co cemented
carbide under the same conditions.

In Chapter 4, the aim is to clarify a Cu/AIN bonding interfacial structure using Ag-free
bonding materials. Thus, Cu/AIN bonding interfacial structures were examined after
bonding Cu with Mg—Ti co-deposited film on a polycrystalline AIN substrate between
800 °C and 950 °C. In addition, the peel strength of the Cu/AIN bonding interface was
evaluated using the surface and interfacial cutting analysis system, which can characterize
properties at specific depths. The results were compared with those for the Cu/AIN
bonding interfacial structure. Furthermore, to clarify the effect of Fe addition on the
Cu/AIN bonding interface based on the results in Chapter 3, the same evaluation was
performed using Cu with Mg—Ti—Fe co-deposited films.

In Chapter 5, in order to clarify the effect of the Ag-free bonding material components
on the Cu/AIN bonding interface, the Cu/AIN interfacial structures were examined by
bonding Cu onto single-crystal AIN and polycrystalline AIN substrates between 800 °C
and 950 °C using a commercial Cu—P—Sn—Ni brazing foil, which had a liquidus
temperature close to the melting point of Mg as used in Chapter 4, and Ti layers. In
addition, the relative strength was evaluated from the fracture probability of the Cu/AIN
bonding interface by welding a Cu terminal to the Cu layer by ultrasonic welding, which

applies high stress to the Cu/AIN bonding interface. The practicality of this is also
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discussed. Furthermore, the ECM resistance of Cu—P-based AMB substrates was
evaluated by the water drop test and compared with that of AMB substrates.

Chapter 6 concludes by summarizing the achievements of this study and results of each

chapter in this dissertation.

Ch. 2: Growth mechanism Ch. 3: Generalization

Ag, Cu Ag-Cu alloy

Interfacial structure Ag-free material

Design fommications

Satisfaction of both reliability and ECM resistance

Fig.1.12 Outline of the present dissertation.
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Chapter 2: Growth mechanism of TiN reaction layers produced

on AIN via AMB

2.1 Introduction

As described in Chapter 1, it is important to form a continuous defect-free TiN layer to
obtain a good Cu/AIN bonding interface by the AMB method. Although Ag- and Cu-
containing precipitates have been detected in the TiN layer, their effects on the TiN layer
formation process have not been clarified. In addition, the detailed state of the bonding
interface between the Ag—Cu alloy layer and the TiN layer has not been reported.

In this chapter, the microstructure of the TiN layer is investigated in detail to clarify
the mechanism of TiN layer formation with contributions from Ag and Cu and to examine

the interfacial structure of the Ag—Cu alloy layer/TiN layer [1].

2.2 Experimental procedure

2.2.1 Materials and sample fabrication

Powders of Ag (D10 = 1.2 um, Dso = 1.6 pm, and Do = 2.8 pm), Cu (D19 = 0.6 pm, Dso
= 0.8 um, and Dgo = 1.1 um), and TiHz (D10 = 2.1 um, Dso = 5.2 pm, and Dgo = 10.7 pum)
were added to an organic medium containing o-terpineol (96%), 2,2,4-trimethyl-1,3-
pentanediol (98.5%), and polymethyl methacrylate and mixed using a mechanical mixer
(ARE-250, THINKY) to produce a proprietary metal paste. Here, Dio, Dso, and Do
correspond to the 10th, 50th, and 90th percentiles of particle size by volume, respectively.

These metal powders had a purity of >99.0 wt%, with the balance being mostly C and O.
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Concentrations of impurities related to the present work in these metal powders as
determined by glow discharge mass spectrometry are shown in Table 2.1. The
concentrations of Cu and Al in Ag powder were both 0.3 ppmw and those of Ag and Al
in Cu powder were 9.8 ppmw and below the limit of detection (<0.01 ppmw), respectively.
Compared with the Ag and Cu powders, the impurity concentrations were higher in the
TiH> powder, with Ag, Cu, and Al concentrations of 61, 39, and 60 ppmw, respectively.
TiHz, which was available as a powder with a smaller particle size than Ti, was useful for

improving the uniformity of the metal pastes.

Table 2.1 Concentrations of impurities related to the present work (Ag, Cu, and TiH>)
powders as determined by glow discharge mass spectrometry. Dash (-): below the limit of
detection [1], © 2022 by Springer Science Business Media, reproduced with license.

Concentration (ppmw)
Powder
Ag Cu Ti Al
Ag - 0.3 <0.01 0.3
Cu 9.8 - <0.01 <0.01
TiH, 6.1 39 - 60

Ag-26.4 wt% Cu—4.4 wt% TiHz, Ag—6.0 wt% TiHz, and Cu—14.3 wt% TiH> pastes
were applied onto a commercially available Al2O3 sapphire (0001) substrate (¢50.8 mm
% 430 um) on which a 1-pm-thick single-crystal epitaxial AIN film had been deposited as
the AIN substrate (DOWA Electronics Materials Co., Ltd) using a screen-printing
machine. The orientation relationship between the AIN film and the Al,O3 substrate was
(0001) AIN//(0001) ALOs, [1120] AIN//[1100] AlO3, as observed in other studies

2, 3].
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A cross-sectional bright-field (BF) transmission electron microscopy (TEM) image of
the AIN/AL,Os interface observed along the [1120] AIN zone axis is shown in Fig. 2.1,
together with electron diffraction patterns from the AIN and Al>Os. Strain contrast due to
a large lattice mismatch between AIN and Al,Os; (11.6%) was observed around the
AIN/ALO3 interface. In addition, contrast due to the grain boundaries of the AIN film was
observed along the direction perpendicular to the AIN/AL,Os interface. Thus, columnar
crystals of AIN with a grain size of up to 400 nm grew in the AIN film. These AIN
columnar crystals were much smaller than the grain size of the polycrystalline AIN

substrates examined by Zhang et al. [4]. It is reasonable to assume that the interfacial

AlL,O5 [1100]

Fig. 2.1 (a) A cross-sectional BF-TEM image of the AIN/Al,Os interface observed along the
[1120] AIN zone axis, as shown in (b) in the SAED pattern. (c) Election diffraction pattern
with the incident electron beam parallel to [1120] AIN//[1100] ALOs [1], © 2022 by
Springer Science Business Media, reproduced with license.
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reaction between each paste and AIN was the same as that when using Ti. This is because
the dehydrogenation of TiH> is completed at a heating temperature far below the Ag—Cu
eutectic temperature (780 °C) [5, 6]. The amounts of Ag, Cu, and TiH, were about 6.3,
2.4, and 0.4 mg/cm?, respectively. With these amounts of Ag and TiH», a continuous TiN
layer was expected to form at the metal/AIN interface [5]. Furthermore, the ratio of Ag to
Cu is near that at the eutectic composition [7]. After drying the samples at 150 °C for 10
min in air, each sample was placed inside a vacuum furnace and brazed (sintered) at

850 °C for 0.5 h, with heating and cooling rates of 10 °C/min.

2.2.2 Characterization

Cross-sections of these samples were observed using SEM before more detailed
observations were undertaken by scanning transmission electron microscopy (STEM).
Samples were mounted in an acrylic polymer at room temperature and polished using
standard metallographic techniques and an argon-based ion beam polisher (ArBlade 5000,
Hitachi High-Tech). The microstructures of all samples were analyzed using SEM
(GeminiSEM 500, Carl Zeiss AG), which were operated at 1.8 kV.

Thin sections of the metal/AIN interface for STEM analysis were prepared using a
focused ion beam (FIB) system (Scios, Thermo Fisher Scientific). These sections were
reduced to a thickness between 30 and 100 nm with the FIB. Elemental analysis of the
thin sections was performed using a Titan G2 ChemiSTEM equipped with an energy-
dispersive X-ray spectroscopy (EDS) system (NSS7, Thermo Fisher Scientific) while
tilted at +70° and a Talos F200X (Thermo Fisher Scientific) equipped with an EDS

system (Super-X, Bruker), with an operating voltage of 200 kV for both systems.
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2.3 Results and discussion

2.3.1 Formation of the TiN layer during the brazing reaction

A secondary electron (SE) image of the Ag—Cu-TiH/AIN interface after brazing at
850 °C for 0.5 h is shown in Fig. 2.2. This brazing temperature was above the liquidus
temperature of the Ag—Cu—TiH> system used in this study (= 837 °C). Thus, the metal
layer should be completely melted at the brazing temperature. The broken line in the
figure corresponds to the position of the interface between AIN and AlLOs3. Cu-Ti
intermetallic compounds (IMCs) such as Cu.Ti (tetragonal, Cmcm, a=7.988 A, b=4.458
A, c=4.397 A) and CusTi (tetragonal, Pnma, a =4.526 A, b=4.345 A, c=1.292 A) [8]
were widely dispersed in the metal layer. This layer was composed of Ag-rich and Cu-

rich phases arising from the melting of the Ag—Cu—TiH, paste. The TiN (cubic, Fm3m, a

]

Fig. 2.2 SE image of chemical reaction products at a Ag—Cu-TiH,/AIN interface after
brazing at 850 °C for 0.5 h [1], © 2022 by Springer Science Business Media, reproduced with
license.
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= 4.239 A) [9] reaction layer grew inward from the surface of the AIN toward the AL,O3
substrate and contained a large number of bright areas measuring <100 nm in size.

A high-angle annular dark-field (HAADF) image of the Ag—Cu—TiH2/AIN interface
together with elemental distributions is shown in Fig. 2.3. Bright areas between 40 nm
and 200 nm in length that contain small particles are evident inside the TiN layer. These
correspond to Ag- and Cu-containing phases. Their presence suggests that, when using

AIN as a starting material in the AMB method, the growth process for the TiN layer cannot

Fig. 2.3 (a) HAADF image of a Ag—Cu—TiH2/AIN interface after brazing at 850 °C for 0.5 h,
together with elemental distributions of (b) Ti, (¢) N, (d) Al, (e) Ag, and (f) Cu [1], © 2022 by
Springer Science Business Media, reproduced with license.
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be simply described by the following single-substitution reaction:

Tidgiss + AIN — TiN + Algiss (2.1)

where AIN and TiN are in the solid state and Tigiss and Algiss are dissolved in the Ag—Cu
eutectic liquid phase [10]. This implies that the Ag- and/or Cu-containing liquid phase
contributes significantly to the growth of the TiN layer. HAADF images, dark-field (DF)
images, and electron diffraction patterns at each position on the Ti-containing metal layer
side, at the center, and on the AIN side for the reaction layer at the Ag—Cu—TiH2/AIN
interface are shown in Fig. 2.4. These DF images were taken under the beam condition
with diffraction vectors (g) as shown in Fig. 2.4(d1-6). The HAADF images are grouped
into three pairs: al and a2, a3 and a4, and a5 and a6. Slight changes in the specimen
orientation within each pair of HAADF images changes the electron diffraction patterns,
as seen in the three corresponding pairs (d1) and (d2), (d3) and (d4), and (d5) and (d6).
Examples of Ag- and Cu-containing areas in the corresponding HAADF images are
circled.

These images show that the TiN layer is composed of TiN, Ag (cubic, Fm3m, a = 4.086
A), and Cu (cubic, Fm3m, a = 3.615 A) at each position. These observations suggest that
the Ag—Cu liquid phase was intimately involved in the TiN growth process. Fig. 2.5(a)
and (b) were obtained under conditions where the bright line evident in Fig. 2.5(a) was
most sharp. Al from the AIN film appears to segregate together with Ag and Cu into the
grain boundaries of the TiN layer, as shown by the line scan element analysis in Fig. 2.5(c)
along the direction indicated by the arrow in Fig. 2.5(b). The peak concentrations of Ag,

Cu, and Al were 1.5, 22.5, and 5.3 at%, respectively. This suggests that these Ag- or Cu-
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Fig. 2.4 (a1-6) HAADF images of a Ag—Cu-TiH,/AIN interface after brazing at 850 °C for
0.5 h, (b1, 3, 5) DF images for Ag, (b2, 4, 6) Cu, and (c1-6) TiN using g vectors as shown in
the (d1-6) electron diffraction patterns. The HAADF images are grouped into three pairs:
al and a2, a3 and a4, and a5 and a6. Slight changes in the specimen orientation within each
pair of HAADF images changes the electron diffraction patterns, as shown in the three pairs
dl and d2, d3 and d4, and d5S and d6. Examples of Ag- and Cu-containing areas in the
corresponding HAADF images are circled in yellow [1], © 2022 by Springer Science
Business Media, reproduced with license.
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Fig. 2.5 (a, b) HAADF images of a Ag—Cu—TiH,/AIN interface after brazing at 850 °C for 0.5
h, and (c) EDS analysis along the direction indicated by the arrow in (b) [1], © 2022 by
Springer Science Business Media, reproduced with license.

based spherical metal phases contained Al derived from AIN in the same way as the TiN
grain boundary phases. In other words, the spherical metal phases in the TiN layer defined
its grain boundaries.

A detailed HAADF image of the TiN layer at the Ag—Cu—TiH2/AIN interface is shown
in Fig. 2.6. The TiN layer here was composed of TiN particles of <50 nm in size. Their
grain boundaries contained Ag, Cu, and Al as shown by the line scan element analysis in
Fig. 2.5(c). Therefore, each TiN grain was surrounded by metal-rich grain boundary
phases that contained Ag, Cu, and Al and formed a network structure over the entire TiN
layer. In addition, the direction of observation for the TiN layer caused a difference in
appearance of the bright areas shown in Fig. 2.5(a) and (b). Thus, a metal-rich grain
boundary phase of the TiN layer appeared as a spherical metal phase in the TiN layer

when observed from the direction almost parallel to its grain boundary. The spatial

distribution of the Cu phase in the TiN layer reconstructed in 3D based on the elemental
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Fig. 2.6 Detailed HAADF image of the TiN layer of a Ag—Cu-TiH»/AIN interface after
brazing at 850 °C for 0.5 h [1], © 2022 by Springer Science Business Media, reproduced with
license.

Fig. 2.7 Spatial distribution of the Cu phase in the TiN layer of a Ag—Cu-TiH,/AIN interface
after brazing at 850 °C for 0.5 h.

distribution image by the electron tomography method [11, 12] is shown in Fig. 2.7. The
areas where the Cu phase was continuously present are shown in the same color. It can
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be seen that the Cu phase formed a network structure covering the TiN particles, and that
of the Cu phase can be linear or spherical, depending on the direction of observation of
the TiN layer. This direct observation of the spatial distribution of the Cu phase in the TiN
layer supports the differences in the shape distribution of the Cu phase shown in Figs. 2.5
and 2.6.

The HAADF images, elemental distributions, and line EDS profiles of the Ag/TiN
particle and Cu/TiN particle interfaces after brazing at 850 °C for 0.5 h are shown in Figs.
2.8 and 2.9, respectively. The line EDS profiles were obtained along the yellow dotted
arrows shown in Figs. 2.8(b) and 2.9(b). As shown in Fig. 2.8(d) and (f), an Al- and Cu-
containing segregation layer was formed at the Ag/TiN particle interface. In addition, Fig.
2.8(g) shows that the peak position of Al was located at the outermost surface of the TiN
particle, while the peak position of Cu was shifted into Ag by approximately 0.3 nm. In
Fig. 2.9(d) and (g), on the other hand, not only was an Al-containing segregation layer

formed on the outermost surface of the TiN particle, but an Al-depleted layer was also
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Fig. 2.8 (a) HAADF images of a Ag/TiN particle interface after brazing at 850 °C for 0.5 h,
together with elemental distributions of (b) Ti, (c) N, (d) Al, (¢) Ag, and (f) Cu. (g) Line EDS
profile obtained along the yellow dotted arrow shown in (b).
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Fig. 2.9 (a) HAADF images of a Cu/TiN particle interface after brazing at 850 °C for 0.5 h,
together with elemental distributions of (b) Ti, (¢) N, (d) Al, (e) Ag, and (f) Cu. (g) Line EDS
profile obtained along the yellow dotted arrow shown in (b).

formed on the outermost surface of the TiN particle, but an Al-depleted layer was also
formed at the Cu/AIN interface, which was shifted approximately 0.6 nm from the peak
position of Al to the Cu side. The presence of the Al-depleted layer indicates the formation
of a Cu-containing segregation layer in the Cu layer. Taken together, these results suggest
that the Ag—Cu alloy layer/TiN particle interfacial structure was essentially a Cu-
containing segregation layer/Al-containing segregation layer/TiN particle structure when
Cu was bonded onto AIN by the AMB method using Ag—Cu—Ti bonding material. This

means that Ag is basically not required in the AMB method.

2.3.2 Formation of the TiN layer during the solid-phase sintering
reaction

SE images of the Ag—TiH>/AIN interface and the Cu—TiH»/AIN interface after sintering
at 850 °C for 0.5 h are shown in Fig. 2.10(a) and (b), respectively. As in Fig. 2.2, the
broken lines in the figure correspond to the positions of the AIN/AL,O;3 interface. In
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contrast to the fully densified Ag—Cu eutectic structure, which was assisted by the Ag—
Cu liquid phase generation (Fig. 2.2), the Ag-rich and Cu-rich sinters had remaining
porosity. In addition, a layer of TiC (cubic, Fm3m, a = 4.328 A) [13] and Cu-Ti IMCs is
clearly visible in Fig. 2.10(a) and (b), respectively. Notably, the heating temperature
(850 °C) used in these sintering experiments was below the melting point of Ag (961.8 °C),
Cu (1084.6 °C), Ti (1668 °C), and also below the eutectic temperatures of the Ag—Ti
system (960 °C) [14] and the Cu-Ti system (875 °C) [8]. Therefore, this suggests that the
porosity in these sinters shown in Fig. 2.10(a) and (b) resulted from insufficient void
shrinkage between metal powders during solid-phase sintering.

The surfaces of the Ag powder used in this study (Fig. 2.11) were covered with an
organic medium, suggesting that TiC formed by reaction with TiH, powder in contact
with the Ag powder particles during solid-phase sintering. In contrast to the results of

solid-state sintering shown in Fig. 2.10(a), the Ag-rich phase densely precipitated

Ag ‘ /
HC Cu-Ti IMCs

Reaction layer 2
(TiN) Reaction layer

AIN AIN

(TiN)

Al,O5 500 nm| Al,O3 500 nm

Fig. 2.10 SE images of chemical reaction products at (a) a Ag-TiH:/AIN interface after
sintering at 850 °C for 0.5 h, and (b) a Cu-TiH/AIN interface after sintering at 850 °C for
0.5 h [1], © 2022 by Springer Science Business Media, reproduced with license.
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Fig. 2.11 Surface EsB image of the Ag powder used in this study [1], © 2022 by Springer
Science Business Media, reproduced with license.

Cu-TiIMC

&

Fig. 2.12 Cross-sectional HAADF image of a Ag—Cu alloy layer in the Ag—Cu—TiH; system
after brazing at 850 °C for 0.5 h [1], © 2022 by Springer Science Business Media, reproduced
with license.

because TiC particles formed locally at the Ag—Cu—TiH/AIN interface, where liquid was
present during the sintering process, as shown in Figs. 2.12, 2.13, and 2.14. Due to the

proximity of the Ag—Ma and C—Ka lines, the apparent C concentration of Ag is high in

Fig. 2.14(c). The uneven distribution of TiC particles at the Ag—Cu—TiH>/AIN interface
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Fig. 2.13 (a) BF-TEM image of a TiC particle in the Ag—Cu-TiH; system after brazing at
850 °C for 0.5 h, (b) DF image for TiC, and (c) for Ag using g vectors as shown in the electron
diffraction pattern shown in (d) from this region [1], © 2022 by Springer Science Business
Media, reproduced with license.

Fig. 2.14 (a) HAADF image of a TiC particle in the Ag—Cu-TiH; system after brazing at
850 °C for 0.5 h, together with elemental distributions of (b) Ti, (¢) N, (d) C, (e) Al, (f) Ag,
and (g) Cu [1], © 2022 by Springer Science Business Media, reproduced with license.
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appears to be caused by the uneven distribution of the organic residue modifying the Ag
particles and/or the convection of the Ag—Cu—Ti liquid phase. As in the case of Ag—Cu—
TiH>, the reaction layers between M—TiH> (M = Ag or Cu) and AIN grew inward from the
AIN surface toward the Al,O3 substrate. These layers contained a large number of bright
areas of <100 nm in size, which is similar to the size of Ag and Cu phases observed in the
TiN layer in Fig. 2.2.

An HAADF image of the Ag—TiH2/AIN interface together with elemental distributions
is shown in Fig. 2.15. The reaction layer was composed of reaction products containing
Ti and N, as well as Ag phases corresponding to the bright area observed in Fig. 2.10(a).
The size of the Ag phases in the reaction layer was about 10% of the particle size of the
Ag powder used in the Ag—TiH> paste. This implies that the generation of the Ag phase
was completely different from the grain growth in the solid sintering process, meaning
that a Ag-containing liquid phase was generated during the growth of the TiN layer.
HAADF images, DF images, and selected area electron diffraction (SAED) patterns at
each position on the Ti-containing metal layer side, at the center, and on the AIN side for
the reaction layer at the Ag—TiH2/AIN interface are shown in Fig. 2.16. The reaction layer
was composed of TiN and Ag (cubic) at each position according to the SAED patterns
shown in Fig. 2.16(d1-3). In addition, the coincidence of the zone axes of TiN and Ag
suggests an epitaxial relationship between them, as at the Ag—Cu—TiH2/AIN interface.

An HAADF image of the Cu—TiH2/AIN interface together with elemental distributions
is shown in Fig. 2.17. Corresponding to the bright area observed in Fig. 2.10(b), the Cu
phases were distributed in the reaction layer, which was mainly composed of reaction
products containing Ti and N, as at the Ag—TiH2/AIN interface. The size of the Cu phase

in the reaction layer was about 10% of the particle size of the Cu powder used in the Cu—
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Fig. 2.15 (a) HAADF image of a Ag-TiH,/AIN interface after sintering at 850 °C for 0.5 h,
together with elemental distributions of (b) Ti, (¢) N, (d) Al, and (e) Ag [1], © 2022 by
Springer Science Business Media, reproduced with license.

TiHz paste. This also implies that the Cu phase in the Cu—TiH2/AIN interfacial reaction
layer was formed through the same reaction process as the Ag phase in the Ag—TiH2/AIN
interfacial reaction layer. HAADF images, DF images, and SAED patterns at each
position on the Ti-containing metal layer side, at the center, and on the AIN side for the
reaction layer at the Cu—TiH2/AIN interface are shown in Fig. 2.18. Here, the reaction
layer was composed of TiN and Cu (cubic) at each position, as evident from the SAED

patterns shown in Fig. 2.18(d1-3). In addition, the coincidence of the zone axes of TiN

and Cu suggests that there was an epitaxial relationship between them as in the Ag—Cu—
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Fig. 2.16 (a1-3) HAADF images of a Ag—TiH/AIN interface after sintering at 850 °C for 0.5
h, (b1-3) DF images for Ag, and (c1-3) for TiN using g vectors as shown in (d1-3) SAED
patterns [1], © 2022 by Springer Science Business Media, reproduced with license.

TiH2/AIN interface.
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Fig. 2.17 (a) HAADF image of a Cu-TiH,/AIN interface after sintering at 850 °C for 0.5 h,
together with elemental distributions of (b) Ti, (¢) N, (d) Al, and (e¢) Cu [1], © 2022 by
Springer Science Business Media, reproduced with license.
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Fig. 2.18 (a1-3) HAADF images of a Cu—TiH/AIN interface after sintering at 850 °C for 0.5
h, (b1-3) DF image for Cu, and (c1-3) for TiN using g vectors as shown in (d1-3) SAED
patterns [1], © 2022 by Springer Science Business Media, reproduced with license.

2.3.3 Growth mechanism of the TiN reaction layer

The results shown in Sections 2.3.1 and 2.3.2 indicate that the structural features of
these TiN layers as shown Figs. 2.4, 2.16, and 2.18 did not depend on whether the Ti-
containing metal layer was a liquid phase or a solid phase at the heat treatment
temperature. Thus, the formation reaction of the TiN layer using AIN as a starting material
via the AMB method consisted of TiN formation via a single-substitution reaction and a
local liquid-phase formation reaction inside AIN.

Compositional analysis results for the Ag and the Cu phases in the TiN layer for three
samples are shown in Tables 2.2 and 2.3, which were obtained from each phase shown in
Figs. 2.4,2.16, and 2.18. For the Ag—Cu—TiH> system, the Al concentration relative to the
sum of the Ag, Cu, and Al concentrations is also shown in parentheses in Tables 2.2 and
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Table 2.2 Compositional analysis of the Ag phase in the TiN layer after brazing/sintering at
850 °C for 0.5 h as shown in Figs. 2.4 and 2.16. Dash (-): below the limit of detection [1], ©
2022 by Springer Science Business Media, reproduced with license.

Position Concentration (at%) Al

Sl in the TiN layer Ag Cu Ti Al N m(at%)

Metal layer side 46.7 10.2 159 09 26.3 1.9 (1.6)

Ag—Cu-TiH,/AIN Center 416 119 171 14 28.0 3.2 (2.5)
AIN side 17.8 47 354 0.7 41.4 3.8 (3.1)

Metal layer side 30.3 - 373 2.0 30.4 6.2

Ag-TiH,/AIN Center 23.7 - 423 28 312 10.5
AIN side 14.3 - 474 25 358 14.7

Table 2.3 Compositional analysis of Cu phase in the TiN layer after brazing/sintering at
850 °C for 0.5 h as shown in Figs. 2.4 and 2.18. Dash (-): below the limit of detection [1], ©
2022 by Springer Science Business Media, reproduced with license.

Position Concentration (at%) Al

Sample ) ) ] ———(at%)

in the TiN layer Ag Cu Ti A N Al+Cu(+Ag)
Metal layer side 0.7 236 387 42 327 15.1 (14.7)
Ag—Cu-TiH,/AIN Center 03 171 407 33 387 16.1 (15.8)
AIN side 9.4 345 197 95 269 21.6 (17.8)
Metal layer side - 256 393 32 319 11.1
Cu-TiH,/AIN Center - 40.0 28.0 6.3 257 134
AIN side - 655 108 113 123 14.9

2.3. It can be seen that the Al concentration gradually decreased with increasing distance
from AIN. This implies that the TiN grain boundaries functioned as diffusion paths and
assisted in the transfer of elements between the Ti-containing metal layer and AIN. It is
notable that Al dissolved better in Cu than Ag did in the Ag—Cu-TiH> system. In addition,
the Al concentration dependence of the lattice constants of the Ag and Cu phases in the

TiN layer for three samples are shown in Figs. 2.19 and 2.20, as estimated from the SAED
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Fig. 2.19 Al concentration dependence on the Ag lattice parameter [1], © 2022 by Springer
Science Business Media, reproduced with license.
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Fig. 2.20 Al concentration dependence on the Cu lattice parameter [1], © 2022 by Springer
Science Business Media, reproduced with license.

patterns shown in Figs. 2.4, 2.16, and 2.18. The lattice constants of these phases are
known to change linearly with respect to Al concentration in the Al solid solution region
[14—16]. The changes in these lattice constants estimated in this work further support the
proposition that there was a concentration gradient of M and Al in the TiN layer thickness

direction.
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Fig. 2.21 (a)—(e) Schematic mechanism for the formation reaction of the TiN layer at the
interface between the Ti-containing metal layer and AIN. (a) Diffusion of Ti and M into the
AIN surface. (b) Co-generation of TiN particles and the Al-M liquid phase according to
Equations (2.2) and (2.3). (¢, d) Growth of TiN layer toward the AIN interior and
solidification of the AlI-M liquid phase according to Equations (2.4) and (2.5), and finally (e)
the TiN layer containing the M—Al solid phase with Al concentration distribution after
complete solidification of the grain boundaries [1], © 2022 by Springer Science Business
Media, reproduced with license.

Combining the results of the three sets of interfacial reactions between a Ti-containing
metal layer and AIN, a formation mechanism for the TiN layer via the AMB method is

proposed, as illustrated in Fig. 2.21. First, an interfacial reaction occurs between Ti in the

Ti-containing metal layer and AIN according to the following chemical reaction:

Ti + AIN — TiN + Aliq (2.2)

This single-substitution reaction causes the co-generation of TiN particles and free liquid-
phase Al (Aliiq) on the AIN surface at temperatures above the melting point of Al (660 °C).
In addition, an element M (M = Ag and/or Cu) becomes eutectic with Al [18, 19] in the

Ti-containing metal layer. Therefore, Aliiq immediately forms Al-Miiq as M dissolves in
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Aliig, as shown in Equation (2.3) and schematically in Fig. 2.21(b). It appears that Al-Miiq

contributes to lowering the energy of the entire interfacial reaction system.

Aliig + M — Al-Miiq (2.3)

Furthermore, this Al-Miiq is suggested to function as a diffusion path for supplying Ti
from the Ti-containing metal layer to the interior of AIN. This means that Ti newly
reaching the AIN surface via these diffusion paths propagates the co-generation of TiN
particles and Aliiq into the AIN interior by the chemical reaction in Equation (2.4), where
Aljiq 1s immediately integrated with Al-Miiq. Thus, the solidification reaction of Al-Miiq
of Equation (2.5) proceeds simultaneously with the single-substitution reaction of
Equation (2.4) due to the increase in the concentration of M in Al-Miq on the Ti-
containing metal layer side since M also diffuses through these diffusion paths into Al-

Miiq as shown in Fig. 2.21(c).

Ti + AIN + Al-Miiq — TiN + Al-Miq (2.4)

Al-Miiq + M — M—Alsol (2.5)

Therefore, the single-substitution reaction of Equation (2.2) promotes continuous
interfacial reactions between the Ti-containing metal layer and AIN, and the reaction
forming the TiN layer proceeds inside the AIN through repeated occurrence of local
reactions of Equations (2.4) and (2.5), as shown schematically in Fig. 2.21(d).
Consequently, the TiN layer is composed of TiN particles and grain boundaries with a

concentration gradient of M and Al in the thickness direction of the TiN layer. This
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corresponds to a high M concentration on the Ti-containing metal layer side and a high
Al concentration on the AIN side, respectively, as shown in Fig. 2.21(e). In the TiN
formation reaction using AIN as a starting material via the AMB method, the local Al-
Miiq plays an important role in the progress of the interfacial reaction between the Ti-
containing metal layer and AIN, and Al-Miiq and M—Also derived from this local liquid
phase act as diffusion paths promoting transfer between the Ti-containing metal layer and

AIN at all stages of the interfacial reaction.

2.4 Conclusions

This chapter presented a detailed investigation of the microstructure of TiN layers
formed by the interfacial reactions in the AMB method between three Ti-containing metal
layers—namely, Ag—Cu-TiH,, Ag-TiH,, and Cu-TiH>—and a single-crystal AIN
substrate. These interfacial structures were summarized in Fig. 2.22. The main

conclusions were as follows:

1. The TiN layer grown inside the AIN substrate at the Ag—Cu—TiH>/AIN interface
consisted of a grain boundary phase composed of Ag and Cu in solid solution with Al
derived from AIN surrounding TiN particles of <50 nm in size.

2. Ag was not essential in the formation of the Ag—Cu alloy layer/TiN particle interface,
whereas TiN particles with an Al-containing segregation layer on the outermost surface
were bonded to the Ag—Cu alloy layer via a Cu-containing segregation layer.

3. Interfacial reactions between AIN and Ti-containing metal layers that do not melt at
850 °C, such as Ag—TiH; and Cu-TiH», produced TiN layers with the same structure

as the TiN layer grown at the Ag—Cu—TiH2/AIN interface.
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4. When AIN used as the starting material in the AMB process, TiN layers grew toward
the AIN interior due to interfacial reactions involving the formation of a localized Al-

based eutectic liquid phase and the transport of elements via this eutectic liquid phase.

Brazing process Sintering process
. - '

Same structure: TiN particle + grain boundary phase

e
T

Fig.2.22 Cu/ceramic interfacial structures discussed in this chapter.
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Chapter 3: Interfacial structure of Ag—Cu eutectic brazing to

TiN-based and WC-based ceramics

3.1 Introduction

In Chapter 2, the TiN layer formed by the interfacial reaction between the Ag—Cu—TiH>
brazing alloy and AIN was shown to be a composite of TiN particles and Ag- and Cu-
containing grain boundary phases. In addition, it was demonstrated that Cu-containing
and Al-containing segregation layers were formed at the Ag—Cu alloy layer/TiN particle
interface. However, it is unclear how the Ag—Cu alloy, the TiN particles and the formation
of these segregation layers contribute to the formation of the Ag—Cu alloy layer/TiN
particle interface, since the formation reaction of TiN particles, Cu-containing and Al-
containing segregation layers at the Ag—Cu alloy layer/TiN particle interface are all
completed during active brazing.

In this chapter, based on Ag—Cu brazing, in order to clarify the effects of TiN particle
formation and metal components of the grain boundary phase on the formation of the
metal/TiN particle bonding interface, the Ag—Cu alloy layer/TiN particle interface was
investigated by using a TiN solid-phase sintered ceramic without a metal grain boundary
phase and a TiN liquid-phase sintered ceramic with a mainly Fe-containing grain
boundary phase which is different from Ag—Cu alloy. In addition, to clarify the general
structure of the metal/ceramics bonding interface formed by Ag—Cu brazing, the
interfacial structure of the Ag—Cu alloy layer/WC—Co cemented carbide, which is a

different material system from the TiN sintered ceramic, is investigated [1, 2].
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3.2 Experimental procedure

3.2.1 Materials and sample fabrication

In this study, as the sintered materials for brazing Cu, two TiN sintered ceramics with
different sintering methods were used as TiN layers and a WC—Co cemented carbide was
used as a different material system from TiN. One of the TiN sintered ceramics was a
commercial TiN solid-phase sintered ceramic (950.8 mm x 6 mm) fabricated by the solid-
phase sintering method, in which there was no grain boundary phase composed of metal
components, and this was cut into a 10 mm x 10 mm % 6 mm rectangular parallelepiped.
The other was TiN-8.4 wt% Fe-2.2 wt% Ni—1.1 wt% C-3.8 wt% Mo.C, which was
fabricated by the liquid-phase sintering method (referred to as TiN liquid-phase sintered
ceramic). Powders of TiN (Dso = 1.3 um), Fe (Dso = 6.1 um), Ni (Dso = 2.5 um), C (Dso
=4.7 um), and Mo2C (Dso = 1.8 um) were added to ethanol and mixed for 40 h in a ball
mill together with WC balls (93 mm). Dso is the 50th percentile of particle size by volume.
The resulting mixture was dried at 150 °C for 3 h under vacuum, and then formed into a
cylinder (920 mm x 8§ mm) under pressure of 200 MPa. The molding was sintered at
1400 °C for 2 h in N> containing 3 vol% Hb> at atmospheric pressure and then formed into
a 10 mm x 10 mm x 6 mm rectangular parallelepiped by grinding. The relative densities
of these solid- and liquid-phase sintered ceramics were 81.9% and 99.8%, respectively,
indicating that the TiN liquid-phase sintered ceramics were almost fully densified. In
addition, the area ratio of TiN grains to the grain boundary phase was about 80:20 on the
surface to be bonded to the TiN liquid-phase sintered ceramic. The concentrations of

impurities in the TiN solid-phase sintered ceramic as found by inductively coupled plasma
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optical emission spectrometry (ICP-OES) are shown in Table 3.1. The TiN solid-phase
sintered ceramic had purity of >99.9 wt%. Of nine impurities including Al, K, and Ca, the
one with the highest concentration was Fe (0.018 wt%). These impurities would be
derived from the TiN grains used as a raw material for the TiN solid-phase sintered
ceramic, or from the Ti material used as a raw material for the TiN grains. In addition,
this Fe impurity concentration was about 0.2% of the Fe concentration in the TiN liquid-
phase sintered ceramic. WC—Co cemented carbide using only Co as the binder, which
was finished to a surface roughness of 0.15 pm by grinding, was also used and was cut
into a 10 mm x 10 mm X 6 mm rectangular parallelepiped. Oxygen-free copper (OFC, 10
mm x 10 mm x 0.8 mm) was brazed onto the sintered materials using a Ag—Cu eutectic
brazing foil (Ag—28 wt% Cu [3], 10 mm x 10 mm x 0.05 mm). These materials were
laminated in the order of Cu, Ag—Cu brazing foil, and the sintered materials. The
laminated specimen was vacuum brazed at 850 °C for 0.5 h under pressure of 1 MPa,

with heating and cooling rates of 10 °C/min, and ultimate vacuum of about 5 x 10~ Pa.

Table 3.1 Concentrations of impurities related to the TiN solid-phase sintered ceramic as
measured by ICP-OES [2], © 2022 by authors, reproduced with license.

Concentration (wt%)

Al K Ca Cr Mn Fe Co Nb Mo

0.012 0.015 0.002 0.002 0.005 0.018 0.010 0.002 0.003

3.2.2 Characterization

The surface and cross-section of the TiN sintered ceramics and the WC—-Co cemented
carbide were observed by SEM and auger electron spectroscopy (AES). AES analysis and

SEM observation of these sinter surfaces were performed using a PHI 700 system
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(ULVAC-PHI, Inc.) operated at 10 kV. For cross-sectional SEM analysis of these sinters,
metallography specimens mounted in an acrylic polymer at room temperature were
polished using standard metallographic techniques, with final polishing performed using
an argon-based ion beam polisher (ArBlade 5000, Hitachi High-Tech). The
microstructures of all cross-sectional specimens were observed using a GeminiSEM 500
system (Carl Zeiss AG) operated at an operating voltage of 1.8 kV. In addition, cross-
sections of Cu/TiN sintered ceramic brazed specimens and Cu/WC—-Co cemented carbide
brazed specimen, which were prepared in the same way as the sintered specimens before
brazing, were observed by SEM before more detailed observations were undertaken by
STEM. SEM observation and elemental analysis of the cross-sections were performed
using the GeminiSEM 500 system with an EDS system (NORAN System7, Thermo
Fisher Scientific), which were operated at 1.8 kV and 7 kV, respectively. Cu/TiN thin
sections for STEM analysis were prepared using a FIB system (Scios, Thermo Fisher
Scientific), and their thickness was adjusted between 30 and 100 nm. The elemental
distributions of the thin sections were evaluated using a Titan G2 ChemiSTEM system
(Thermo Fisher Scientific) equipped with an EDS system (NSS7, Thermo Fisher

Scientific) operated at 200 k'V.

3.3 Results and discussion

3.3.1 Surface and cross-sectional microstructures of TiN solid-phase

and liquid-phase sintered ceramics and WC—-Co cemented carbide

Cross-sectional SE images of the near surface of the TiN solid-phase sintered ceramic

62



v
s

; Cracks
| Ni-containing Fe

\ 1pm

Fig. 3.1 Cross-sectional SE images of (a) the TiN solid-phase sintered ceramic and (b) the
TiN liquid-phase sintered ceramic near the surface [2], © 2022 by authors, reproduced with
license.

and the TiN liquid-phase sintered ceramic before brazing are shown in Fig. 3.1. The TiN
solid-phase sintered ceramic contained a large number of voids, owing to the low
sinterability of TiN grains [4]. In contrast, the TiN liquid-phase sintered ceramic had a
dense structure due to the bonding of the TiN grains through a crystalline grain boundary
phase consisting of a Ni-containing Fe phase (Fe—44 at% Ni, cubic, Fm3m, a = 3.586 A)
[5-7] and Mo,C (hexagonal, P63/mmc, a=2.994 A, c=4.732 A)[8]. In addition, although
the surface of the TiN liquid-phase sintered ceramic finished by grinding had some fine
cracks, it was flatter than the TiN solid-phase sintered ceramic. Surface SE images of the
TiN solid-phase sintered ceramic and the TiN liquid-phase sintered ceramic before
brazing, together with the AES spectra obtained from these surfaces, are shown in Fig.
3.2. Some voids were present on the surface of the TiN solid-phase sintered ceramic and
appeared to be connected to the voids inside the ceramic as shown in Fig. 3.1(a). In

addition, the shape of the AES spectra suggests that the impurities shown in Table 3.1
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Fig. 3.2 Surface SE images of (a) the TiN solid-phase sintered ceramic and (b) the TiN liquid-
phase sintered ceramic. (c) AES spectrum obtained from areas marked by white open circles
in (a) and (b) [2], © 2022 by authors, reproduced with license.

were not significantly segregated on the TiN grain surface (#1). In contrast, the SE image
of the TiN liquid-phase sintered ceramic shows regions of different brightness regions
(Fig. 3.1(b)). According to the AES spectrum, the dark contrast region (#2) appears to be
composed of the TiN phase with C and O, while the bright contrast region (#3) appears
to be composed of the Ni-containing Fe phase in addition to the aforementioned TiN
phase. Thus, no grain boundary phase components were present on the surface of the TiN
grains on the surface to be bonded to the TiN liquid-phase sintered ceramics.

An SE image of the WC—Co cemented carbide surface before brazing, together with
its Co distribution and AES spectrum, is shown in Fig. 3.3. The SE image shows two
regions of different brightness. Based on the Co distribution shown in Fig. 3.3(b), the
bright and dark regions appear to correspond to WC grains (#4) and the grain boundaries

composed of Co (#5), respectively. In addition, the area ratio of Co distributed in the WC
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Fig. 3.3 (a) SE image, (b) Co distribution, and (c) AES spectrum of the WC—Co cemented
carbide surface [1], © 2022 by Elsevier B.V., reproduced with license.

grain boundaries to the entire WC—Co cemented carbide surface to be brazed was about
10%. It can be seen that Co-containing different phases were not present on the WC grain
surfaces shown in Fig. 3.3(c), as the WC—Co cemented carbide surface to be brazed was

finished by grinding.

3.3.2 Interfacial structure of Ag- and Cu-rich phase/TiN solid-phase

and liquid-phase sintered ceramics

The appearance of the TiN solid-phase sintered ceramic and that of the Cu plates brazed
with Ag—Cu eutectic brazing foil at 850 °C for 0.5 h are shown in Fig. 3.4. Poor adhesion
can be seen between the Ag—Cu alloy layer and the TiN grains. This result is different
from the state of bonding at the Ag—Cu alloy layer/TiN layer interface involving the

interfacial reaction between the Ag—Cu—Ti liquid phase and the AIN substrate in the AMB
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Ag—Cu alloy layer

Fig. 3.4 Appearance of the TiN solid-phase sintered ceramic and Cu plates brazed with a
Ag—Cu eutectic brazing foil after heating at 850 °C for 0.5 h [2], © 2022 by authors,
reproduced with license.

method. In addition, Ag—Cu alloy layers were formed on the entire bonding surface of the
Cu plate and on the edge of its non-bonding surface. This suggests that a sufficient amount
of Ag—Cu liquid phase was generated during heating but did not penetrate into the voids
leading from the surface to interior of the TiN solid-phase sintered ceramic shown in Figs.
3.1(a) and 3.2(a). Thus, good bonding was not achieved between the Ag—Cu alloy layer
and the TiN grains by mechanical bonding, such as the anchor effect [9].

A cross-sectional energy-selective backscattered electron (EsB) image of the interface
between the Cu and TiN liquid-phase sintered ceramic after bonding at 850 °C for 0.5 h,
together with the elemental distributions, is shown in Fig. 3.5. In contrast to the bonding
state between Cu and the TiN solid-phase sintered ceramic shown in Fig. 3.4, here the
Cu/TiN liquid-phase sintered ceramic brazing interface appears to show a ceramic
morphology without any macroscopic gaps or pores. The most significant feature of the
cross-sectional microstructure of the Cu/TiN liquid-phase sintered ceramic is that the Ni-
containing Fe phase was substituted for the Cu-rich and Ag-rich phases from the Cu/TiN

liquid-phase sintered ceramic brazing interface to the interior of the TiN liquid-phase
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Fig. 3.5 (a) Cross-sectional EsB image of the Cu/TiN liquid-phase sintered ceramic interface
after bonding at 850 °C for 0.5 h. (b)—(i) Elemental distributions of (b) Cu, (¢) Ag, (d) Ti, (e)
N, (f) Fe, (g) Ni, (h) Mo, and (i) C [2], © 2022 by authors, reproduced with license.

sintered ceramic to a depth of about 2 um. This suggests that interdiffusion of the Ni-
containing Fe phase with the Cu(Ag)-rich phase could result in replacement of these
phases while maintaining the shape near the brazed surface of the TiN liquid-phase
sintered ceramics. In addition, no distinct Fe or Ni signals can be seen in the Ag—Cu alloy
layer, suggesting that the concentrations of these elements are below the limit of detection
due to their diffusion to the Cu surface side. The macroscopic structures of the Cu/TiN
liquid-phase sintered ceramic interface can be divided into three types. The first is the

Ag—Cu alloy layer/TiN brazing interface formed by the interfacial reaction between the

Ag—Cu liquid phase and the TiN grains (Interface I). The second is the substituted Ag—
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Cu phase/TiN interface, where the grain boundary phases of the TiN liquid-phase sintered
ceramic are substituted for the Ag—Cu brazing filler components (Interface II). The third
is the interface between the TiN grains and the grain boundary phase without substitution
by the Cu-rich and Ag-rich phases in the TiN liquid-phase sintered ceramic (Interface III).

An HAADF image and elemental distributions of Interface I after brazing at 850 °C
for 0.5 h are shown in Figs. 3.6 and 3.7 for the Cu-rich phase/TiN grain interface and the
Ag-rich phase/TiN grain interface, respectively. The highest signal in the Fe and Ni maps
is located uniformly at Interface I between the Cu-rich phase and TiN grain (Fig. 3.6(f)
and (g)). By comparison, a Cu signal is detected at Interface I between the Ag-rich phase
and a TiN grain in addition to the Fe and Ni signals (Fig. 3.7(b), (f), and (g)). Cu
segregates with Fe and Ni at Interface I between the Ag-rich phase and a TiN grain, while
the regions where these elements do not segregate correspond to very small voids of 1 to
2 nm in size. Line EDS profiles of Interface I after brazing at 850 °C for 0.5 h are shown
in Figs. 3.6(j) and 3.7(j), where the line EDS profiles correspond to the white dashed
arrows in Figs. 3.6(b) and 3.7(b), respectively. The peak positions of the Fe and Ni signals
at the interface between the Cu-rich phase and a TiN grain almost overlap, as shown in
Fig. 3.6(j). The overlap of the peak positions between these elements was also detected
at Interface I between the Ag-rich phase and a TiN grain (Fig. 3.7(j)), while the peak
position of the Cu signal was shifted toward the Ag-rich phase with respect to the peak
positions of the Fe and Ni signals. The difference in peak widths of Fe and Ni signals
between the Cu-rich phase/TiN grain interface and the Ag-rich phase/TiN grain interface
may be due to the curvature of TiN grains in the thickness direction of the Cu/TiN thin
sections for STEM analysis. No Fe or Ni was present on the TiN grain surface of the TiN

liquid-phase sintered ceramic before brazing (#2 in Fig. 3.2(c)). These results suggest that
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the segregation layers containing Fe and Ni were formed by the interfacial reaction
between the TiN grains and the Ag—Cu liquid phase, which contained Fe and Ni
components derived from the grain boundary phase of the TiN liquid-phase sintered
ceramic. This means that neither the Cu-rich phase nor the Ag-rich phase was directly
bonded to TiN grains. On the other hand, such interfacial reactions seemed not to occur
during brazing in the TiN solid-sintered ceramic system because the dissolution of TiN
grains into the Ag—Cu liquid phase did not provide enough Fe, one of the impurities
shown in Table 3.1. In addition, a Cu-containing segregation layer appeared to be present
between the Ag-rich phase and the Fe- and Ni-containing segregation layer at Interface I

between the Ag-rich phase and TiN grains.

TiN Cu-rich
[ «<— —

Concentration [at%]

Position [nm]

Fig. 3.6 (a) Cross-sectional HAADF image of the Cu-rich phase/TiN grain interface after
brazing at 850 °C for 0.5 h. (b)—(i) Elemental distributions of (b) Cu, (¢) Ag, (d) Ti, (e) N, (f)
Fe, (g) Ni, (h) Mo, and (i) C obtained from the selected area marked in (a). (j) Line EDS
profile obtained along the white dashed arrow shown in (b) [2], © 2022 by authors,
reproduced with license.
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Fig. 3.7 (a) Cross-sectional HAADF image of the Ag-rich phase/TiN grain interface after
brazing at 850 °C for 0.5 h. (b)—(i) Elemental distributions of (b) Cu, (¢) Ag, (d) Ti, (e) N, (f)
Fe, (g) Ni, (h) Mo, and (i) C obtained from the selected area marked in (a). (j) Line EDS
profile obtained along the white dashed arrow shown in (b) [2], © 2022 by authors,
reproduced with license.

An HAADF image and elemental distributions of Interface II after brazing at 850 °C
for 0.5 h are shown in Figs. 3.8 and 3.9 for the substituted Cu-rich phase/TiN grain
interface and the substituted Ag-rich phase/TiN grain interface, respectively. As shown in
Fig. 3.8(f) and (g) and Fig. 3.9(f) and (g), the highest signal in the Fe and Ni maps was
uniformly located between the Cu-rich and Ag-rich phases and a TiN grain at Interface II,
similar to Interface I (Figs. 3.6 and 3.7). In addition, a Cu signal was detected at Interface
IT between the substituted Ag-rich phase and a TiN grain in addition to the Fe and Ni
signals (Fig. 3.9(b), (f), and (g)). The line EDS profiles of Interface II in Figs. 3.8(j) and
3.9(j), corresponding to the white dashed arrows in Figs. 3.8(b) and 3.9(b), show that the
Fe and Ni peak positions coincided with the Cu-rich phase/TiN grain interface. In addition,
the Cu peak position was shifted toward the Ag-rich phase compared with the Fe and Ni

peak positions coinciding with the Ag-rich phase/TiN grain interface. Compared to the
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Ag signal at the Ag-rich phase/TiN grain interface, the Cu signal at the Cu-rich phase/TiN
grain interface is detected within TiN grains, which may be due to the curvature of TiN
grains in the thickness direction of Cu/TiN thin sections for STEM analysis as in Interface
I. Most importantly, these features of Interface II formed by interdiffusion between the
grain boundary phase and the Ag—Cu liquid phase are in perfect agreement with those of
Interface I formed by the interfacial reaction during brazing. Specifically, the interfacial
structure across the Fe- and Ni-containing segregation layer is a feature common to both
the Cu-rich phase/TiN grain interface and the Ag-rich phase/TiN grain interface. Also, a
Cu-containing segregation layer may have been present between the Ag-rich phase and
Fe- and Ni-containing segregation layer at the Cu-rich/TiN grain interface for Interfaces
[ and II. The (a) annular bright-field (ABF) and (b) HAADF images of the substituted Cu-
rich phase/TiN grain interface are shown in Fig. 3.10. These were observed along the TiN
[001] direction. In Fig. 3.10(a), the local dark contrast corresponds to the Ti or N
columns of TiN. Comparing Fig. 3.10(a) and (b) suggests that the 3—4 layers from the
surface of the TiN particle are substituted by elements heavier than Ti and N, while
maintaining the rock-salt structure of TiN. On the other hand, no clear atomic columns
corresponding to Cu-containing segregation layers were observed in the Cu-rich phase.
This suggests that the Cu-containing segregation layer does not have a specific structure.
A detailed HAADF image of the substituted Cu-rich phase/TiN grain phase interface,
together with elemental distributions, is shown in Fig. 3.11. Here, the elemental
distribution of Fe coincides well with the region substituted by relatively heavy elements
on the TiN grain surface. This suggests that the outermost surface of the TiN grains was

modified to Tii-Fe,N [10].
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Fig. 3.8 (a) Cross-sectional HAADF image of the substituted Cu-rich phase/TiN grain
interface after brazing at 850 °C for 0.5 h. (b)—(i) Elemental distributions of (b) Cu, (c) Ag,
(d) Ti, (e) N, (f) Fe, (g) Ni, (h) Mo, and (i) C obtained from the selected area marked in (a).

(j) Line EDS profile obtained along the white dashed arrow shown in (b) [2], © 2022 by
authors, reproduced with license.
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Fig. 3.9 (a) Cross-sectional HAADF image of the substituted Ag-rich phase/TiN grain
interface after brazing at 850 °C for 0.5 h. (b)—(i) Elemental distributions of (b) Cu, (c) Ag,
(d) Ti, (e) N, (f) Fe, (g) Ni, (h) Mo, and (i) C obtained from the selected area marked in (a).

(j) Line EDS profile obtained along the white dashed arrow shown in (b) [2], © 2022 by
authors, reproduced with license.
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Fig. 3.10 (a) ABF and (b) HAADF images of the substituted Cu-rich phase/TiN grain
interface after brazing at 850 °C for 0.5 h.

Fig. 3.11 (a) HAADF image of the substituted Cu-rich phase/TiN grain phase interface with
elemental distributions of (b) Cu, (c¢) Ag, (d) Ti, (e) N, (f) Fe, (g) Ni, (h) Mo, and (i) C.
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An HAADF image, elemental distributions, and a line EDS profile at Interface III
(Mo2C/TiN grain) after brazing at 850 °C for 0.5 h are shown in Fig. 3.12. The elemental
distributions and line EDS profile were obtained from the selected area shown in Fig.
3.12(a) and the white dashed arrow shown in Fig. 3.12(b), respectively. The highest
uniform signal in the Fe map can be clearly seen at Interface Il in Fig. 3.12(f). In addition,
the Ni concentration of 6.2 at% at the Ni peak position is close to the value of about 4.9
at% in Mo2C, which might not be immediately clear. However, the Ni peak position was
consistent with the Fe peak position in the line EDS profile in Fig. 3.12(j). This suggests
that the surfaces of TiN grains constituting the TiN liquid-phase sintered ceramic were
covered by an Fe- and Ni-containing layer due to an interfacial reaction during the liquid-
phase sintering process above the Ag—Cu brazing temperature. This means that the TiN

grains were bonded to the grain boundary phase through the Fe- and Ni-containing

Concentration [at%]
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Fig. 3.12 (a) Cross-sectional HAADF image of the Mo,C/TiN grain interface after brazing
at 850 °C for 0.5 h. (b)—(i) Elemental distributions of (b) Cu, (¢) Ag, (d) Ti, (e) N, (f) Fe, (g)
Ni, (h) Mo, and (i) C obtained from the selected area marked in (a). (j) Line EDS profile
obtained along the white dashed arrow shown in (f) [2], © 2022 by authors, reproduced with
license.
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segregation layer in the TiN liquid-phase sintered ceramic used in this work.

Combining the results of brazing between the Ag—Cu brazing filler metal and the TiN
solid-phase sintered ceramic and the results for the three sets of interfacial structures for
the Cu brazed TiN liquid-phase sintered ceramic, a bonding mechanism for TiN grains to
Cu-rich and Ag-rich phases is proposed, as illustrated in Fig. 3.13. During the liquid-
phase sintering process (1400 °C), which was used to fabricate the TiN liquid-phase
sintered ceramic, the surfaces of TiN grains were covered with an Fe- and Ni-containing
segregation layer due to the interfacial reaction between the TiN grains and the grain
boundary components consisting mainly of Fe. The TiN liquid-phase sintered ceramic
used in this study was formed by the bonding of TiN grains with a grain boundary phase
such as the Ni-containing Fe phase and Mo>C via this Fe- and Ni-containing segregation
layer. The surface to be bonded to the TiN liquid-phase sintered ceramic consisted of flat
TiN grains and a grain boundary phase due to the grinding process, as shown in Fig.
3.13(a). Therefore, no Fe- and Ni-containing segregation layer was present on the surfaces
of the TiN liquid-phase sintered ceramics to be bonded. As shown schematically in Fig.
3.13(b), the grain boundary components of the TiN liquid-phase sintered ceramic first
dissolved into the Ag—Cu liquid phase above the Ag—Cu eutectic temperature, causing
erosion of its grain boundary phases. Then, as this erosion progresses, the concentrations
of Fe and Ni in the Ag—Cu liquid phase increased, promoting the interfacial reaction with
TiN grains to form the Fe- and Ni-containing segregation layer on the surface of TiN grain,
as shown in Fig. 3.13(c). While this interfacial reaction was occurring, interdiffusion
occurred between the grain boundary phase and the Ag—Cu liquid phase. After brazing,
the Ag—Cu liquid phase separated into the Cu-rich and Ag-rich phases by solidification.

Most importantly, the following interfacial structure was formed through this Fe- and Ni-
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Fig. 3.13 (a)«(d) Schematic mechanism for the interfacial reaction between the TiN liquid-
phase sintered ceramic and Ag—Cu eutectic brazing filler metal during heating above the
Ag—Cu eutectic temperature. Details of the interfacial structures at (e) the Cu-rich
phase/TiN grain interface and (f) the Ag-rich phase/TiN grain interface for Interface I and
Interface II after heating [2], © 2022 by authors, reproduced with license.

containing layer: Cu-rich phase/Fe- and Ni-containing segregation layer/TiN grain and
Ag-rich phase/Cu-containing segregation layer/Fe- and Ni-containing segregation
layer/TiN grain (Fig. 3.13(d) and (e), respectively). This suggests that the Fe- and Ni-
containing segregation layer contributed to lowering the energy of the entire interfacial
reaction system, and furthermore that the formation of the Cu-containing segregation
layer between the Ag-rich phase and the Fe- and Ni-containing segregation layer

promoted stabilization of the interfacial structure. Thus, a Cu-containing segregation

layer may have been present between the Ag-rich phase and the Fe- and Ni-containing
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segregation layer. The Cu-containing segregation layer may also have been present
between the Cu-rich phase and the Fe- and Ni-containing segregation layer, but it would
be difficult to distinguish the Cu signal derived from the Cu-rich layer from that of the
Cu-containing segregation layer. Taken together with the results of Ag—Cu brazing of the
Cu plate onto the TiN solid-phase sintered ceramic, in which there was no grain boundary
phase composed of metal components, the addition of elements to the interfacial reaction
system capable of forming a segregation layer between the metal phase and the TiN grain

is a key for achieving Ag—Cu brazing onto TiN grains.

3.3.3 Interfacial structure of Ag- and Cu-rich phase/WC—-Co cemented
carbide

A cross-sectional SE image and the elemental distributions of the Cu/WC—-Co
cemented carbide interface after brazing at 850 °C for 0.5 h are shown in Fig. 3.14. The
SEM observation shows that there is no macroscopic interfacial structure at the Cu/WC—
Co cemented carbide interface. However, both Ag and Cu, which make up the brazing
material, penetrated down to a depth of about 1 um from the surface of WC—Co cemented
carbide. In addition, comparison of Fig. 3.14(a)—(c) shows that the distributions of Ag and
Cu coincided well with the grain boundary phase of the WC—Co cemented carbide. These
results suggest that Co, which makes up the grain boundary phase of WC-Co cemented
carbide, was substituted for Ag and Cu during brazing. This means that Co dissolved into
the molten Ag—Cu phase during brazing and mutually diffused with Ag and Cu. Similar
to the macroscopic interfacial structure of Cu/TiN liquid-phase sintered ceramics, that of
Cu/WC-Co cemented carbides can also be divided into three types of interfaces. The first
is the Ag—Cu alloy layer/WC brazing interface (Interface I), which was formed by the
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Fig. 3.14 (a) Cross-sectional SE image of a Cu/WC—Co cemented carbide brazed at 850 °C
for 0.5 h with elemental distributions of (b) Ag, (¢) Cu, (d) Co, () W, and (f) C [1], © 2022
by Elsevier B.V., reproduced with license.

interfacial reaction between the Ag—Cu liquid phase and WC grains. The second is the
substituted Ag—Cu phase/WC interface (Interface II), in which the grain boundary phase
of the WC—Co cemented carbide was substituted by the Ag—Cu brazing filler component.
The third is the interface between the WC grains and Co without substitution by the Cu-
rich and Ag-rich phases in the WC—Co cemented carbide (Interface I1I).

An HAADF image and elemental distributions of Interface I after brazing at 850 °C
for 0.5 h are shown in Figs. 3.15 and 3.16 for the Cu-rich phase/WC grain interface and
the Ag-rich phase/WC grain interface, respectively. The highest signal in the Co map was
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uniformly located at Interface I between the Cu-rich phase and a WC grain (Fig. 3.15(f)).
By comparison, a Cu signal was detected at Interface I between the Ag-rich phase and a
WC grain in addition to the Co signal (Fig. 3.16(c) and (d)). Line EDS profiles of Interface
I after brazing at 850 °C for 0.5 h are shown in Figs. 3.15(g) and 3.16(g), where the line
EDS profiles correspond to the yellow dashed arrows in Figs. 3.15(a) and 3.16(a),
respectively. Fig. 3.16(g) shows that the peak position of the Cu signal was shifted toward
the Ag-rich phase relative to the peak position of the Co signal, but it is not clear from
Fig. 3.15(g) whether a Cu peak signal was present because of the strong Cu signal from
the Cu-rich phase. The difference in peak width of Co signal between the Cu-rich
phase/WC grain interface and the Ag-rich phase/WC grain interface may be due to the
curvature of WC grains in the thickness direction of the Cu/WC thin sections for STEM

analysis as in the Cu/TiN thin sections. There was no Co on the WC grain surface of the
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Fig. 3.15 (a) HAADF image of a Cu-rich phase/WC grain interface after brazing at 850 °C
for 0.5 h with elemental distributions of (b) Ag, (¢) Cu, (d) Co, (¢) W, and (f) C. (g) Line EDS
profile is acquired along the yellow arrow shown in (a) [1], © 2022 by Elsevier B.V.,
reproduced with license.
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Fig. 3.16 (a) HAADF image of a Ag-rich phase/WC grain interface after brazing at 850 °C
for 0.5 h with elemental distributions of (b) Ag, (¢) Cu, (d) Co, (¢) W, and (f) C. (g) Line EDS
profile is acquired along the yellow arrow shown in (a) [1], © 2022 by Elsevier B.V.,
reproduced with license.

WC—Co cemented carbide before brazing (#4 in Fig. 3.3(c)). These results suggest that
the Co-containing segregation layer was formed by the interfacial reaction between the
WC grains and the Ag—Cu liquid phase, which contained Co derived from the grain
boundary phase of the WC—Co cemented carbide. Thus, neither the Cu-rich phase nor Ag-
rich phase was not directly bonded to the WC grain.

An HAADF image and elemental distributions of Interface II after brazing at 850 °C
for 0.5 h are shown in Figs. 3.17 and 3.18 for the substituted Cu-rich phase/WC grain
interface and the substituted Ag-rich phase/WC grain interface, respectively. The highest
signal in the Co map is located uniformly between the Cu-rich and Ag-rich phases and
the WC grain at Interface II, similar to Interface I (Figs. 3.15 and 3.16), as shown in Figs.

3.17(d) and 3.18(d). In addition, a Cu signal was detected at Interface II between the

substituted Ag-rich phase and a WC grain in addition to the Co signal (Fig. 3.18(c) and
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Fig. 3.17 (a) HAADF image of a substituted Cu-rich phase/WC grain interface after brazing
at 850 °C for 0.5 h with elemental distributions of (b) Ag, (¢) Cu, (d) Co, (¢) W, and (f) C. (g)
Line EDS profile is acquired along the yellow arrow shown in (a).
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Fig. 3.18 (a) HAADF image of a substituted Ag-rich phase/WC grain interface after brazing
at 850 °C for 0.5 h with elemental distributions of (b) Ag, (¢) Cu, (d) Co, (¢) W, and (f) C. (g)
Line EDS profile is acquired along the yellow arrow shown in (a).



(d)). The line EDS profiles of Interface Il are shown in Figs. 3.17(g) and 3.18(g),
corresponding to the yellow dashed arrows in Figs. 3.17(a) and 3.18(a), respectively. In
addition, the Cu peak position was shifted toward the Ag-rich phase compared with the
Co peak position coinciding with the Ag-rich phase/WC grain interface. The difference
in peak width of Co signal between the Cu-rich phase/WC grain interface and the Ag-rich
phase/WC grain interface may be due to the curvature of WC grains in the thickness
direction of the Cu/WC thin sections for STEM analysis as in Interface 1. Most
importantly, these features of Interface II formed by interdiffusion between the grain
boundary phase and the Ag—Cu liquid phase are in perfect agreement with those of
Interface [ formed by the interfacial reaction during brazing. The (a) ABF and (b) HAADF
images of the substituted Cu-rich phase/WC grain interface and the substituted Ag-rich
phase/WC grain interface are shown in Figs. 3.19 and 3.21, respectively. These were

observed along the WC [1010] direction. In Figs. 3.19(a) and 3.21(a), most local dark
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Fig. 3.19 (a) ABF and (b) HAADF images of the substituted Cu-rich phase/WC grain
interface after brazing at 850 °C for 0.5 h.
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Fig. 3.20 (a) Detailed HAADF image of the substituted Cu-rich phase/WC grain interface
with elemental distributions of (b) Cu, (¢) Ag, (d) Co, (¢) W, and (f) C.
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Fig. 3.21 (a) ABF and (b) HAADF images of the substituted Ag-rich phase/WC grain
interface after brazing at 850 °C for 0.5 h.

contrast corresponds to the W column of hexagonal WC. Ag columns corresponding to
the Ag-rich phase observed along the Ag [110] direction are observed in Fig. 3.21, while
no Cu columns corresponding to the Cu-rich phase are observed in Fig. 3.19. These results
suggest that the Cu-containing segregation layer observed at the Ag—Cu alloy layer/WC
grain interface did not have a specific structure, which is consistent with the Cu-

containing segregation layer observed at the Ag—Cu alloy layer/TiN grain interface. In
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0.5 nm

Fig. 3.22 (a) Detailed HAADF image of the substituted Ag-rich phase/WC grain interface
with elemental distributions of (b) Cu, (c¢) Ag, (d) Co, (¢) W, and (f) C.

addition, comparison of Figs. 3.19, 3.20, 3.21, and 3.22 suggests that the Co-containing
segregation layer formed at the Ag—Cu alloy layer/WC grain interface was tetragonal WC
formed on the surface of hexagonal WC [11]. Furthermore, Figs. 3.19 and 3.21 show that
the orientation relationship between tetragonal WC and hexagonal WC is [110]
tetragonal WC//[1010] hexagonal WC, with (111) tetragonal WC//(0001) hexagonal
WC. This means that the outermost surface of the hexagonal WC grains was modified to

tetragonal W Co1.xC [11].

3.4 General bonding interfacial structure between Cu and ceramic via
Ag—Cu brazing

In Section 3.3.2, it was demonstrated that the Cu-rich phase/Fe- and Ni-containing
segregation layer/TiN grain interfacial structure and the Ag-rich phase/Fe- and Ni-
containing segregation layer/TiN grain interfacial structure were formed at the Ag—Cu
brazed Cu/TiN-Fe—-Ni—C—Mo,C liquid-phase sintered ceramic interface. The Fe- and Ni-
containing segregation layer was suggested to be Ti.FeixN, in which the outermost
surface of TiN grains was modified by the interfacial reaction between Fe and Ni, and

TiN grains. In Section 3.3.3, it was demonstrated that the Cu-rich phase/Co-containing
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segregation layer/WC grain interfacial structure and the Ag-rich phase/Co-containing
segregation layer/WC grain interfacial structure were formed at the Ag—Cu brazed
Cu/WC—Co cemented carbide interface. The Co-containing segregation layer was
suggested to be W,Co1.xC, in which the outermost surface of the WC grain was modified
by the interfacial reaction between Co and WC grains. These results suggest that the
interfacial structure formed by Ag—Cu brazing between Cu and ceramic was commonly a
Cu-containing segregation layer/modified layer on the ceramic surface/ceramic. Thus,
during the bonding process, the formation of the Cu/ceramic bonding interfacial structure
required chemical reactions on the ceramic surface, which do not necessarily require Ag.
In addition, the general bonding interfacial structure demonstrated in this chapter
appeared to be consistent with a bonding interfacial structure consisting of an Al-
containing segregation layer as described in Section 2.3.1. Thus, the Al-containing
segregation layer at the Ag—Cu alloy layer/TiN grain interface formed by the AMB
method was Ti,AlixN [12, 13], in which the outermost surface of the TiN grains was

modified by the interfacial reaction with Al when AIN was used as the starting material.

3.5 Conclusions

In this chapter, Cu was bonded onto TiN solid/liquid-phase sintered ceramics using
Ag—Cu brazing, and the effects of TiN grain formation and metal components of the grain
boundary phase on the formation of Ag—Cu alloy layer/TiN grain interface were
investigated. In addition, the general structure of the Cu/ceramic bonding interface was
discussed based on a comparison of the Ag—Cu alloy layer/TiN grain interfacial structure
and the Ag—Cu alloy layer/WC grain interfacial structure obtained by bonding Cu onto

WC-Co cemented carbide using Ag—Cu brazing. These interfacial structures were
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summarized in Fig. 3.23. The main conclusions were as follows:

1. Ag—Cu brazing does not produce a bonding interfacial structure between Cu and TiN
solid-phase sintered ceramic without a metal grain boundary phase

2. Ag—Cu brazing of Cu onto a TiN-Fe—Ni—C-Mo>C liquid-phase sintered ceramic with
an Fe-based grain boundary phase produced an interfacial structure of Cu(Ag)-rich
phase/Cu-containing segregation layer/Fe- and Ni-containing segregation layer/TiN
grain.

3. The Fe- and Ni-containing segregation layer was TiFei..N, in which the outermost

Ag-Cu

No adhesion

Ag, Cu

Fig.3.23 Cu/ceramic interfacial structures discussed in this chapter.
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surface of TiN grains was modified by interfacial reaction with Fe and Ni.

4. Ag—Cu brazing of Cu onto WC—Co cemented carbide produced a Cu(Ag)-rich
phase/Cu-containing segregation layer/Co-containing segregation layer/WC grain
interfacial structure.

5. The Co-containing segregation layer was tetragonal W,Co1.xC, in which the outermost
surface of WC grains was modified by interfacial reaction with Co.

6. The general Cu/ceramic bonding interfacial structure by Ag—Cu brazing was found to
be a Cu-containing segregation layer/modified layer on the ceramic surface/ceramic

structure, in which Ag was not an essential component.
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Chapter 4: Effects of interfacial structure on peel strength
between Cu and AIN bonded with a Mg-Ti-based co-deposited

film

4.1 Introduction

Chapters 2 and 3 demonstrated that Ag is not essential in bonding between Cu and TiN
and that the surface of TiN particles must be modified by interfacial reactions with Al or
Fe.

In this chapter, in order to clarify a Cu/AIN bonding interfacial structure using Ag-free
bonding materials that can completely eliminate Ag-ECM, the structure of the Cu/AIN
interface bonded using Mg-Ti [1] and Mg-Ti—Fe co-deposited films was investigated.
The melting point of Mg (650 °C) and the Cu-rich Cu—Mg eutectic temperature (726 °C)
are roughly equivalent to the melting range of Ag—Cu based active brazing alloys [2]. In
addition, Mg hardly forms a solid solution with Ti, and these two metals do not form
intermediate phases with each other [3]. Therefore, the Cu—Mg—Ti system is not expected
to inhibit the interfacial reaction between Ti and AIN. Furthermore, the relationship
between the peel strength of the Cu/AIN bonding interface by surface and interfacial
cutting analysis system (SAICAS) test and the structure of the Cu/AIN bonding interface
was considered [1]. Assuming that a Cu/AIN bonding interface equivalent to the Cu/AIN
bonding interface in the Ag—Cu—Ti system is formed in the Cu—Mg-Ti system, the
intentional addition of Fe is expected to replace the modified layer formed on the TiN
particle surface from TiAli.xN to TixFeixN. Therefore, the effects of Fe addition on the

Cu/AIN interfacial structure and its peel strength were also investigated.
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4.2 Experimental procedure

4.2.1 Materials and sample fabrication

OFC (37 mm % 37 mm x 0.3 mm) with six different Mg—Ti-based co-deposited films
on one side of a Cu plate was used as a source of Mg and Ti to fabricate a Cu—Mg-Ti
ternary system by transient liquid phase (TLP) bonding [4—6]. The AMB method, in
which TLP bonding is applied between a Cu plate and an AIN substrate via Ag—Ti-based
paste, has been reported to be effective in the formation reaction of the Cu—Ag liquid
phase and the TiN layer at the Cu/AIN interface as well as in the use of Cu—Ag-Ti-based
alloys [7, 8]. This bonding method between metal and ceramic is called active TLP
bonding [5]. The composition of each Mg-Ti-based co-deposited film and the amounts
of Mg, Ti, and Fe are shown in Table 4.1. For the Mg—11.5 wt% Ti, Mg—17.8 wt% Ti, and
Mg-30.2 wt% Ti co-deposited films, the amount of Mg (wy;g) was commonly about 1.04
mg/cm? while the amount of Ti (wr;) was about 0.14, 0.23, and 0.45 mg/cm?, respectively.
For the Mg—15.0 wt% Ti—15.7 wt% Fe, Mg—13.5 wt% Ti-23.7 wt% Fe, and Mg—11.0
wt% Ti-38.3 wt% Fe co-deposited films, wyg and wy; were commonly about 1.04
mg/cm? and 0.23 mg/cm?, while the amount of Fe (wg,) was about 0.24, 0.39, and 0.79
mg/cm?, respectively. Both wypg and wry correspond to the amounts of Ag and Ti that
can form a good Cu/AIN interface using Ag-Ti paste [7, 8]. wg. = 0.24 mg/cm?
corresponds to the amount of Fe dissolved from the TiN liquid-phase sintered ceramic
into the molten Ag—Cu phase based on the composition ratio of the grain boundary phase
in the TiN liquid-phase sintered ceramic presented in Chapter 3, while wge = 0.39

mg/cm? is based on the assumption that the TiN grain boundary phase is entirely
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Table 4.1 Amounts of Mg, Ti, and Fe in Mg-Ti-based co-deposited films.

Element amount [mg/cm?]

Mg-Ti-based co-deposited film

Wag Wi Wee
Mg-11.5 wt% Ti 1.04 0.14 0.00
Mg-17.8 wt% Ti 1.04 0.23 0.00
Mg-30.2 wt% Ti 1.04 0.45 0.00
Mg-15.0 wt% Ti-15.7 wt% Fe 1.04 0.23 0.24
Mg-13.5 wt% Ti-23.7 wt% Fe 1.04 0.23 0.39
Mg-11.0 wt% Ti-38.3 wt% Fe 1.04 0.23 0.79

composed of Fe and wg, = 0.79 mg/cm? on the assumption that excess Fe dissolves into
the molten Ag—Cu phase [9]. Commercially available sintered AIN (50 mm % 50 mm X 1
mm) was used as the AIN substrate, which contained Y»0Os3, a sintering additive, as a
second phase. The Cu plate was stacked so that the Mg—Ti-based co-deposited film faced
the AIN substrate. The stacked specimens were vacuum heated between 800 °C and
950 °C for 0.5 h under a constant pressure of 1 MPa, with heating and cooling rates of

10 °C/min.

4.2.2 Characterization

Cross-sections of the Cu/AIN bonded specimens were observed by SEM. The bonded
specimens were mounted in acrylic polymer at room temperature and polished using
standard metallographic techniques, followed by a final polishing using an argon-based
ion beam polisher (ArBlade 5000, Hitachi High-Tech) to obtain a smooth surface for
observation. The microstructures of all cross-sectional specimens were evaluated using a

GeminiSEM 500 system (Carl Zeiss AG), which was operated at 1.8 kV. In addition, the
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microstructures of the AIN surface and the cross-sectional Cu/AIN interface after the
SAICAS test, as described in Section 4.2.3, were analyzed using an electron probe micro
analyzer (EPMA) and SEM, respectively. SEM observations and elemental analysis of
the AIN surface were performed using a JXA—8530F system (JEOL) operated at 15 kV.
Cross-sections of Cu/AIN bonded specimens, which were fabricated as described the
previous section, were analyzed using a GeminiSEM 500 system operated at 1.8 kV. In
addition, the microstructural details of the Cu/AIN interface were evaluated using STEM.
Thin Cu/AIN sections for STEM observations were prepared using a focus ion beam
system (Scios, Thermo Fisher Scientific) with thickness between 30 and 100 nm. A Titan
G2 ChemiSTEM system (Thermo Fisher Scientific) with an EDS system (NSS7, Thermo
Fisher Scientific) operating at 200 kV was used to evaluate the elemental distributions of

the thin sections.

4.2.3 SAICAS test

The peel strength of the Cu/AIN interface was evaluated using the SAICAS [10]. End
milling (10-mm diameter) was performed to reduce the Cu plate thickness of the Cu/AIN
bonded specimens from 0.3 mm to 0.03 mm. Using the SAICAS (EN, DAIPLA WINTES)
shown in Fig. 4.1, the reduced Cu plates were cut using a diamond cutting blade with a
rake angle of 20°, a clearance angle of 10°, and a blade width (w) of 0.3 mm at a vertical
speed of 0.1 um/s and a horizontal speed of 2 pm/s. Two-axis motion of the diamond
cutting blade was used in the early stage of cutting, and the motion was then controlled
to single-axis motion after reaching the Cu/AIN interface. The peel strength (P) at the

Cu/AIN interface by the SAICAS test was determined using Equation (4.1):
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Fig. 4.1 Schematic diagram of the SAICAS system [1], © 2023 by authors, reproduced with
license.

p="Tu/, 4.1)

Here, Fy is the average horizontal force acting on the diamond cutting blade during
single-axis motion, which is calculated using data obtained during the time period 350—

500 s.

4.3 Results and discussion

4.3.1 Development of Cu/AIN interfacial structure for various Ti

amounts and bonding temperatures

A relatively low-magnification cross-sectional SE image of the interface between Cu
and AIN bonded at 800 °C for 0.5 h with wyz = 1.04 mg/cm® and wy; = 0.14 mg/cm®
is shown in Fig. 4.2. It can be seen that Cu and AIN form a good bonding interface without

microscale gaps and voids through the TiN layer. In addition, Cu—Mg IMCs such as
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Fig. 4.2 Cross-sectional SE image of the Cu/AlIN interface bonded at 800 °C for 0.5 h with
wumg = 1.04 mg/cm? and wri = 0.14 mg/cm? [1], © 2023 by authors, reproduced with license.
CuxMg (cubic, Fd3m, a = 7.034 A) and CuMg (orthorhombic, Fddd, a = 5275 A, b =
9.044 A, ¢ = 18.328 A) did not form near the Cu/AIN interface [2, 11]. Thus, the
interfacial reaction between the molten Cu—Mg—Ti phase and AIN proceeded sufficiently,
and the isothermal solidification was completed by the diffusion of Mg into the Cu plate,
indicating that active TLP bonding using the Cu—Mg—Ti ternary system was as beneficial
for bonding between Cu and AIN as conventional methods using the Cu—Ag—Ti system,
such as brazing and active TLP bonding.

A collection of cross-sectional EsB images of the Cu/AIN interface bonded for 0.5 h
between 800 °C and 950 °C is shown in Fig. 4.3. The values of wy; in each Mg-Ti co-
deposited film were 0.14 mg/cm?, 0.23 mg/cm?, and 0.45 mg/cm? for Fig. 4.3(al—4), (b1—
4), and (c1-4), respectively. For all bonding temperatures (Tg) and wr;, TiN layers
consisting of two phases with different brightness were formed at the Cu/AIN interface.

In the TiN layer, the dark gray phase corresponds to TiN (cubic, Fm3m, a =4.239 A)[12],
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Fig. 4.3 Collection of cross-sectional EsB images of the Cu/AIN interface bonded for 0.5 h
between 800 °C and 950 °C with wy, = 1.04 mg/cm? and wr; = (al-4) 0.14 mg/cm?, (b1-4)
0.23 mg/cm?, and (c1-4) 0.45 mg/cm? [1], © 2023 by authors, reproduced with license.

while the brightness of the light gray phase coincides well with that of the Cu plate. This
suggests that the TiN layer formed by the interfacial reaction between the molten Cu—
Mg-Ti phase and AIN had a composite structure consisting of TiN particles and a Cu-
containing grain boundary phase. The Ty dependence of the TiN layer thickness (ttiy)
at the Cu/AIN interface bonded for 0.5 h between 800 °C and 950 °C is shown in Fig. 4.4.

The dotted lines correspond to the triy per unit area estimated from each amount of Ti
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using Equation (4.3) for the single-substitution reaction shown in Equation (4.2):

Ti + AIN — TiN + Al (4.2)

Mr; Wi
trin: = Vrin N = Vo i = TIN/dTiN' U My, (4.3)

Here, Vrin, M1ins MTi> MTin, MTi, and dpjy are the molar volume of TiN, the molar
amounts of TiN and Ti, the molar masses of TiN and Ti, and the density of TiN,
respectively. The amounts of TiN and Ti that are produced and consumed are equal
according to Equation (4.2). These parameters are as follows: Mty = 61.8737 g/mol,
Mp; = 47.867 g/mol, and drjy = 5.22 g/cm’. It can be seen that tr;y increases with

increasing Tg and wry. In addition, tpjy obtained from SEM observations was greater
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Fig. 4.4 TiN layer thickness at the Cu/AIN interface versus bonding temperature. The dotted
lines correspond to the TiN layer thickness estimated from the amount of Ti [1], © 2023 by
authors, reproduced with license.
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Fig. 4.5 Cu occupancy in TiN layer at the Cu/AIN interface versus bonding temperature [1],
© 2023 by authors, reproduced with license.

than that estimated using Equation (4.3) when Ty was higher than about 850 °C. This
suggests that the increase in the occupancy of Cu in the TiN layer with increasing Ty
shown in Fig. 4.5 increased the apparent thickness of the TiN layer grown by the
interfacial reaction between the molten Cu—Mg-Ti phase and AIN. This means that
increasing Ty strongly induced mixing of TiN particles with the molten Cu—Mg-Ti

phase.

4.3.2 Peel strength of Cu/AlN interface by the SAICS test

The wq; dependence of peel strength (P) at the Cu/AIN interface is shown in Fig. 4.6.
The dotted lines correspond to the average P at each Tg. No Cu/AIN bonded specimens
fractured in the Cu plate in this study. P was approximately constant for each Ty, with no
dependence on wr;. In addition, P increased threefold with increasing Ty from about 5

N/mm at Tg = 800 °C to about 15 N/mm at Tg =950 °C. Fig. 4.7 clearly shows that P
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Fig. 4.7 Peel strength at the Cu/AIN interface as a function of bonding temperature [1], ©
2023 by authors, reproduced with license.

99



increased exponentially with Tg between 800 °C and 950 °C. When compared with the
Tg dependence of trjy shown in Fig. 4.4, this suggests that the effect of trjy on P was
relatively small, meaning that this behavior of P was dominated by Tg when the
interfacial reaction between the molten Cu—Mg-Ti phase and AIN could form a TiN layer
between Cu and AIN to achieve a good Cu/AlN interface.

Surface optical images of Cu/AIN bonded specimens prepared at 800 °C and 950 °C
for 0.5 h with wp; = 0.45 mg/cm? according to SAICAS tests are shown in Figs. 4.8 and
4.9, respectively. The cutting direction is from left to right. Surface backscattered electron
(BSE) images with elemental distributions of the Cu/AIN bonded specimens shown in
Figs. 4.8(b)—(g) and 4.9(b)—(g) were obtained from the yellow dotted area in Figs. 4.8(a)

and 4.9(a), respectively. The cross-sectional EsB images of the Cu/AIN interface shown

TiN layer

Fig. 4.8 (a) Optical image of a specimen bonded at 800 °C for 0.5 h after the SAICAS test.
wwmg and wri were 1.04 mg/cm? and 0.45 mg/cm?, respectively. (b) BSE image with elemental
distributions: (¢) Cu, (d) Mg, (e) Ti, (f) Al, and (g) N obtained from the yellow dotted area
in (a). (h) Cross-sectional EsB image at a Cu/AIN interface obtained along the yellow dotted
line in (b) [1], © 2023 by authors, reproduced with license.
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Fig. 4.9 (a) Optical image of a specimen bonded at 950 °C for 0.5 h after the SAICAS test.
wwmg and wri were 1.04 mg/cm? and 0.45 mg/cm?, respectively. (b) BSE image with elemental
distributions: (¢) Cu, (d) Mg, (e) Ti, (f) Al, and (g) N obtained from the yellow dotted area
in (a). (h) Cross-sectional EsB image at a Cu/AIN interface obtained along the yellow dotted
line in (b) [1], © 2023 by authors, reproduced with license.

in Figs. 4.8(h) and 4.9(h) were obtained from the yellow dotted lines in Figs. 4.8(b) and
4.9(b), respectively. In Fig. 4.8(a), it can be seen that the cutting surface of the Cu/AIN
bonded specimen, where the Cu plate was peeled off after the SAICAS test, consists of
light gray areas and black areas. The appearance of these light gray areas, which were
small on the cutting surface, is consistent with that of the original AIN substrate. This
suggests that fractures partially occurred within the AIN substrate during the SAICAS
test. However, comparison between Fig. 4.8(a) and Fig. 4.8(c)—(g) reveals that the large
black areas on the cutting surface are not TiN, but rather AIN. In addition, Fig. 4.8(h)
shows that although the TiN layer partially remains on the cutting surface, mainly AIN is
exposed. Surface and cross-sectional observations of Cu/AIN bonded specimens after the

SAICAS test suggest that the main fracture mode of the Cu/AIN interface in the SAICAS
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test was TiN/AIN interfacial fracture. By comparing Fig. 4.9(a) and Fig. 4.9(b)—(g), it can
be seen that the cutting surface after the SAICAS test of the Cu/AIN bonded specimen
fabricated at Ty = 950 °C was dominated by the black area corresponding to AIN. In
addition, the cross-sectional EsB image of the Cu/AIN interface shown in Fig. 4.9(h)
reveals that fracture occurred at the TiN layer/AIN interface regardless of the increase in
trin With increasing Tg. Most importantly, taken together with the EPMA and SEM
observations, the characteristics of the Cu/AIN interfacial fracture mode in the Cu/AIN
bonded specimen fabricated at Tz = 800 °C, which was classified in the lowest Cu/AIN
interfacial peel strength group shown in Fig. 4.8, were completely consistent with those
in the highest Cu/AIN interfacial peel strength group fabricated at Tz =950 °C, as shown
in Fig. 4.9. This suggests that the threefold difference in peel strength at the Cu/AIN
interface between Tg = 800 °C and Tg = 950 °C corresponded to a difference in bond
strength at the TiN layer/AIN interface, meaning that the bond strength of the TiN
layer/AIN interface, which consisted of a TiN particle/AIN interface and a Cu grain
boundary phase/AIN interface, was lower than that of the Cu plate/TiN layer interface
and the Cu grain boundary phase/TiN particle interface, which consists of a Cu phase/TiN
particle interface.

Cross-sectional HAADF images of the TiN layer/AIN interface bonded at Ty =800 °C
for 0.5 h with wy; = 0.14 mg/cm? are shown in Fig. 4.10(a)—(c). The line EDS profiles
of the TiN layer/AIN interface shown in Fig. 4.10(d) and (e) were obtained from the
yellow dotted arrows shown in Fig. 4.10(b) and (c), respectively. The regions of bright
contrast observed in the TiN layer correspond to signals from the Cu-containing grain
boundary phases. It can be seen that the TiN layer/AIN interface consisted of two different

interfaces: one where TiN particles and AIN were bonded via the Cu-containing grain
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Fig. 4.10 (a—c) Cross-sectional HAADF images of a TiN layer/AIN interface bonded at 800 °C
for 0.5 h. wyg and wr; were 1.04 mg/cm? and 0.45 mg/cm?, respectively. Line EDS profiles of
(d) TiN/AIN indirect interface and € TiN/AIN direct interface. The line EDS profiles in (d)
and (e) were obtained along the yellow dotted arrows in (b) and (c), respectively [1], © 2023
by authors, reproduced with license.
boundary phase (Fig. 4.10(b)), and another where TiN particles and AIN were directly
bonded (Fig. 4.10(c)). In Fig. 4.10(d), the Mg signal has peaks at both the Cu-containing
grain boundary phase/AIN interface and the TiN particle/Cu-containing grain boundary
phase interface. The Mg concentrations at these peak positions were 9.1 at% and 8.9 at%,
respectively. In addition, Fig. 4.10(e) shows that the Mg signal at the TiN particle/AIN
interface also has a peak where the Mg concentration was 4.4 at%. Furthermore, the Al
concentration in the TiN particles in direct contact with AIN was higher than that in the
TiN particles in contact with AIN via the Cu-containing grain boundary phase. The Al-
rich TiN grains are expected to be composed of a metastable phase, Tii-xAl:N, with a rock-
salt structure [13, 14].

Cross-sectional HAADF images of the TiN layer/AIN interface bonded at Tz =950 °C

for 0.5 h with wr; = 0.45 mg/cm? are shown in Fig. 4.11(a)—(c). The line EDS profiles of

the TiN layer/AIN interface shown in Fig. 4.11(d) and (e) were obtained from the yellow
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Fig. 4.11 (a—c) Cross-sectional HAADF images of a TiN layer/AIN interface bonded at 950 °C
for 0.5 h. wyg and wr; were 1.04 mg/cm? and 0.45 mg/cm?, respectively. Line EDS profiles of
(d) TiN/AIN indirect interface and (e) TiN/AIN direct interface. The line EDS profiles in (d)
and (e) were obtained along the yellow dotted arrows in (b) and (c), respectively [1], © 2023
by authors, reproduced with license.

dotted arrows shown in Fig. 4.11(b) and (c), respectively. In Fig. 4.10(d), the signal peak
positions of Mg and O match well at the Cu-containing grain boundary phase/AIN
interface. The concentrations of Mg and O were 7.8 at% and 7.1 at%, respectively, giving
a ratio of approximately 1:1. As reported by Takakuwa et al. [15], MgO (cubic, Fm3m, a
=4.212 A) [16] is formed at the Cu/AIN interface by the interfacial reaction between the
molten Cu—Mg binary liquid phase and polycrystalline AIN. In addition, Kumamoto et al.
[17] reported that the MgO phase is formed at the AI/AIN interface by the interfacial
reaction between the molten Al-Mg-based liquid phase and single-crystal AIN. This
suggests that the formation of the MgO phase at the interface between the Mg-containing
liquid phase and AIN by the interfacial reaction contributed to stabilizing the interfacial
structure in the presence of O derived from the surface oxide films of bonding materials

such as Cu, Al, Mg, and AIN. This means that the MgO phase can develop by the

modification of the amorphous Al-O phase present on the AIN surface, as discussed in
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Section 1.2.1. Furthermore, Fig. 4.11(d) shows a plateau in the Al signal at the Mg signal
peak position of the TiN particle/Cu-containing grain boundary phase interface. This
suggests that the outermost surface of the TiN particle was modified by TiicALN [13, 14]
and/or Ti..MgN [18, 19] at the TiN particle/Cu-containing grain boundary phase
interface. More interestingly, Fig. 4.11(e) shows that the Al signal plateau in Fig. 4.11 (d)
was located at the Al-rich TiN particle/AIN interface, where both Cu and Mg signals were
enhanced. This suggests that the outermost surface of the TiN particle was modified by
Ti1xALN [13, 14] and/or Ti;..MgN [18, 19], even at the Cu-containing segregation
phase/TiN particle interface. However, the O signal peak derived from the MgO phase
was not clearly seen at the interface between the Cu-containing segregation phase and
AIN. Since the concentration of Mg was at most 2.2 at%, which is less than the
background concentration of O (4.0 at%), it is reasonable that no O signal peak was
observed, even if a MgO phase actually formed.

Taken together with the interfacial structure analysis and the peel strength evaluation
by the SAICAS test of these Cu/AIN bonded specimens, these results suggest that the
bonding strength of the interface between the Cu plate and AIN substrate bonded through
the Mg—Ti co-deposited film was dominated by that between AIN and Cu phases, such as
the Cu-containing grain boundary phase and the Cu-containing segregation phase, since
no fracture occurred at the interface between Cu phases and TiN particles surface-
modified by TixMgi.N. In addition, the development of MgO with increasing bonding
temperature suggests an increase in bonding strength between AIN and Cu phases. These
imply that sufficient formation of MgO formation at the Cu phase/AIN interface is
important for achieving high-strength Cu/AIN bonding using Ag-free Cu—Mg—Ti bonding

materials.
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4.3.3 Effect of Fe addition on the Cu/AlIN interfacial structure

The Ty dependence of tpjy at the Cu/AIN interface bonded for 0.5 h between 800 °C
and 950 °C with four different wge is shown in Fig. 4.12(a). Here, wyg and wr; were
commonly 1.04 mg/cm? and 0.23 mg/cm?, respectively. Here, triy increased with
increasing Tg, while the growth of tr;y Wwas suppressed with increasing Wg,. The cross-
sectional EsB images of the Cu/AIN interface bonded at 950 °C for 0.5 h with wge =
0.00 mg/cm? and wg, = 0.79 mg/cm? are shown in Fig. 4.12(b) and (c), respectively. It
can be seen that TiN layers with bright spots derived from the Cu-containing grain
boundary phase were uniformly formed at both of the Cu/AIN interfaces. In addition, Fig.
4.12(c) shows that TiFe, (hexagonal, P6s/mmc, a = 4.794 A, c = 7.834 A) [20, 21] was
formed by the addition of Fe to the Mg—Ti co-deposited film. The decrease in ttjy with
increasing wge suggests that the formation of TiFe» suppressed the TiN formation

reaction. Thus, the TiN formation reaction competes with the TiFe, formation reaction.

(@) 1,200 (b)
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Fig. 4.12 (a) TiN layer thickness at the Cu/AIN interface versus bonding temperature. Cross-
sectional EsB images of the Cu/AIN interface bonded at 950 °C for 0.5 h with wy, = 1.04
mg/cm?, wri = 0.23 mg/cm?, and wr. = (b) 0.00 mg/cm?, and (c) 0.79 mg/cm?.
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4.3.4 Effect of Fe addition on peel strength of Cu/AIN interface

The Ty dependence of P at the Cu/AlIN interface is shown in Fig. 4.13. The Cu/AIN
bonded specimens did not fracture in the Cu plate even when Fe was added to the Mg—Ti
co-deposited film. This suggests that there was no Cu/AIN bonding interfacial fracture
caused by TiFe,. It can be seen that P was roughly constant between wg, = 0.24 mg/cm?
and wge = 0.79 mg/cm? for each Tg. In addition, P was about 10 N/mm for T below
850 °C, where the Tg dependence was very small, whereas P increased for Ty above
900 °C, ultimately reaching about 13 N/mm at Tg = 950 °C. From the comparison with
Wge = 0.00 mg/cm?, it can be seen that the effect of P enhancement by Fe addition
decreased with increasing Ty and disappeared for Tg above 900 °C. Comparison with
the Tg dependence of triy shown in Fig. 4.12 suggests that the effect of t;y on P was

very small. Surface optical images of Cu/AIN bonded specimens prepared at 800 °C and
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Fig. 4.13 Peel strength at the Cu/AIN interface as a function of bonding temperature.
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950 °C for 0.5 h with wg, = 0.79 mg/cm? according to the SAICAS test are shown in
Figs. 4.14(a) and 4.15(a), respectively. The cutting direction was from left to right. The
SE and BSE images of the surface shown in Figs. 4.14(b)—(i) and 4.15(b)—(1), with
elemental distributions of the Cu/AIN bonded specimens were obtained from the yellow
dotted areas in Figs. 4.14(a) and 4.15(a), respectively. In Figs. 4.14(a) and 4.15(a), the
cutting surface of the Cu/AIN bonded specimens, where the Cu plate was peeled off after
the SAICAS test, is black, although there are some light gray areas that partially match
the appearance of the original AIN substrate. By comparing Figs. 4.14(d)—(i) and 4.15(d)—
(1), it can be seen that the black areas are composed of AIN as described in Section 4.3.2.
This suggests that the fracture mode of the Cu/AIN interface by the SAICAS test

remained fracture of the TiN layer/AIN interface even when Fe was added.

Fig. 4.14 (a) Optical image of a specimen bonded at 800 °C for 0.5 h after the SAICAS test.
Wwwmg, Wi, and wr. were 1.04 mg/cm?, 0.23 mg/cm?, and 0.79 mg/cm?, respectively. (b) SE and
(¢) BSE images with elemental distributions: (d) Cu, (e) Mg, (f) Ti, (g) Fe, (h) Al, and (i) N
obtained from the yellow dotted area in (a).
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Fig. 4.15 (a) Optical image of a specimen bonded at 950 °C for 0.5 h after the SAICAS test.
Wwmg, Wri, and wre were 1.04 mg/cm?, 0.23 mg/cm?, and 0.79 mg/cm?, respectively. (b) SE and
(¢) BSE images with elemental distributions: (d) Cu, (e) Mg, (f) Ti, (g) Fe, (h) Al, and (i) N
obtained from the yellow dotted area in (a).

Cross-sectional HAADF images of the TiN layer bonded at Tg = 800 °C for 0.5 h with
Wge = 0.79 mg/cm? are shown in Fig. 4.16(a) and (b). The line EDS profiles of the Cu-
containing grain boundary phase/TiN particle interface shown in Fig. 4.16(c) was
obtained from the yellow dotted arrows shown in Fig. 4.16(b). In Fig. 4.16(c), the Fe
signal has a peak at the Cu-containing grain boundary phase/TiN particle interface,
suggesting that the outermost surface of TiN particles was modified to Ti.Fei..N [22] by
interfacial reactions with Fe dissolved in the molten Cu—Mg-Ti phase. This is consistent
with the Cu-rich phase/TiN grain interfacial structure at the Ag—Cu brazed Cu/TiN—Fe—
Ni—C—Mo:C liquid-phase sintered ceramic interface described in Section 3.3.2. In
addition, comparison of Figs. 2.9, 4.11, and 4.12 reveals that the contribution of Fe to the
surface modification of TiN particles was higher than the contributions of Al and Mg.

Cross-sectional HAADF images of the TiN layer/AIN interface bonded at Ty =800 °C
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and Tg = 950 °C for 0.5 h with wg, = 0.79 mg/cm? are shown in Fig. 4.17(a) and (b)
and Fig. 4.18(a) and (b), respectively. The line EDS profiles of the TiN/AIN interface
shown in Figs. 4.17(c) and 4.18(c) were obtained from the yellow dotted arrows shown
in Figs. 4.17(b) and 4.18(b), respectively. In Fig. 4.17(c), the TiN/AIN interface formed
at Tg = 800 °C has a sharp Mg signal peak and broad Fe signal peak, which are located
on the AIN side and the TiN side, respectively. The atomic ratio of Mg to Fe at the Mg
peak position was Mg/(Mg+Fe) = 0.79. The broad signal peak of Fe located on the TiN
side suggests that the outermost surface of the TiN particles was modified to Ti,.FeixN
[22], which is consistent with the surface state of the TiN particles at the Cu-containing
grain boundary phase/TiN particle interface shown in Fig. 4.16. On the other hand, Fig.

4.18(c) shows that Fe was almost absent at the peak position of the Mg signal at the
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Fig. 4.16 (a, b) Cross-sectional HAADF images of a TiN layer bonded at 800 °C for 0.5 h.
Wmg, Wri, and wre were 1.04 mg/cm?, 0.23 mg/cm?, and 0.79 mg/cm?, respectively. Line EDS
profiles of (¢) Cu-containing grain boundary phase/TiN particle interface. T The line EDS
profiles in (¢) were obtained along the yellow dotted arrow shown in (b).
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Fig. 4.17 (a, b) Cross-sectional HAADF images of a TiN layer/AIN interface bonded at 800 °C
for 0.5 h. wyg, wri, and wre were 1.04 mg/cm?, 0.23 mg/cm?, and 0.79 mg/cm?, respectively.

Line EDS profiles of (¢) TIN/AIN interface. The line EDS profiles in (c) were obtained along
the yellow dotted arrow shown in (b).
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Fig. 4.18 (a, b) Cross-sectional HAADF images of a TiN layer/AIN interface bonded at 950 °C
for 0.5 h. wmg, wri, and wre were 1.04 mg/cm?, 0.23 mg/cm?, and 0.79 mg/cm?, respectively.

Line EDS profiles of (¢) TIN/AIN interface. The line EDS profiles in (c) were obtained along
the yellow dotted arrow shown in (b).
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TiN/AIN interface formed at Tg = 950 °C, where Mg/(Mg+Fe) = 0.99. The very small
Fe peak is located on the TiN side, and the Fe concentration at the peak position was 0.35
at%. This suggests that a single phase of MgO developed at the TiN/AIN interface at Ty
=950 °C. This could explain why the the peel strength at the Cu/AIN interface in the Cu—
Mg-Ti—Fe system was consistent with that in the Cu—Mg—Ti system, as shown in Fig.
4.13. In addition, the comparison between Figures 4.16, 4.17, and 4.18 suggests that the
bonding strength at the interface between Cu phase and TiN particle surface-modified
with TicFei.«N as well as that surface-modified with Ti,Mgi.N is higher than the bonding
strength between Cu phase and AIN interface through the Mg- and O-containing phase.
The atomic and effective ionic radii of Mg, Al, Ti, Fe, Ni, Cu, and Ag are listed in Tables
4.2 and 4.3 [23]. Here, the effective ionic radii are for a coordination number of 6, based
on the observation that the modified layer on the TiN particle surface has a cubic structure
as shown in Fig. 3.10. The observations of the Cu/AIN bonding interface in Chapters 2 to
4 indicate that Mg, Al, Fe, and Ni are elements that can substitute for Ti in the modified
layer on the TiN particle surface, while Cu and Ag cannot substitute for Ti. It can be seen
from Table 4.2 that the atomic radii of these elements are smaller than that of Ti,
regardless of their substitutability with Ti. It can also be seen from Table 4.3 that the
valence and ionic radius of the cations are not clear indicators of the substitutability with

Ti, as is the atomic radius. These results suggest that the indicators of modification layer

Table 4.2 Atomic radii of Mg, Al, Ti, Fe, Ni, Cu, and Ag.

Atomic radius [A]
Mg Al Ti Fe Ni Cu Ag

1.45 1.18 1.76 1.56 1.49 1.45 1.65
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Table 4.3 Effective ionic radii of Mg, Al, Ti, Fe, Ni, Cu, and Ag for a coordination number
of 6 [31]. LS and HS are low and high spin states, respectively.

Effective ionic radius [A]

Fe*, Fe*,
LS

0.72 0.54 0.67 0.61

MgZ+ A3+ Ti3+

HS

Fe3*, Fed*, N3+,  Ni3*,
Ni2+ Cu+* Cu¥* Cu** Ag* Ag*
LS HS LS HS
0.78 0.55 0.65 0.69 0.56 0.60 0.77 0.73 0.54 1.15 0.75

formation should not be based on bulk properties, but rather on the influence of potential

fields from Cu and ceramics.

The T dependence of Mg/(Mg+Fe) at the TiN/AIN interface bonded between 800 °C

and 950 °C for 0.5 h is shown in Fig. 4.19, where wyg, wrj and wge were 1.04 mg/cm?,

0.23 mg/cm?, and 0.79 mg/cm?, respectively. It can be seen that Mg/(Mg+Fe) gradually
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Fig. 4.19 Mg/(Mg+Fe) at the TiN/AIN interface bonded for 0.5 h between 800 °C and 950 °C
with wwg, wri, and wre were 1.04 mg/cm?, 0.23 mg/cm?, and 0.79 mg/cm? as a function of

bonding temperature.
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approached 1.0 with increasing Tg. Hashemi et al. [24, 25] reported that the Mg—Fe
binary system does not form any IMCs and that the solid solubility limit of each in the
other is very small. Taken together with the microstructural observation of the Fe-
containing Cu/AIN interface, it is expected that Fe-coexisting with Mg at the TiN/AIN
interface would be present as iron oxides.

Three stable iron oxides can be formed: FeO (cubic, Fm3m, a = 4.3536 A), Fe;04
(cubic, Fd3m, a = 8.396 A), and Fe,Os (trigonal, R3c, a = 5.4277 A) [26]. In the
presence of MgO, these iron oxides have been reported to form the MgO + spinel
MgFe;04 phase for Mg/(Mg+Fe) = 0.79 and 091 at Tz = 800 °C and 850 °C,
respectively, as shown in Fig. 4.19 [27-31]. This suggests that the formation of MgFe>O4
below Tz =850 °C contributed to the higher peel strength of the Fe-containing Cu/AIN
bonding interface compared with the Fe-free Cu/AIN bonding interface. On the other
hand, the Mg/(Mg+Fe) = 0.99 obtained at Tz = 950 °C suggests that MgFe>O4, which
was expected to form stably at Tg =950 °C, did not actually form. Thus, with increasing
Tg, sufficient Fe for MgFe>O4 formation was not supplied to the AIN surface because of
the enhanced TiFe> and TiFei.xN formation reactions. The supply of Fe to the AIN surface,
which is the main surface for interfacial reactions, played an important role in improving

Cu/AIN bonding interfacial strength by Fe addition.

4.4 Conclusions

In this chapter, Cu plates were bonded onto AIN substrates using Mg—Ti-based co-
deposited films as an Ag-free bonding material that could completely eliminate Ag-ECM,

and the effect of Cu/AIN interfacial structure on peel strength by the SAICAS tests was
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investigated. These interfacial structures were summarized in Fig. 4.20. The main

conclusions were as follows:

1. The TiN layer with Cu-containing grain boundary phase was formed at the Cu/AIN
interface bonded by using Mg-Ti-based co-deposited films, which was equivalent to
the Cu/AIN bonding interfacial structure when using the AMB method.

2. The Fe-free Cu/AIN bonding interface fractured at the TiN layer/AIN interface. The
peel strength of the Cu/AIN bonding interface increased exponentially with increasing
Tg between 800 °C and 950 °C, reaching approximately 15 N/mm at Tg = 950 °C.

3. The growth of the MgO phase at the TiN layer/AIN interface of the Fe-free Cu/AIN
bonded specimens with increasing Ty appeared to contribute to the increase in peel
strength at the Cu/AIN bonding interface.

4. For Fe addition between 0.24 mg/cm? and 0.79 mg/cm?, the peel strength of the Fe-
containing Cu/AIN bonding interface increased by a maximum of approximately 1.8-
fold below 850 °C and the peel strength for bonding above 900 °C was equivalent to
that of the Fe-free Cu/AIN bonding interface.

5. The results suggest that formation of the Fe-Mg—O phase at the TiN layer/AIN interface
of the Fe-containing Cu/AIN bonded samples contributed to the increase in peel
strength, and this phase transitioned to MgO with increasing Tg.

6. These Mg-based oxide phases at the TiN layer/AIN interface imply that the amorphous

Al-O phase on the AIN surface is modified.
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Fig.4.20 Cu/ceramic interfacial structures discussed in this chapter.

116



References

[1] N. Terasaki, N. Kon, H. Chiba, T. Ohashi, T. Sekino, Effect of interfacial structure on
peel strength between Cu and AIN bonded with a Mg—Ti co-deposited film, Discover
Materials, 3, 2023.

[2] H. Okamoto, Cu—Mg (Copper-Magnesium), Journal of Phase Equilibria, 13, 1992,
213-214.

[3] J.L. Murray, The Mg—Ti (Magnesium-Titanium) system, Bulletin of Alloy Phase
Diagrams, 7, 1986, 245-248.

[4] A.A. Shirzadi, E.R. Wallach, New approaches for transient liquid phase diffusion
bonding of aluminium based metal matrix composites, Materials Science and
Technology, 13(2), 1997, 135-142.

[5] R. Asthana, Reinforced cast metals: part II evolution of the interface, Journal of
Materials Science, 1998, 33, 1959-1980.

[6] G.O. Cook, C.D. Sorensen, Overview of transient liquid phase and partial transient
liquid phase bonding, Journal of Materials Science, 46, 2011, 5305-5323.

[7] N. Terasaki, T. Ohashi, Y. Nagatomo, Y. Kuromitsu, A.A. Shirzadi, A new method for
liquid-phase bonding of copper plates to aluminum nitride (AIN) substrates used in
high-power modules, Journal of Materials Science: Materials in Electronics, 30, 2019,
6552-6555.

[8] Y. Zhang, J. Zhang, J. Chen, Effect of interfacial microstructure evolution on the
peeling strength and fracture of AMB Cu-metalized AIN substrate, Journal of the
American Ceramic Society, 105, 2021, 577-589.

[9] N. Terasaki, N. Kon, H. Chiba, T. Ohashi, T. Sekino, Interfacial structure between TiN

sintered ceramics with and without an Fe-containing grain boundary phase and Ag—Cu

117



eutectic brazing filler material, SN Applied Sciences, 5(46), 2023.

[10] Y. Kishima, 1. Nishiyama, Characteristic evaluation for interface of different
materials by SAICAS system, Journal of the Adhesion Society of Japan, 41(6), 2005,
234-241.

[11] J. Miettinen, Thermodynamic description of Cu—Mg—Ni and Cu—Mg—Zn systems,
CALPHAD: Computer Coupling of Phase Diagrams and Thermochemistry, 32, 2008,
389-398.

[12] C. Vahlas, B.D. Ladouce, P.Y. Chevalier, C. Bernard, L. Vandenbulcke, A
thermodynamic evaluation of the Ti—N system, Thermochimica Acta, 180, 1991, 23—
37.

[13] K. Kutschej, P.H. Mayrhofer, M. Kathrein, P. Polcik, R. Tessadri, C. Mitterer,
Structure, mechanical and tribological properties of sputtered Ti1Al:N coatings with
0.5<x<0.75, Surface and Coatings Technology, 200(7), 2005, 2358-2365.

[14] K. Yamamoto, Y. Tatsuhira, Y. Iwai, The Relationship between coating property and
solid particle erosion resistance of AIP-deposited TiAIN coatings with different Al
contents, Coatings, 11, 2021, 992.

[15] S. Takakuwa, N. Terasaki, N. Kon, T. Ohashi, N. Nita, Y. Nagatomo, Y. Kuromitsu,
A new transient liquid phase bonding method using magnesium foil to bond copper
plates to aluminum nitride substrates, Journal of Materials Science: Materials in
Electronics, 33, 2022, 10486-10493.

[16] H.A. Wriedt, The Mg—O (Magnesium-Oxygen) system, Bulletin of Alloy Phase
Diagrams, 8(3), 1987, 227-233.

[17] A. Kumamoto, N. Shibata, K. Nayuki, T. Tohei, N. Terasaki, Y. Nagatomo, T. Nagase,

K. Akiyama, Y. Kuromitsu, Y. Ikuhara, Atomic structures of a liquid-phase bonded

118



metal/nitride heterointerface, Scientific Reports, 6, 2016, 22936.

[18] M.A. Gharavi, R. Armiento, B. Alling, P. Eklund, Theoretical study of phase stability,
crystal and electronic structure of MeMgN» (Me = Ti, Zr, Hf) compounds, Journal of
Materials Science, 53, 2018, 4294-4305.

[19] S.R. Bauers, A. Holder, W. Sun, C.L. Melamed, R.W-Robinson, J. Mangum, J.
Perkins, W. Tumas, B. Gorman, A. Tamboli, G. Ceder, S. Lany, A. Zakutayev, Ternary
nitride semiconductors in the rocksalt crystal structure, Applied Physical Sciences,
116(30), 2019, 14829-14834.

[20] J.L. Murray, The Fe—Ti (Iron-Titanium) system, Bulletin of Alloy Phase Diagrams
2, 1981, 320-334.

[21] PJ. Brown, J. Deportes, B. Ouladdiaf, Magnetic structure of the laves phase
compound TiFe;, Journal of Physics: Condensed Matter, 4, 1992, 10015.

[22] H. Ohtani, M. Hillert, A thermodynamic assessment of the Fe—N-Ti system, Calphad,
15(1), 1991, 41-52.

[23] R.D. Shannon, Revised effective ionic radii and systematic studies of interatomic
distances in halides and chalcogenides, Acta Crystallographica Section A, A32, 1976,
751-767.

[24] N.A.A. Hashemi, J.B. Clark, L.J. Swartzendruber, The Fe—-Mg (iron-magnesium)
System, Bulletin of Alloy Phase Diagrams, 6, 1985, 235-238.

[25] N.A.A. Hashemi, J.B. Clark, L.J. Swartzendruber, Fe-Mg (iron-magnesium), Binary
Alloy Phase Diagrams, II Ed., Ed. T.B. Massalski, 2, 1990, 1722—-1723.

[26] H.A Wriedt, The Fe—O (iron-oxygen) system, Journal of Phase Equilibria, 12, 1991,
170-200.

[27] A.E. Paladino, Phase equilibria of the ferrite region of the system FeO—-MgO—Fe,0Os3,

119



Journal of the American Ceramic Society, 43(4), 1960, 183—-191.

[28] B. Phillips, S. Somiya, A. Muan, Melting relations of magnesium oxide-iron oxide
mixtures in air, Journal of the American Ceramic Society, 44(4), 1961, 167-169.
[29] B. Phillips, A. Muan, Phase equilibria in the system MgO-FeO-Fe;O;3 in the
temperature range of 1400 to 1800 °C, Journal of the American Ceramic Society,

45(12), 1962, 588-591.

[30] D.H. Speidel, Phase equilibria in the system MgO-FeO-Fe;Os: the 1300 °C
isothermal section and extrapolations to other temperatures, Journal of the American
Ceramic Society, 50(5), 1967, 243-248.

[31] V. Raghavan, Fe-Mg—O (iron-magnesium-oxygen), Journal of Phase Equilibria and

Diffusion, 31, 2010, 368.

120



Chapter 5: Development of the interfacial structure between
AIN and Cu—P-Sn—Ni brazing alloy for different initial Ti layer

thicknesses

5.1 Introduction

In Chapter 4, it was demonstrated that Cu can be bonded onto AIN via a TiN layer when
a Mg-Ti-based co-deposited film was used as the Ag-free bonding material, and this was
similar to the AMB method using a Ag-containing bonding material.

In this chapter, in order to clarify the effect of the Ag-free bonding material components
on the Cu/AIN bonding interface, the structures of the Cu/AIN interface bonded using a
commercial Cu—P eutectic-based brazing foil with a liquidus temperature whose melting
range is almost equivalent to the Cu—Mg system used in Chapter 4 and Ti layers were
investigated [1, 2]. P and Sn contained in this commercial brazing foil are known to form
multiple IMCs with Ti [3—-8]. Therefore, it is expected that the combination of Ag-free
Cu—P eutectic brazing material and Ti will enable the evaluation of the interfacial
structure and its formation process when the interfacial reaction between Ti and AIN
competes with the IMC formation reaction between Ti and Ag-free bonding material
components. In addition, in order to evaluate the practicality of the Ag-free bonding
technique, the relative strength of the Cu/AIN interface was evaluated based on the
fracture probability of the Cu/AIN interface after ultrasonic welding of Cu terminals to
the Cu layer. Furthermore, the effect of using a Ag-free bonding material on the ECM

resistance was evaluated.
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5.2 Experimental procedure

5.2.1 Materials and sample fabrication

An amorphous brazing alloy composed of Cu—6.3 wt% P-9.3 wt% Sn—7 wt% Ni,
which can be supplied as a foil material suitable for bonding flat plates, with a thickness
of 25 um was used as the Ag-free material for bonding between Cu and AIN substrates.
The amounts of Cu, P, Sn and Ni were 16.0, 1.3, 1.9 and 1.4 mg/cm?, respectively. The
solidus and liquidus temperatures of this Cu-rich alloy are 600 °C and 630 °C,
respectively, the lowest commercially available. P and Sn lower the melting temperature
of Cu via the eutectic reaction, and Ni suppresses the formation of CusP (hexagonal,
P6scm, a=17.07 A, c=7.135 A) [9], which is the single brittle Cu—P IMC formed in the
Cu-P binary system. In this study, Ti layers with three different thicknesses of 0.5, 1, and
5 um were prepared. The two thinner layers were deposited on one side of a 300-um-thick
polycrystalline foil of OFC by physical vapor deposition (PVD). For the thickest layer, a
5-um-thick TPC270C Ti foil was used. According to Japan Industrial Standards (JIS),
TPC270C foil has the highest purity of all commercially available pure Ti materials. It is
notable for its softness and excellent workability. Ti thicknesses of 0.5, 1, and 5 pm
correspond to Ti amounts of 0.23, 0.45, and 2.25 mg/cm?, respectively. In addition, AIN
substrates prepared by two different manufacturing processes were used. One type was a
1-mm-thick AIN polycrystalline substrate, which is commonly used for high-voltage
power module applications. These substrates all contained yttria (Y203) as a sintering
additive. The other type was a commercially available Al,O3 sapphire (0001) substrate

(950.8 mm x 430 pm) upon which a 1-um-thick single-crystal epitaxial AIN film was
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deposited as the AIN substrate (DOWA Electronics Materials Co., Ltd.). The orientation
relationship between the AIN film and the ALOs substrate was (0001) AIN//(0001)
ALO;, [1120] AIN//[1100] ALOs;, as observed in other studies [10, 11]. These
materials were all cut into 5 mm x 10 mm rectangular pieces and were then stacked in the
order: Cu, Ti deposited film or Ti foil, Cu—P—Sn—Ni brazing foil, and AIN substrate. The
stacked samples were brazed in a vacuum at 650, 750, 850, and 950 °C for 1 h under a
compressive stress of 1 MPa, with heating and cooling rates of 10 °C/min. The grain size

of the polycrystalline Cu was >50 pm after heating under these conditions.

5.2.2 Characterization

Cross-sections of the resulting bonds were observed by EPMA, SEM, and STEM
equipped with EDS. Metallography samples for SEM and EPMA mounted in an acrylic
polymer at room temperature were polished using conventional metallographic
techniques. In addition, the final polishing for these samples was performed using an
argon-based ion beam polisher (ArBlade 5000, Hitachi High-Tech) to obtain the final flat
cross-sections before coating with a thin carbon layer. The microstructures and elemental
distributions of all samples were analyzed using an EPMA apparatus (JXA—-8530F, JEOL)
operated at 15 kV. The thickness of the Cu/AIN thin sections for STEM analysis, prepared
using a FIB system (Scios, Thermo Fisher Scientific), ranged from 30 to 100 nm.
Elemental distributions of the thin sections were evaluated on a STEM (Titan G2
ChemiSTEM, Thermo Fisher Scientific) equipped with an EDS system (NSS7, Thermo
Fisher Scientific) operated at 200 kV. Cu/AIN bonding interfaces with a single-crystal
epitaxial AIN substrate were observed along the AIN (1120) direction. This direction is

highly effective for distinguishing between Al and N rows in AIN, and in these directions
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these rows of atoms do not overlap with each other.

5.2.3 Ultrasonic welding

The bonding reliability of the Cu/AIN interface was determined from observations of
Cu/AIN interfacial delamination and AIN cracking by SAT of the Cu/AIN interfaces after
ultrasonic welding of a Cu terminal to the Cu layer. For these observations, Cu/AIN/Cu
bonded substrates consisting of OFC (20 mm % 20 mm x 300 um) and polycrystalline
AIN (25 mm % 25 mm % 635 pm) were prepared using the same bonding procedure with
a 0.5-um-thick Ti film as described in Section 5.2.1, but with the polycrystalline AIN
substrates bonded on both sides to Cu. Cu terminals (OFC, 5 mm x 10 mm x 1 mm) were
welded onto these substrates using an ultrasonic welder (60C-904, Ultrasonic
Engineering) in collapse mode, where the load, collapse distance, and welding area were
500 N, 0.45 mm and 3 mm X 3 mm, respectively. For each bonding temperature, 30
samples were prepared in this way. After welding, the Cu/AIN interfaces were assessed
for failure using SAT (FSP8 V, Hitachi Power Solutions). Cross-sections of ultrasonic
welding samples were mounted in an acrylic polymer at room temperature and polished
using standard metallographic techniques. These samples were observed by SEM (S-

3400N, Hitachi High-Tech) operated at 15 kV.

5.2.4 Water drop test

The ECM resistance was evaluated by the water drop test [12—14]. In this test, since
the electrode and insulating layer were covered with deionized water droplets, the
humidity, which was close to 100% relative humidity, accelerated the dissolution and
migration of the metal contained in the electrode, which can promote the ECM
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Fig. 5.1 Cu electrode pattern for the water drop test.

phenomenon in a short time. A Ag-free Cu/AIN bonding substrate consisting of OFC (29
mm % 7 mm X 300 um) and polycrystalline AIN (30 mm x 8 mm % 1 mm) was fabricated
using the same bonding procedure with 0.5-pum-thick Ti film as described in Section 5.2.1.
In addition, a Ag-containing Cu/AIN bonding substrate was fabricated at 850 °C for 0.5
h with a Ag amount of 6.29 mg/cm” and a Ti amount of 0.29 mg/cm? using the AMB
method based on the interdiffusion process described in Section 1.3. These substrates
were etched by standard techniques to the electrode pattern shown in Fig. 5.1. A50 V DC
was applied between the Cu electrodes covered with deionized water. The electrical
resistance between the Cu electrodes was measured at 1 s intervals up to 10 s after
applying the voltage. The elemental distributions of the naturally dried AIN substrate
surface after the water drop test were analyzed using an EPMA as described in Section

5.2.2.
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5.3 Results and discussion

5.3.1 Development of Cu/AlN interfacial structure depending on initial
Ti layer thickness

Cross-sectional BSE images of the Cu/AIN interfaces bonded at 650 °C for 1 h are
shown in Fig. 5.2, where the initial Ti layer thicknesses were 0.5, 1, and 5 um, respectively.
At this temperature just above the liquidus temperature of the Cu—P—Sn—Ni brazing foil,
the Cu/AIN bonding interface appeared to fit the surface shape of the polycrystalline AIN
substrate well, with no gaps or pores. This suggests that the Cu—P—Sn—Ni liquidus phase
had good wettability to the AIN substrate due to the presence of the initial Ti active metal.
For all the images in Fig. 5.2, the Cu layer is divided into two regions by the Ti-containing
layer formed about 8 um from the surface of the AIN substrate.

The reaction between the Cu—P—Sn—Ni brazing foil and the Ti films with thickness of

1 wm or less consumed the entire Ti film. The products of this reaction were mainly TisP3

Fig. 5.2 Cross-sectional BSE images of a Cu/AIN bonding interface after bonding at 650 °C
for 1 h with initial Ti layers (a) 0.5 pm, (b) 1 pm, and (c) 5 pm thick.

126



(hexagonal, P6s/mcem, a = 7.234 A, ¢ = 5.090 A) [5, 7], which was formed as a
discontinuous layer for the 0.5-um-thick Ti layer and a continuous layer for the 1-pm-
thick Ti layer. In contrast, there was still unreacted Ti foil after the chemical reaction
between the Cu—P—Sn—Ni brazing foil and the 5-um-thick Ti foil, as shown in Fig. 5.2(c).
Here, this unreacted Ti foil is called a residual Ti layer. From the residual Ti layer to the
AIN substrate, the cross-sectional structure was composed of the following compounds:
Cuo.oTiNiy, (tetragonal, I4/mmm,a=3.12 A, c=7.965A)[11], TiP (hexagonal, P63/mmc,
a=3.499 A, c=11.700 A) [3, 6, 7], TisP; [5, 7] and Cu (cubic, Fm3m, a = 3.615 A).
The brightness of the BSE image also increased gradually from the residual Ti layer
toward the Cu surface. This suggests that multiple Cu-Ti IMCs with different
composition ratios such as CusTi (orthorhombic, Pnma, a = 4.525 A, b =4.341 A, ¢ =
12.953 A) [16-18], CusTis (tetragonal, [4/mmm, a = 3.126 A, ¢ = 19.964 A) [17, 18],
CuTi (tetragonal, P4/nmm, a = 3.107 A, ¢ = 5.919 A) [17, 18], and CuTia (tetragonal,
I4/mmm, a = 2.944 A, ¢ = 10.786 A) [17, 18] were formed in layers by solid-phase
diffusion bonding between the Cu layer and the Ti foil. In addition, a number of voids
were distributed in the Cu—Ti IMCs, as shown in Fig. 5.2(c). This suggests that the oxide
films present on the surface of the Cu plate and Ti foil inhibited the interdiffusion between
Cu and Ti.

Cross-sectional BSE images together with elemental distributions of the Cu/AIN
interface bonded at 650 °C are shown in Figs. 5.3, 5.4, and 5.5, for the initial 0.5-, 1-, and
S-um-thick Ti layers, respectively. The gray area in the AIN layer shown in Figs. 5.3(a)
and 5.5(a) are yttria, a sintering additive in the AIN substrate. Sn diffused beyond the P-
containing IMC layer toward the Cu surface side when using the Ti layer with thickness

of 1 um or less, as evident from Figs. 5.3(c) and 5.4(c), where the diffusion length of Sn
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Fig. 5.3 (a) BSE image of a Cu/AIN bonding interface after bonding at 650 °C for 1 h with
an initially 0.5-pm-thick Ti film, together with elemental distributions of (b) Cu, (¢) Sn, (d)
P, (e) Ni, (f) Ti, (g) AL, and (h) N.

Fig. 5.4 (a) BSE image of a Cu/AIN bonding interface after bonding at 650 °C for 1 h with
an initially 1-pm-thick Ti film, together with elemental distributions of (b) Cu, (¢) Sn, (d) P,

(e) Ni, (f) Ti, (g) AL, and (h) N [2], © 2022 by Springer Science Business Media, reproduced
with license.
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Fig. 5.5 (a) BSE image of a Cu/AIN bonding interface after bonding at 650 °C for 1 h with
an initially 5-pm-thick Ti film, together with elemental distributions of (b) Cu, (¢) Sn, (d) P,
(e) Ni, (f) Ti, (g) Al, and (h) N [2], © 2022 by Springer Science Business Media, reproduced
with license.

was longer for a 0.5-um-thick Ti layer than for a 1-um-thick Ti layer. By contrast, the Sn
was localized between the P-containing layer and the AIN substrate when using the 5-
um-thick Ti layer, as shown in Fig. 5.5(c). This suggests that the difference in Sn
distribution was due to a difference in the degree of dissolution of the TiN layer into the
Cu—P—-Sn—Ni liquid phase. P-containing IMC particles were precipitated by the reaction
between Ti and P when dissolving the entire Ti layer with thickness of 1 um or less in the
Cu—P-Sn—Ni liquid phase, forming a layered dispersion structure or a dense layered
structure. Consumption of P, a melting point-lowering element in the Cu—P—-Sn—Ni
brazing foil, promoted solidification from the P-containing IMC layer side to the AIN side.
Sn that concentrated at the Cu/AIN interface during the isothermal solidification process

eventually diffused into Cu toward the Cu surface side. The difference in Sn diffusion
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length between the Ti layer thicknesses of 0.5 pm and 1 pm is suggested to arise from the
difference in the lifetime of the liquid phase, which has a faster diffusion rate. This same
solidification process is expected to occur when using the 5-pum-thick Ti layer. However,
the formation of the residual Ti layer present in Figs. 5.2(c) and 5.5(a) suggests that not
all of the Ti layer is dissolved into the Cu—P—Sn—Ni liquid phase. In addition, the diffusion
length of Sn into Ti is only ~1 nm after 1 h at 650 °C [19]. Hence, the residual Ti layer
functioned as a diffusion-inhibiting layer and suppressed the diffusion of Sn toward the
Cu surface side. Furthermore, Figs. 5.3(a)—(c), 5.4(a)—(c), and 5.5(a)—(c) show that there
was no precipitation of either CusSn (orthorhombic, Cmcm, a =5.529 A, b=47.75 A, c
=4.323 A) or CueSns (monoclinic, C2/c, a =11.022 A, b=7.282 A, c=9.827 A, f =
98.84°) in the regions where both Cu and Sn were present [20-22]. This supports the
formation of a dense Cu layer without Kirkendall void generation [23, 24] at the Cu/AIN
interface.

Cross-sectional BSE images and TEM images of a Cu/AIN interface, together with
nano-beam electron diffraction (NBD) patterns of a Cu/AIN interfacial reaction layer after
bonding for 1 h between 650 °C and 950 °C with the 0.5-um-thick Ti layer are shown in
Fig. 5.6. In the BSE images, the gray area in the AIN layer is yttria. The NBD patterns
were acquired from the areas circled in yellow in the corresponding TEM images. The
BSE images show that a Ti-containing layer composed of TisP3 was formed at a distance
of ~8 um from the surface of the AIN substrate at all the heating temperatures used. Within
this range of bonding temperatures, the morphology of these Ti-containing layers was
essentially independent of the bonding temperature. In addition, the NBD patterns in Fig.
5.6 show that the Cu/AIN interfacial reaction layers were composed of an amorphous

phase at 750 °C or lower, and a crystalline phase at 850 °C or higher. The thicknesses of
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Fig. 5.6 Cross-sectional BSE and TEM images of a Cu/AIN bonding interface with NBD
patterns of the interfacial reaction layer after bonding for 1 h with an initially 0.5-pm-thick
Ti film at (a) 650 °C, (b) 750 °C, (c) 850 °C, and (d) 950 °C.
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these crystalline phases were ~13 nm at 850 °C and ~20 nm at 950 °C, respectively. This
suggests that the crystalline Cu/AIN interfacial reaction layer consisted of rutile TiO2
(tetragonal, Pdo/mnm, a = 4.5937 A, ¢ = 2.9581 A) [25], in consideration of the NBD
patterns shown in Fig 5.6. The observations in Fig. 5.6 show that, as expected from other
studies of active brazes, Ti could efficiently diffuse through the liquid braze to the
braze/AIN interface during the bonding process.

Cross-sectional BSE images and TEM images of a Cu/AIN interface, together with
NBD patterns of a Cu/AlN interfacial reaction layer after bonding for 1 h between 650 °C
and 950 °C with the 1-um-thick Ti layer, are shown in Fig. 5.7. In the BSE images, the
gray area in the AIN layer is yttria. The NBD patterns were acquired from the areas circled
in yellow in the corresponding TEM images. The BSE images show that the Ti-containing
layer composed of TiP and TisP3; was formed at a distance of ~8 um from the surface of
the AIN substrate at all these heating temperatures. P was the main melting point-lowering
element in the Cu—P—Sn—Ni brazing alloy. This therefore suggests that its consumption
through the IMC formation reaction with Ti caused the Cu—P—Sn—Ni liquid phase to
solidify in the early stages of the heating process, meaning that the interfacial reaction
between Cu and AIN when using the Ti films of 1-um-thick or less proceeded mainly in
the solid phase. Furthermore, the NBD patterns in Fig. 5.7 show that the Cu/AIN
interfacial reaction layers were composed of an amorphous phase at 750 °C or lower, and
a crystalline phase at 850 °C or higher. The thicknesses of these crystalline phases were
~7 nm at 850 °C and ~35 nm at 950 °C, respectively. EDS line profiles after bonding for
1 hat (a) 850 °C and (b) 950 °C with this initial 1-um-thick Ti film are shown in Fig. 5.8.
The EDS line profiles were acquired from the lines indicated by the yellow arrows in the

corresponding TEM images in Fig. 5.7(c) and (d), respectively. In the Cu/AIN interfacial
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(d)

Fig. 5.7 Cross-sectional BSE and TEM images of a Cu/AIN bonding interface with NBD
patterns of the interfacial reaction layer after bonding for 1 h with an initially 1-pm-thick
Ti film at (a) 650 °C, (b) 750 °C, (c) 850 °C, and (d) 950 °C [2], © 2022 by Springer Science
Business Media, reproduced with license.

133



@ 100 (®) 400

90 90
80 80
70 70
S 60 S 60
5 S
(= =
o i)
® 50 ® 50
< =
8 8
S 40 S 40
S S
30 30
20 20
10 10
0 L 5 N 0 e
0 10 20 30 40 50 60 70 0 50 60 70
Position [nm] Position [nm]

Fig. 5.8 EDS analyses of a Cu/AIN interfacial reaction layer after bonding for 1 h with an
initially 1-pm-thick Ti film at (a) 850 °C and (b) 950 °C. These EDS line profiles were
acquired along the yellow arrows shown in the corresponding TEM images in Fig. 5.7(c)

and (d), respectively [2], © 2022 by Springer Science Business Media, reproduced with
license.

reaction layer, the O and N signals overlapped with the Ti signal. This suggests that the
crystalline Cu/AIN interfacial reaction layer consisted of an O-containing TiN phase,
given the NBD patterns shown in Fig 5.7. These NBD patterns can be indexed in terms
of TiN, which has the rock-salt crystal structure and occurs over a wide range of
stoichiometries within the Ti—N system. Substitution of oxygen for nitrogen within this
phase can also occur to give an extensive phase field within the ternary Ti—-O—N system
in which rock-salt titanium oxynitrides of the general composition TiO:N, are formed
[26-30].

Cross-sectional BSE images and TEM images of a Cu/AIN bonding interface, together
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Fig. 5.9 Cross-sectional BSE and TEM images of a Cu/AIN bonding interface with NBD
patterns of the interfacial reaction layer after bonding for 1 h with an initially 5-pm-thick
Ti film at (a) 650 °C, (b) 750 °C, (c) 850 °C, and (d) 950 °C [2], © 2022 by Springer Science
Business Media, reproduced with license.
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with NBD patterns of a Cu/AIN interfacial reaction layer after bonding for 1 h between
650 °C and 950 °C with the 5-um-thick Ti layer, are shown in Fig. 5.9. In the BSE images,
the gray area in the AIN layer shown is yttria. The NBD patterns were acquired from the
areas circled in yellow in the corresponding TEM images. As the heating temperature was
increased from 650 °C to 750 °C, the residual Ti layer disappeared because of the growth
of the Cu—Ti IMC layer. In addition, the layer of Cu—Ti IMCs disappeared and an obvious
interfacial reaction layer was formed at the AIN interface at 850 °C or higher. The
thickness of these interfacial reaction layers, which were identified as the crystalline TiN
phase from the NBD patterns shown in Fig. 5.9, are ~0.5 pm at 850 °C and ~1 um at
950 °C, respectively.

The Cu/AIN interfacial reaction layers were composed of an amorphous phase at a
heating temperature of 750 °C or lower when using the 5-um-thick Ti foil. This was the
same as with the Cu/AIN interfacial structure when using Ti films with an initial thickness
of 1 um or less, as shown in Figs. 5.6 and 5.7. Cross-sectional HAADF images, together
with elemental distributions of the Cu/AIN interface bonded at 650 °C and 750 °C for 1
h with initial 0.5 pm Ti layers, are shown in Figs. 5.10 and 5.11, respectively. Both Sn
and Ni are omitted from these elemental maps but were present in solid solution within
Cu near the Cu/AIN bonding interface. The highest signals in the P, Ti, and O maps were
located at the Cu/AIN bonding interface, as can be seen in Fig. 5.10(c)—(e). By
comparison, only Ti and O signals were uniformly distributed at the Cu/ AIN interfacial
reaction layer, whereas P was enriched at the interface between Cu and interfacial reaction
layer, as shown in Fig. 5.11(c)—(e), despite the base signal of P in the Cu in Fig. 5.11(c)
being relatively high. When using the Ti foil with the smallest initial thickness of 0.5 pm

shown in Figs. 5.10 and 5.11, the transformation of the elemental distribution at the
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Fig. 5.10 (a) HAADF image of a Cu/AIN bonding interface after bonding at 650 °C for 1 h
with an initially 0.5-pm-thick Ti film, together with elemental distributions of (b) Cu, (¢) P,
(d) Ti, (e) O, (f) Al, and (g) N.

Fig. 5.11 (a) HAADF image of a Cu/AIN bonding interface after bonding at 750 °C for 1 h
with an initially 0.5-pm-thick Ti film, together with elemental distributions of (b) Cu, (c) P,
(d) Ti, (e) O, (f) Al and (g) N.
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Cu/AIN bonding interface was consistent with that when using the Ti foil with the greatest
initial thickness of 5 um as shown in Figs. 5.12 and 5.13. This suggests that at 650 °C and
750 °C the reaction between Cu and AIN did not depend on the thickness of the initial Ti
layer. Furthermore, the thickness of these Ti—O based phases observed at the Cu/AIN
bonding interface under these bonding conditions was at most 10 nm for 0.5-5-pum-thick
Ti material, regardless of whether the source of the Ti material was a film or a foil. This
suggests that the oxygen component of the Ti—O-based phases was derived mainly from
the surface oxide layer of the AIN and the brazing material, rather than from any oxygen
from the surface and grain boundaries of the Ti material. This implies that the Ti—O-based

phase can be formed by modification of the amorphous Al-O phase on the AIN surface.

Fig. 5.12 (a) HAADF image of a Cu/AIN bonding interface after bonding at 650 °C for 1 h
with an initially 5-pm-thick Ti foil, together with elemental distributions of (b) Cu, (¢) P, (d)
Ti, (e) O, (f) Al, and (g) N [2], © 2022 by Springer Science Business Media, reproduced with
license.
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Fig. 5.13 (a) HAADF image of a Cu/AIN bonding interface after bonding at 750 °C for 1 h
with an initially 5-pum-thick Ti foil, together with elemental distributions of (b) Cu, (¢) P, (d)
Ti, (e) O, (f) AL, and (g) N [2], © 2022 by Springer Science Business Media, reproduced with
license.

Quantitative analysis using EPMA of the Cu phase 4 um away from a Cu/AIN bonding
interface after bonding at 650 °C and 750 °C for 1 h is shown in Table 5.1. The Sn
concentration decreased by more than half between 650 °C and 750 °C when using the Ti
films with thickness of 1 um or less, whereas there was only a 5% decrease using the 5-
pm-thick Ti foil. This is consistent with the Ti residual layer and/or the thick Cu-Ti IMC
layer strongly inhibiting the diffusion of Sn into the Cu surface side. This Sn
concentration, which was relatively insensitive to the 100 °C temperature rise for the 5-
um-thick Ti foil, was larger than the solid solubility of Sn in Cu at 850 °C (5.6 at%) [21—
23]. This implies that the Cu—Sn liquid phase generated by the remelting of the Cu phase
in contact with the AIN substrate melted the layer of Cu—Ti IMCs above 850 °C. Thus,
the Ti-containing liquid phase generated at a relatively high heating temperature helped

139



Table 5.1 Quantitative analysis of the Cu phase 4 pm away from a Cu/AIN bonding interface
after bonding for 1 h at the specified temperatures.

Thickness of Concentration (at%)
) ) Temperature
Ti film/foil "
(°0) Cu P Sn Ni Ti
(pm)
650 94.9 1.5 3.0 0.5 0.1
0.5
750 98.4 0.0 1.2 0.3 0.1
650 95.6 0.4 3.8 0.2 0.1
1
750 97.8 0.0 1.9 0.2 0.1
650 92.8 0.5 6.1 0.2 0.4
5
750 93.7 0.0 5.8 0.1 0.4

to promote the single-substitution reaction between Ti and AIN on the surface of the AIN

substrate, in a manner similar to the AMB method using Ag.

5.3.2 Development process of the rutile TiO; structure at the Cu/AIN

bonding interface

A relatively low-magnification cross-sectional BF-TEM image of the Cu/single-crystal
AIN interface bonded at 650 °C for 1 h and viewed along the [1120] AIN zone axis is
shown in Fig. 5.14. The Cu/AIN bonding interface appeared to be flat with no gaps and/or
pores. This suggests that significant morphological changes between Cu and AIN did not
occur during this bonding procedure just above the liquidus temperature of the Cu—P—Sn—
Ni brazing foil.

Higher-magnification cross-sectional BF-TEM images of Cu/AIN interfaces bonded at
temperatures between 650 and 950 °C for 1 h are shown in Fig. 5.15. The reaction layer

formed at 650 °C had a thickness of 2—5 nm. On the other hand, a uniform reaction layer
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Fig. 5.14 A cross-sectional TEM image of the Cu/AIN interface bonded at 650 °C for 1 h with
an initially 0.5-pm-thick Ti film. AIN as observed along the [1120] direction, which is
shown in the inset SAED pattern [1], © 2021 by Springer Science Business Media,
reproduced with license.

AIN [1120]

Fig. 5.15 Cross-sectional BF-TEM images of Cu/AIN bonding interfaces after bonding for 1
h at (a) 650 °C, (b) 750 °C, (c¢) 850 °C, and (d) 950 °C with an initially 0.5-pm-thick Ti film
[1], reproduced with license.
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formed at the Cu/AIN interface above 850 °C with a thickness of up to 10 nm, which was
partially grown at 750°C. The surface of AIN remained flat when it was in contact with
Cu/AIN interfacial reaction layers for bonding temperatures between 650 °C and 850 °C.
However, this flatness was lost at the bonding temperature of 950 °C. This sequence of
observations is consistent with the interfacial reaction(s) between the Cu braze and AIN
occurring first on the surface of the AIN before proceeding into the bulk of the AIN.
HAADF images and elemental distributions of the Cu/AIN interfaces bonded at 650 °C
and 750 °C for 1 h are shown in Figs. 5.16 and 5.17, respectively. Sn and Ni, not shown
in these elemental maps, were both in solid solution within the Cu. The highest signals in
the P, Ti and O maps were located at the Cu/AIN interfacial reaction layer, as shown in

Fig. 5.16(c)—(e). By comparison, only Ti and O signals were detected uniformly in the

Fig. 5.16 (a) HAADF image of a Cu/AIN bonding interface bonded at 650 °C for 1 h, together
with elemental distributions of (b) Cu, (c) P, (d) Ti, (e) O, (f) Al, and (g) N with an initially
0.5-pm-thick Ti film [1], © 2021 by Springer Science Business Media, reproduced with
license.
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Fig. 5.17 (a) HAADF image of a Cu/AIN bonding interface bonded at 750 °C for 1 h, together
with elemental distributions of (b) Cu, (c¢) P, (d) Ti, (e) O, (f) Al, and (g) N with an initially
0.5-pm-thick Ti film [1], © 2021 by Springer Science Business Media, reproduced with
license.

Cu/AIN interfacial reaction layer, whereas P was concentrated at the interface between
Cu and interfacial reaction layer, as shown in Fig. 5.17(c)—(e). The behavior of P, Ti, and
O at the Cu/AIN bonding interface was the same for both polycrystalline AIN and single-
crystal AIN.

BF-TEM and high-resolution TEM images of the Cu/AIN bonding interfaces after
bonding for 1 h between 650 °C and 950 °C, together with NBD images acquired from
each reaction layer of the Cu/AIN bonding interface, are shown in Fig. 5.18. All
observations were made along the [1120] AIN direction. Given the elemental
distribution of the Cu/AIN interfacial reaction layer formed at 650 °C for 1 h as shown in

Fig. 5.16(c)—(e), the Cu/AIN interfacial reaction layer was identified as amorphous P-Ti—

0.
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(b)

()

Fig. 5.18 Cross-sectional BF-TEM and HRTEM images of Cu/AIN bonding interfaces with
NBD patterns of the interfacial reaction layer observed along [1120] AIN after bonding
for 1 h at (a) 650 °C, (b) 750 °C, (c) 850 °C and (d) 950 °C with an initially 0.5-pm-thick Ti
film [1], © 2021 by Springer Science Business Media, reproduced with license.
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From the NBD patterns acquired from the Cu/AIN interfacial reaction layer above
850 °C shown in Fig. 5.18(c)—(d), these Cu/AIN interfacial reaction layers were identified
as rutile TiO> with a [010] zone axis observed at each bonding temperature. At the
highest bonding temperature of 950 °C, the rutile TiO> was able to attack the underlying
AIN substrate. In addition, from the NBD pattern acquired from the Cu/AIN interfacial
reaction layer formed at 850 °C for 1 h shown in Fig. 5.18(b), a third phase, which is also
composed of Ti and O, was identified as amorphous Ti—O. These results suggest that rutile
TiO2 was formed by the crystallization of amorphous Ti—O by the outward diffusion of P
from amorphous P-Ti—O into the adjacent Cu. Here, the amorphous P-Ti—O phase grown
from the amorphous Al-O phase that is present on the AIN surface is expected to be a
titanophosphate glass [31]. The glass can be composed of conventional glass former, P2Os,
which can be vitrified alone, and non-conventional glass former, TiO, which can be
vitrified in a multi-component system [32]. The enrichment of P at the Cu/amorphous Ti—
O interface at 750 °C is thought to have facilitated the crystallization of the amorphous
Ti—O phase. This implies that P, as a Cu—P-based eutectic system, is useful as an element
for the formation of the liquid phase that fills the gaps between the Cu plate and the AIN
substrate, while it is an inhibiting element for the formation of TiO2, the interfacial
reaction layer. In addition, according to Ellingham's diagram [33], if the amorphous Al—
O phase is considered to be Al2O3, a comparison of the standard free energy of P.Os and
TiO2, which form titanophosphate glass, with that of Al O3 shows that P>Os, TiO2, and
Al>0O3 are lower in that order. It is suggested that Al2Os is the most stable of these oxides
in the oxide formation reaction starting from the amorphous Al-O phase, which is not
consistent with the observed Cu/AIN bonding interfacial structure. This implies that,

similar to the modified layers on the surface of TiN particles discussed in Section 4.3.4,
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modified layers grown from the amorphous Al-O phase need to be discussed in terms of
stability, including the influence of potential fields from Cu and ceramics, as well as
thermodynamic stability as bulk materials.

Cross-sectional BF-STEM and HAADF images at the rutile TiO2/AIN interface along
[010] rutile TiO2//[1120] AIN after bonding at 750 °C for 1 h are shown in Fig. 5.19(a)
and (b), respectively. Local dark contrast in the BF-STEM image shown in Fig. 5.19(a)
corresponds either to the position of Ti or O columns in the rutile TiO; bulk, or that of Al
or N columns in the AIN bulk, respectively. By comparing Fig. 5.19(a) with the HAADF
image shown in Fig. 5.19(b), where the atomic columns with heavier atoms have brighter
intensities, it can be seen that the columns with strongest intensities in the BF-STEM

image correspond to the cation Ti columns. Similarly, the columns with strong intensity
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Fig. 5.19 Cross-sectional (a) BF-STEM and (b) HAADF images of the rutile TiO»/AIN
interface after bonding at 750 °C for 1 h with an initially 0.5-pm-thick Ti film [1], © 2021
by Springer Science Business Media, reproduced with license.
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Fig. 5.20 Cross-sectional (a) BF-STEM and (b) HAADF images of the rutile TiO,/AIN
interface after bonding at 950 °C for 1 h with an initially 0.5-pm-thick Ti film [1], © 2021
by Springer Science Business Media, reproduced with license.

in the AIN bulk region of the BF-STEM image correspond to the cation Al columns. In
addition, in consideration of the distribution of bright contrast in the AIN bulk, the AIN
substrate is suggested to have an Al-polar growth direction, as shown in the inset of Fig.
5.19(b). Furthermore, Fig. 5.19 shows that here the orientation relationship between rutile
TiOz and AINis [010] rutile TiO2//[1120] AIN, with (101) rutile TiO2//(0001) AIN.

Cross-sectional BF-STEM and HAADF images at the rutile TiO2/AIN interface seen
along [010] rutile TiO2//[1120] AIN after bonding at 950 °C for 1 h are shown in Fig.
5.20(a) and (b), respectively. At this bonding temperature, the rutile TiO; eroded the AIN,
as shown in the inset of Fig. 5.20(a). The orientation relationship between rutile TiO> and
AIN was the same as that after bonding at 750 °C for 1 h (Fig. 5.19). Therefore, rutile
TiOz could chemically attack the AIN layer while maintaining this orientation relationship.

Using three-index notation rather than four-index notation for AIN, it is evident that
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the orientation relationship between rutile and AIN shown in Figs. 5.19 and 5.20 is
equivalent to (011) rutile TiO2//(001) AIN and [100] rutile TiO2//[100] AIN.
Simple mismatch calculations between rutile TiO2 and AIN (hexagonal, P63mc, a = 3.11
A, ¢ = 4.98 A) [34] show that within the parallel planes (011) rutile TiO> and (001)
AIN, the misfit between the parallel vectors [200] rutile TiO, and [300] AIN, defined
with respect to the AIN crystal structure, was —1.5%, while that between the parallel
vectors [011] rutile TiO2 and [120] AIN, defined again with respect to the AIN crystal
structure, was +1.4%. These lattice mismatches are very low and are consistent with the
arrangement of the cations in the HAADF images shown in Figs. 5.19 and 5.20.
Quantitative compositional analysis of the rutile TiO, from bonding for 1 h at 850 °C
and 950 °C is shown in Table 5.2. In the rutile TiO> heated to 950 °C where the AIN was
visibly eroded, the N concentration was 10.7 at%, which is 4.5 at% higher than that in the
rutile TiO; heated to 850 °C where the AIN was not visibly eroded. By comparison, the
Al concentration of the rutile TiO: at both bonding temperatures was about 4-5 at%. The
rutile TiO> remained fully coherent with respect to the AIN bulk structure when it could
attack it chemically, meaning that the growth kinetics of the rutile TiO> into AIN will be

strongly affected by its local interfacial crystallography with AIN.

Table 5.2 Quantitative compositional analysis of rutile TiO, after bonding for 1 h at the
specified temperatures with an initially 0.5-pm-thick Ti film [1], © 2021 by Springer Science
Business Media, reproduced with license.

Temperature Concentration (at%)

(°0) Cu P Sn N Ti O A N

850 09 10 03 04 659 205 48 6.2

950 1.2 1.2 08 08 586 223 44 10.7
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A simple schematic of the Cu/AlIN interfacial structure bonded for 1 h between 650 °C
and 950 °C as a function of bonding temperature and thickness of the initial Ti layer is
shown in Fig. 5.21. The Cu/AIN interfacial structure transformed from the amorphous P—
Ti—O phase to the amorphous Ti—O phase independently of the Ti layer thickness at
750 °C or lower. Above 750 °C, the interfacial reaction phase formed at the Cu/AIN
bonding interface depended on the thickness of the Ti layer, specifically, rutile TiO; for a
0.5-pm-thick Ti film, TiO:N, for a 1-pm-thick Ti film, and TiN for a 5-um-thick Ti foil.
Ti concentrations in the amorphous P-Ti—O phase and the amorphous Ti—O phase as a

function of the initial Ti material in the range of thickness 0.5—5 pm are shown in Fig.5.22.
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Fig. 5.21 Classification of Cu/AIN interfacial structure as a function of temperature and Ti
film/foil thickness [2], © 2022 by Springer Science Business Media, reproduced with license.
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The Ti concentration in the amorphous Ti—O phase increased with increasing Ti layer
thickness, however, within experimental error, the Ti concentration of the highest Ti
concentration of 43.0 at% was observed in the amorphous Ti—O phase at 750 °C when
using a 5-um-thick Ti foil. In addition, the N concentration in the rutile TiO, phase
increased from 6.2 at% to 10.7 at%, as shown in Table 5.2, with increasing heating
temperature amorphous P—Ti—O phase was independent of the initial thickness of the Ti

material. The from 850 °C to 950 °C when using a 0.5-pm-thick Ti film. This implies that
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Fig. 5.22 Dependence of the Ti concentration in the amorphous phase of a Cu/AIN bonding
interface on the initial Ti film/foil thickness after bonding for 1 h at 650 °C and 750 °C.
Within the experimental error for the 0.5-5-pm thickness range shown, the Ti concentration
of the amorphous P-Ti—O phase was independent of the initial thickness of the Ti material,
whereas that of the amorphous Ti—O phase increased with increasing initial thickness of the
Ti material [2], © 2022 by Springer Science Business Media, reproduced with license.
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the difference in Cu/AIN interfacial reaction layer between the initial 0.5- and 1-um-thick
Ti films was caused by the difference in the amount of erosion of the AIN substrate
through the Ti concentration in the amorphous (P—)Ti—O phase. Hence, an increase in the
N concentration at the Cu/AIN interface promoted the formation of TiO,N,, rather than
rutile TiO2, as the crystallization product of the amorphous Ti—O phase. This growth
process of the TiOxN, phase for a 1-pm-thick Ti film was completely different from the
formation process of the TiN phase, which was similar to the process in the Ag—Cu—Ti-
based system. This was a consequence of the melting of the Cu phase in the case of the

5-um-thick Ti foil.

5.3.3 Reliability of the Cu/AIN bonding interface by ultrasonic welding

of Cu terminals

The probability of Cu/AIN interfacial fracture after ultrasonic welding Cu terminals to
Cu/AIN/Cu substrates bonded for 1 h at temperatures between 650 °C and 950 °C is
shown in Fig. 5.23(a). Here, the Cu/AIN interfacial fracture probability gradually
decreased from 43.3% (13 out of 30 samples tested) for bonding at 650 °C to 33.3%
(10/30) for bonding at 750 °C, decreasing further to 0% (0/30) at a bonding temperature
of 850 °C or higher. These data show that the commercial production of reliable Cu/AIN
bonding interfaces for practical use is very likely possible via the Ag-free AMB method
using a Cu—P-based material if the bonding temperature is 850 °C or higher.

Examples of cross-sectional BSE images of the Cu/AIN bonding interface after
ultrasonic welding of the Cu terminal to the Cu/AIN/Cu substrates bonded for 1 h at

650 °C and 850 °C are shown in Fig. 5.23(b) and (c), respectively. In the bond produced
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Fig. 5.23 (a) Effects of heating temperature on the probability of Cu/AIN interfacial fracture
after ultrasonic welding of a Cu terminal to the Cu/AIN/Cu substrate, together with
examples of cross-sectional BSE images of the Cu terminal/Cu/AlN interface after bonding
for 1 h at (b) 650 °C and (c) 850 °C with an initially 0.5-pum-thick Ti film. Cracks in the AIN
substrate and at the Cu/AlIN interface are indicated by arrows in (b) [1], © 2021 by Springer
Science Business Media, reproduced with license.

at 650 °C, cracks formed inside the AIN just below where the Cu terminal was
ultrasonically welded to the Cu layer. Furthermore, delamination of the Cu/AIN interface
occurred near the approaching crack, just below the edge of the Cu terminal. This suggests
that local delamination of the Cu/AIN bonding interface occurred due to the ultrasonic
vibration when the welding of the Cu terminal caused cracks in AIN. By comparison, no
650 °C and 850 °C are shown in Fig. 5.23(b) and (c), respectively. In the bond produced
at 650 °C, cracks formed inside the AIN just below where the Cu terminal was
ultrasonically welded to the Cu layer. Furthermore, delamination of the Cu/AIN interface
occurred near the approaching crack, just below the edge of the Cu terminal. This suggests

that local delamination of the Cu/AIN bonding interface occurred due to the ultrasonic
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Table 5.3 Density comparison in amorphous and crystalline phases of metals and oxides.

Density

Amorphous phase  Crystalline phase Difference

[g/cm?] [g/cm?] [%]

Cu [36] 8.83 8.96 1.5

Al [36] 2.68 2.70 0.7

Au [36] 18.57 19.30 3.8

Ni [36] 8.76 8.90 1.6
Al,0; [37, 40] 2.8-3.2 3.69 13.3-24.1
WO, [38, 41] 5.0-5.6 7.16 21.8-30.2
Ta,0s [39, 42] 7.31-7.68 8.36 8.1-12.6

fracture events, such as the delamination of Cu/AIN bonding interface or the production
of AIN internal cracks, were observed in the AIN substrate bonded at 850 °C. Table 5.3
compares the density of the amorphous and crystalline phases of metals and oxides [36—
42]. It can be seen that the density of the amorphous phase is lower than that of the
crystalline phase, whose difference is larger than in oxides than in metals. Generally,
ceramics such as oxides contain numerous defects. When ceramics are compressed,
cracks caused by defects grow steadily. On the other hand, when the ceramic is pulled,
cracks propagate rapidly under low stress. Thus, the ceramics have high compressive
strength and low tensile strength [43]. These suggest that crystallization of the amorphous
Ti—O phase restrained by Cu and AIN generates compressive stresses in rutile TiO2 and
increases the strength of the Cu/AIN bonding interface. Taken together with the
microstructural observations on the bonding of Cu onto AIN, these observations indicate
that the formation of rutile TiO; at the braze/AIN interface is a key aspect in realizing

reliable Cu/AIN bonds using Ag-free bonding material based on the Cu—P eutectic system
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with Ti as an active metal.

5.3.4 Effect of the bonding material on the ECM resistance between
electrodes

The relationship between the electrical resistance between Cu electrodes and duration
of voltage application on the Ag-free Cu/AIN bonding substrate and Ag-containing
Cu/AIN bonding substrate in the water drop test is shown in Fig. 5.24. The electrical
resistance between Cu electrodes before the test was approximately 10" Q regardless of
the bonding material, but it rapidly decreased to approximately 10° Q after 1 s of voltage
application. In addition, as the duration of voltage application progressed, the electrical
resistance between the Cu electrodes decreased further, reaching 2 x 10* Q after 2—4 s for
the Ag-containing Cu/AIN bonding substrate and after 7 s for the Ag-free Cu/AIN

bonding substrate, respectively. These results suggest that the rate of decrease in the
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Fig. 5.24 Electrical resistance between Cu electrodes versus duration of applied voltage.
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electrical resistance between Cu electrodes of the Ag-free Cu/AIN bonding substrate is
approximately half that of the Ag-containing Cu/AIN bonding substrate. Thus, the ECM
resistance of the Ag-free Cu/AIN bonding substrate was approximately three times higher
than that of the Ag-containing Cu/AIN bonding substrate.

The SE image and elemental distributions between the Cu electrodes of Ag-free
Cu/AIN bonding substrate and Ag-containing Cu/AIN bonding substrate after the water
drop test are shown in Figs. 5.25 and 5.26, respectively. Cu, P, and Sn were distributed
between the Cu electrodes for the Ag-free Cu/AIN bonding substrate as shown in Fig.
5.25(b)—~(d), where no Ni was detected. On the other hand, Cu and Ag were distributed
between the Cu electrodes for the Ag-containing Cu/AIN bonding substrate as shown in
Fig. 5.26(b) and (c). Since the frequency of ECM occurrence for the detected elements is
known to increase in the order of Ag, Cu, and Sn, the difference in the rate of decrease in

electrical resistance between the Cu electrodes for the Ag-free Cu/AIN bonding substrate

Fig. 5.25 (a) SE image of an AIN surface of a Ag-free Cu/AIN bonding substrate after the
water drop test, together with elemental distributions of (b) Cu, (c) P, and (d) Sn obtained
from the yellow dotted area shown in (a).
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Fig. 5.26 (a) SE image of an AIN surface of a Ag-containing Cu/AIN bonding substrate after
the water drop test, together with elemental distributions of (b) Cu and (c) Ag obtained from
the yellow dotted area shown in (a).

and the Ag-containing Cu/AIN bonding substrate was due to the migration of Ag ions.
This demonstrates that the bonding method between Cu and AIN using Ag-free bonding
material is a useful and practical method for manufacturing insulating substrates used in
power modules for high-voltage applications where there is a potential risk of insulation

failure.

5.4 Conclusions

This chapter presented an investigation into the dependence of Cu/AIN interfacial
structures bonded by using a combination of Cu—P—Sn—Ni brazing foil and Ti layers on
the initial Ti layer thickness and bonding temperature, the relative Cu/AIN strength of the
interfaces, and their ECM resistance. These interfacial structures were summarized in Fig.

5.27. The main conclusions were as follows:
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Fig.5.27 Cu/ceramic interfacial structures discussed in this chapter.

1. The Cu/AIN bonding interfacial structure produced by combining Cu—P—-Sn—Ni
brazing foil and a Ti layer resulted in five different phases depending on the initial Ti
layer thickness and the bonding temperature: an amorphous P-Ti—O phase, an
amorphous Ti—O phase, rutile TiO, rock-salt TiO,N,, and TiN, and these are different
from the Cu/AIN bonding interfacial structure when using the Cu—Mg-Ti-based
system.

2. The novel Cu/AIN bonding interfacial structure, in which a titanium oxide phase was
formed by an interfacial reaction with a nitride ceramic, AIN, had the following
orientation relationship:  [010] rutile TiO»/ [1120] AIN, (101) rutile

Ti02//(0001) AIN.
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3. These Ti—O-based phases were suggested to be formed by modification of the
amorphous Al-O phase on the AIN surface.

4. When using Cu—P-based Ag-free bonding materials, a reliable Cu/AIN bonding
interface for practical use was achieved by rutile TiO2> dominating the Cu/AIN bonding
interface at bonding temperatures of 850 °C or higher.

5. The ECM resistance of Ag-free Cu/AIN bonding substrates using Cu—P-based Ag-free
bonding materials was approximately three times higher than that of Ag-containing

Cu/AIN bonding substrates.
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Chapter 6: General conclusions

The potential risk of dielectric breakdown due to Ag-ECM in conventional AIN-AMB
substrates was an issue that needed to be addressed in order to improve the long-term
insulation reliability of power modules used in high-voltage applications. The objective
of this dissertation was to clarify Cu/AIN bonding interfacial structures with high
reliability and high ECM resistance using Ag-free bonding material that can completely
eliminate the influence of Ag-ECM. The results of this dissertation are summarized below,
together with the schematic diagram of the Cu/ceramic bonding interfacial structures
clarified in this dissertation, as shown in Fig. 6.1.

In Chapter 2, the objective was to clarify the growth mechanism of the TiN layer
necessary to form a good Cu/AIN bonding interface in the AMB method. The TiN layer
formed at the Ag—Cu—TiH2/AIN interface during the brazing process at 850 °C was found
to be a complex of TiN particles of <50 nm in size and a grain boundary phase composed
of Al solid solution of Ag and Cu. In addition, the interfacial structure between the TiN
particles and these grain boundary phases was found to be essentially a Cu-containing
segregation layer/Al-containing segregation layer/TiN particles. Furthermore, the TiN
layer structure formed at the M—TiH> (M = Ag or Cu)/AIN interface during the solid-phase
sintering process at 850 °C was equivalent to that formed during the brazing process.
Based on the comparison of these TiN layer structures, a TiN layer growth mechanism
was proposed in which propagation of the localized interfacial reaction into the AIN
interior with the generation of Al-based liquid phase strongly contributes to the TiN layer

formation.
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In Chapter 3, the objective was to clarify the effects of TiN grain formation and metal
components of the grain boundary phase on the formation of metal/TiN grain bonding
interfaces and the general structure of metal/ceramic bonding interfaces. At a bonding
temperature of 850 °C, the Ag—Cu brazing interfacial structure between Cu and TiN
liquid-phase sintered ceramic, where Fe was the main grain boundary component, was
found to be a Cu-containing segregation layer/Fe- and Ni-containing segregation
layer/TiN grain interfacial structure. The outermost surface of the TiN grains, which
formed Fe- and Ni-containing segregation layer, was modified into Ti.Fei.xN by the
interfacial reaction between the TiN grains and the Fe-containing liquid phase. In addition,
the Ag—Cu brazing interfacial structure between Cu and WC—Co cemented carbide at
850 °C was found to be a Cu-containing segregation layer/Co-containing segregation
layer/hexagonal WC grain interfacial structure. The outermost surface of the hexagonal
WC grains, which were Co-containing segregation layer, was modified into tetragonal
WC by the interfacial reaction between the hexagonal WC grains and the Co-containing
liquid phase. The commonality of these interfacial structures revealed that the general
bonding interfacial structure between Cu and ceramics, which requires an interfacial
reaction, is a Cu-containing segregation layer/modified layer on the ceramic
surface/ceramic. In this interfacial structure, Ag is not an essential component.

In Chapter 4, the objective was to clarify a Cu/AIN bonding interfacial structure using
Ag-free bonding materials. The Cu/AIN bonding interfacial structure bonded between
800 °C and 950 °C using Mg—Ti(—Fe) co-deposited films was found to be an interfacial
structure where Cu was bonded to AIN via a TiN layer composed of TiN particles and a
Cu-containing grain boundary phase, similar to typical AMB substrates fabricated using

Ag—Cu-Ti-based bonding materials. Fracture of the Cu/AIN bonding interface by the
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SAICAS test was found to occur at the TiN layer/AIN interface. The peel strength of the
Fe-free Cu/AIN bonding interface increased exponentially between 800 °C and 950 °C,
but was independent of the amount of Ti between 0.14 mg/cm? and 0.45 mg/cm?. The
bond strength at the TiN/AIN interface was found to increase with growth of the MgO
phase at the TiN/AIN interface, where the amorphous Al-O phase on the AIN surface was
modified. On the other hand, the peel strength of the Fe-containing Cu/AIN interface
increase below 850 °C: for Fe amounts between 0.24 mg/cm? and 0.79 mg/cm?, the peel
strength above 900 °C was equivalent to that of the Fe-free Cu/AIN interface, which was
added based on the results in Chapter 3. This demonstrated that the Fe—-Mg—O phase-
dominant TiN layer/AIN interfacial structure formed by the modification of the
amorphous Al-O phase transitions to the MgO-dominant TiN layer/AIN interfacial
structure with increasing bonding temperature.

In Chapter 5, the objective was to clarify the effect of Ag-free bonding material
components on the Cu/AIN bonding interface. The Cu/AIN bonding interfacial structures
bonded between 650 °C and 950 °C using Cu—P—Sn—Ni brazing foils and Ti layers were
found to develop five interfacial reaction layers: amorphous P-Ti—O phase, amorphous
Ti—O phase, rutile TiO, rock-salt TiO,N,, TiN, depending on the bonding temperature
and initial Ti layer thickness. Of these phases, Ti—O-based phases were found to be
formed by modification of the amorphous AI-O phase on the AIN surface. In particular,
when using an initial Ti layer thickness of 0.5 pum, fracture at the Cu/AIN bonding
interface was sufficiently suppressed at bonding temperatures of 850°C or higher, where
rutile TiO2 growing from the amorphous (P—)Ti—O phase was dominant. It was concluded
that crystallization of the amorphous Ti—O phase contributed to realizing a Cu/AIN

bonding interface that had small lattice mismatch with AIN, which in turn improved the
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strength of the Cu/AIN bonding interface. In addition, the ECM resistance of the Ag-free
Cu/AIN bonding substrate was approximately three times higher than that of the Ag-
containing Cu/AIN bonded substrate, indicating that the development of Cu/AIN bonding
technology using Ag-free bonding material can improve the long-term reliability of
insulation for power modules using in high-voltage environments.

Based on the discussion in Chapters 2 through 5, guidelines for designing bonding
materials capable of suppressing ECM are summarized. First, the ECM resistance of the
components of the bonding material must be equal to or greater than that of the metal
components constituting the circuit layer. Second, when bonding flat plates such as circuit
layer metal plates and ceramic substrates, it is necessary to physically fill the gap between
the plates. Therefore, it is suitable to form a liquid phase by melting this highly ECM-
resistant bonding material itself or by eutectic formation by interdiffusion between the
circuit layer and this bonding material during the bonding process. In particular, when
using eutectic systems, it is practical to use a eutectic composition in which the main
component of the circuit layer is dominant, which can suppress the amount of liquid phase,
since IMC derived from excess liquid phase contributes to ceramic fracture. Third, since
thermal stress derived from the difference in expansion coefficients between metal and
ceramic promotes ceramic fracture, the upper temperature limit of the melting range of
the bonding material should be equal to or lower than that of the Ag—Cu eutectic-based
brazing material already in practical use. Finally, the bonding material should contain
elements that can form modified layer(s) with respect to the main phase of the ceramic
substrate or the surface natural oxide film present on the main phase by interfacial
reactions during bonding. Here it is considered desirable that the free energy of the

reaction system is reduced by the formation of the modified layer, but further
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experimental and computational approaches are needed as future work to determine the
design guidelines for the formation of the modified layer.

For Cu/AIN bonding interfacial structures that have high reliability and high ECM
resistance using Ag-free bonding materials suitable for high-voltage applications, Cu/AIN
bonding interfacial structures are proposed that use two types of Ag-free bonding
material: a Cu—Mg-Ti-based system and a Cu—P—Sn—Ti-based system, which can achieve
long-term insulation reliability for power modules in high-voltage environments. Since
the thermal energy applied to the Cu/AIN bonding interfacial structure in the thermal
cycling test between -40 °C and 200 °C at high temperatures, which is a typical durability
test of insulating substrates for power modules, is very small compared to that in the
bonding process, the macro-scale structures such as TiN layers and IMCs that compose
the proposed Cu/AIN bonding interfacial structures show no change before and after the
thermal cycling test. While these macroscale structures are thermodynamically stable in
this temperature range, it is necessary to evaluate the stability of the Cu/AIN bonding
interfacial structures at the nano- and atomic-scale in the future. In addition, guidelines
for designing highly ECM-resistant bonding materials based on these Cu/AIN bonding
interfacial structures are proposed. Since no principles have been found that can
consistently explain all the structures and elements in the modified layer formed at the
Cu/AIN bonding interface, it is necessary in the future to refine the design guidelines for
the modified layer from both structural analysis based on detailed observation of the
Cu/AIN bonding interface structure and analysis of adhesion energies based on DFT
calculations. It is hoped that the knowledge presented in this dissertation on the Cu/AIN
bonding interfacial structure using Ag-free bonding materials and guidelines for

designing highly ECM-resistant bonding materials will, through further evaluation,
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provide useful guidelines for the development of new Cu/ceramic bonding technology

based on ceramic surface modification in the future.

AMB-based method using Ag-free bonding material

Ch. 4: Cu-Mg-Ti(-Fe) system

Ch. 3: Role of Ag-Cu brazed ceramics

Generalization

Ch. 5: Cu-P-Sn-Ni-Ti system

(Ag-Cu-based brazing)

Generalization

(Ag-free brazing)

Commonality

Fig.6.1 Schematic diagram of the Cu/ceramic bonding interfacial structures clarified in this

dissertation.
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